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A. M. Gaudin 


In the first place, I should like to thank the Pro- 
gram Committee for asking me to give this, The 
Third Extractive Metallurgy Address of the Metal- 
lurgical Society of the AIME. In so doing, the Com- 
mittee has conferred on me a distinguished honor. 
I hope my remarks even though speculative, will be 
deemed useful enough in our everyday affairs to 
justify the Committee in its selection of a lecturer. 
I have chosen to discuss the manifold problems 
in separation engineering that would be encountered 
by men when they land and work on the moon. This 
choice has had several objectives. First of all, of 
course, the moon is there. Man has always hada 
weak spot for the Queen of the Night. The moon in 
its travels across the heavens is not only a marvel- 


ous object of time reference, but also a beautiful and 


intriguing sight, as even a low-power binocular will 
show. 


Then there is the issue of actuality. With sputniks, 


guided missiles, luniks, explorers, and so forth, in 
the large and growing number of space travelers, 
there is the promise that sooner or later, man will 


join the mice, the monkeys and the dogs in so-called 


outer space. And once man has ridden an artificial 


Fig. 1—Moon rising over Death Valley. 
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satellite, he will feel free of his earthbound chains 
and will want to explore space. Thus a great age of 
exploration will begin. Man will again feel young 
and dashing, just as he did in the great age of travel 
and discovery made possible by da Gama, Colum- 
bus and Magellan. In fact the age of exploration, on 
the threshold of which we stand, will dwarf the for- 
mer great age of travel and infuse man with the 
loftiest ideals in his search for Truth. 

Finally, there is the objective of better under- 
standing our problems of everyday metallurgy, and 
the relationship and interdependence of the various 
operations and techniques by which we accomplish 
our ends. For these operations and techniques I am 
using the words ‘‘Separation Engineering,’’ since 
we are all using separating steps, and that we do 
this in a concerted, intelligent engineering fashion. 

Separation requires movement. Movement de- 
mands time. So we come to the view that all sepa- 


Fig. 2—Crescent moon seen through Lick 36 in. reflector. 
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Fig. 3—Near-full moon seen through Lick 36-in. reflector. Fig. 4—Half moon seen through Lick 36-in. reflector. 


rations are kinetic processes that aim rapidly or all sticks will come to the top. Then, removal of 
slowly toward some equilibrium condition. Suppose the top layer on the one hand and the bottom layer 
for example we place in a body of water a mixture on the other will separate sticks plus water from 
of stones and sticks. We know that if we wait long stones plus water. We get the sticks by allowing 
enough all stones will gravitate to the bottom and water to drain, then by evaporating the remaining 


Fig. 5—Twenty-four-day old moon seen through 100-in. re- ; 
flector. Fig. 6—Portion of moon seen through 100-in. reflector. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME VOLUME 221, APRIL 1961-211 


Fig. 7—Bulladius portion of moon (Yerkes observatory, 
about 1900). 


water, all of which are separating steps. We know, 
instinctively, that draining water from stones or 


reflector. 


sticks is a kinetic process, one that approaches its 
termination or equilibrium condition more and more 
slowly. And we know that evaporation partakes of 
the same properties. 

Separation operations are of special interest for 
mineral engineers and extractive metallurgists, but 
they are not found in those fields only. The farmer 
who reaps his wheat, or harvests his cotton, or 
peas; the food technician; the biochemist; the petro- 
leum engineer, all use techniques familiar to min- 
eral engineers and extractive metallurgists. In fact, 
all phases of processing of materials, be they solid, 
liquid or gaseous, use separation steps; often they 
dominate the entire technology. 

To evaluate what separation engineering on the 
moon would be like it is necessary to marshal in- 
formation about the moon, on the one hand, and to 
examine the premises of Separation Engineering, on 
the other. So, let us assume that we are to take off 
in a rocket device for the moon. I have assembled a 
set of illustrations of the moon, Figs. 1 to 9, for 
which I am indebted to Charles A, Federer, Jr., 
Editor, Sky and Telescope, Harvard College Ob- 
servatory, Cambridge, Mass. These illustrations 
Fig. 9—Partial eclipse of sun, Septemper 20, 1960, Don E. show that the moon’s surface differs from spot to 
Lazenby, N. Hollywood, California. spot, ranging from very rough to apparently very 
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smooth. Many of the lunar features appear to be 
volcanic and to have a surprising freshness of de- 
tail. If only we could get away from the disturbing 
effects of the Earth’s atmosphere it seems certain 
that we should detect lunar objects of the size of a 
house, or smaller. As matters stand now, with ex- 
isting telescopes we can make out details of the 
order of magnitude of 1000 ft. 

Those who are interested in the moon as a celes- 
tial body will want to go to some museun, for ex- 
ample to the Boston Museum of Science, to see the 
lunar displays. Through the courtesy of Mr. 
Bradford Washburn, Director of the Boston Museum 
of Science, and of Mr. John Patterson, in charge of 
the Hayden Planeterium, I was familiarized with 
their magnificent displays, including the giant mural, 
‘‘A panorama of the moon,’’ by Chesley Bonestell, 
Fig. 10. The rather precipitous cliffs shown by Mr. 
Bonestell have been in controversy, but his illustra- 
tion is carefully based on current scientific knowl- 
edge: no detail finer than can be seen telescopically 
is included. For example, there is no indication 


whether the lunar surface is covered with dust or not. 


LUNAR GRAVITATION 


As I said earlier, separation requires movement, 
therefore energy. The energy is supplied by a force 
applied to the materials being separated, and acting 
differently on the various constituent particles. 
There are several kinds of force available, gravita- 
tional, magnetic, electric. All these forces can be 
viewed as originating from a source, and of falling 
off inversely as the square of the distance away 
from the source. In the case of gravitation the force 
appears constant at all points, but this is only be- 
cause the distance from the surface of the earth to 
which man has been able to rise is relatively trifling. 

When considering the behavior of materials on the 
moon, it is pertinent to note that the moon is moving 
at such a speed around the earth that a centrifugal 
force is set up, which exactly counterbalances the 
earth’s gravitational attraction, so that because an 
observer on the moon moves with regard to the 
earth, the earth’s net gravitational attraction there 
is nullified. But, on the moon, objects are subject 
to attraction to the moon whose gravitational con- 
Stant g\,, is about one-sixth the corresponding grav- 
itational constant on earth, gz. Thus, objects on the 
moon weigh only one-sixth of what they weigh here. 
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Fig. 10—A panorama on the moon, mural by Chesley Bonestell, Boston Museum of Science. 


Electric and magnetic force decay with the square 

of the distance from their source. Their magnitude 
on the moon, for a given strength of source, has 
therefore the same pattern of decay with distance 
as it would on earth. Since electric and magnetic 
forces do occur regardless of the surrounding grav- 
itational field, those forces will appear relatively 
much stronger on the moon, in the ratio 2¢/gy. 
Further, greater electric forces will readily be 
attainable on the moon’s surface because of the pre- 
vailing extremely dry environment. 

The daily press has made many references to 
weightlessness in space. Certainly, on the moon, 
bodies are not weightless, even though they weigh 
less than here. As a space ship takes off from zero 
velocity it is accelerating. This acceleration gives 
the effect of centripetal force which adds itself to 
the force of gravity, so that so long as the space 
ship is accelerating, the force is increased from 
that at the surface of the earth. Then the factor of 
distance comes in, and the space ship is decelerating, 
with the result that the force decreases below the 
force of gravity, becoming nil at some point between 
earth and moon, then increasing again, along with 
velocity, until the ship is forcibly slowed down for 
a landing on the moon. Thus a trip to the moon would 
put the traveler through many a gravitational ex- 
perience. 

It is only in an orbit around the earth (or around 
the moon for that matter) that weightlessness for 
an extended period would occur. Even there, the 
attraction exerted by the satellite itself would pro- 
vide a very minute value for g. For the purpose of 
metallurgy on the moon we can exclude weightless- 
ness, but recall that bodies will weigh much less 
than here. 


LUNAR WATER AND ATMOSPHERE 


Although the moon’s surface differs from that of 
the earth in regard to gravitation, it differs from it 
in other respects that are more significant from the 
standpoint of the separation engineer. 

The illustrations of the moon, for example Fig. 3, 
show vast areas called seas, or using the Latin name, 
maria. Thus we have the Mare Serenitatis, Mare 
Imbrium, Mare Humorum. These are the dark 
smooth parts of the moon as seen even to the naked 
eye, but better through a telescope. It was thought 
at one time that these areas represented oceans. 
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We know today that liquid water does not exist on the 
moon. The maria more likely, represent congealed 
lava, possibly covered by a thin layer of dust. 

That there can be no liquid water on the moon is 
also deduced from its essential lack of an atmos- 
phere. I have consulted lunar books published dur- 
ing the course of the past century and have noted 
with care the references to the moon’s atmosphere. 
From the beginning this has been acknowledged to 
be more tenuous than the earth’s atmosphere, but 


its extreme tenuousness is only now being recognized. 


For example, Patrick Moore in 1953’ says that the 
atmosphere of the moon is less than one-ten-thou- 
sandth that of the earth. 


Evidence for the tenuousness of the moon’s at- 
mosphere has come from many sources. First, of 
course, we can recall the extreme sharpness of 
lunar detail visible on a clear night across the en- 
tire disk. This argues for a complete lack of clouds, 
therefore of atmospheric water near the condensa- 
tion temperature. It also is crude evidence of the 
lack of dust storms which need air as an energy- 
transfer agent. Good optical evidence of absence of 
an atmosphere exceeding 10~° atm was obtained by 
Lyot and Dollfus* who made use of the coronagraph 
at the Pic du Midi observatory in the French Pyre- 
nees. The method established the absence of an 
atmospheric halo at the boundary of the bright and 
the dark of the moon. This ought to have been seen, 
at the prevailing optical magnification, if the moon’s 
atmosphere had exceeded 107° atm. A few years 
later Dollfus*® refined the method, using the polar- 
ized part of the light only, and the moon’s atmos- 
phere dropped one order of magnitude, viz. below 
atm. 

Another line of evidence is provided by Firsoff* 
and by Brandt,° who both start from the equation for 
the gravitation of gas molecules to the surface of 
the moon, and on the basis of various assumptions 
come to the conclusion that the moon’s atmosphere 
cannot be as thick as Dollfus’ limit of one-billionth 
of an earthly atmosphere. Firsoff estimates that 
the moon’s atmosphere is of the order of 107** atm 
and Brandt will go to about 107° atm. Both Firsoff 
and Brandt use a model of interplanetary space, 
near earth, containing on the order of 10° protons 
and electrons per cm*. Firsoff further assumes that 
the moon’s atmosphere is only 1000 km. thick. 

A still more intriguing way of evaluating the den- 
sity of the moon’s atmosphere, due to Ellsmore® 
and his associates, uses observations made at Cam- 
bridge, England, January 24, 1956 on the occultation 
of the radionebula, the crab nebula, by the moon. 
The calculated time of occultation, 59.21 min, was 
0.4 + 0.26 min less than the observed time. This 
effect is assumed to be due to refraction of the radio 
waves in the moon’s atmosphere, because of the 
latter’s ionized state, which is assumed. Ellsmore 
concludes that the moon’s atmosphere cannot exceed 
atm. 

Taking this evidence in aggregate we may consider 
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that metallurgical processing on the moon’s surface, 
unless in a closed container, would have to be done 
in a vacuum some thousands of times better than 
the best vacuum available here. 


COMPOSITION OF LUNAR ATMOSPHERE 


We may also enquire into the nature of the gases 
that make this very tenuous lunar atmosphere. 
These gases could have originated from condensa- 
tion to the lunar mass of the particles that form the 
‘‘solar wind,’’ or else they could have arisen from 
volcanic activity or radioactive change within the 
moon. 

The solar wind, consisting largely of ionized hy- 
drogen, of mass 1 or 2, and of electrons of mass 
1/1800, would hardly be expected to condense on the 
moon’s surface which cannot hold oxygen of mass 
32. This can be seen from Jeans’ equation’ relating 
the densities of the atmosphere at various distances. 
The Jeans equation is 


p, = RT mg a 2) 


in which the P’s represent the densities at positions 
0 and z, a is the radius of the planet, R the gas con- 
stant, T the temperature, m the mass of a molecule 
of gas and g the gravitational acceleration. For 
given values of all quantities except m, this equation 
can be put in the form 


-A)m 
(e"*) 


which shows the enormous effect of a change in the 
value of m. 

Radioactivity produces argon (m= 40), also krypton 
(m= 83) and xenon (m = 131). These molecules, even 
though monatomic would be held in larger proportion 
than oxygen, as would carbon dioxide (m = 44) and 
sulfur dioxide (m = 64). 

We are thus led to conclude that the bulk of the 
moon’s gases are the noble gases, together with 
certain volcanic emanations, to the exclusion of 
water vapor, oxygen and nitrogen. If we take a total 
atmosphere pressure of 107** atm, we may assume 
the oxygen pressure as 107'° atm, and the carbon 
dioxide as 10°'* atm. These numbers, however, are 
all so small and still so uncertain that too much 
value should not be placed on them. 


LUNAR SURFACE TEMPERATURE 


And what of the temperature at the moon’s sur- 
face? We know very well that the earth’s atmos- 
phere is a thermal blanket to which the clouds add 
a great deal. On the moon, with practically no at- 
mosphere, the surface, in the dark of the moon, 
must be tending toward absolute zero in tempera- 
ture, and it must get to that level rapidly after the 
end of each 27-day long lunar day. On the sunlit 
side the moon receives from the sun not only its 
light and heat as we do, but also a stream of protons 
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and electrons from the solar wind. If there are 10° 
pairs per cc and if they move away from the sun at 
a speed of 10° km per sec, this means that the 
moon’s surface is heated by the impact of some 10” 
protons per second per cm*. Measurements of the 
temperature of the moon’s surface show it to range 
from about -175°C on the dark side to above 100°C 
on the bright side (see Fig. 11). Of course, the dark 
of the moon is lighted by the earth, which because 

of its larger diameter and at least partial cover 
with a highly reflecting cloud cover, must appear 
vastly brighter from the moon than the moon does 

to us. This may be one reason why the moon’s tem- 
perature on its dark side does not drop below the 
liquid-air range. 

We now have some of the data we need to estimate 
the metallurgical problems. The moon has a gravi- 
tational field about one-sixth that of the earth, the 
normal operating condition would be in vacuo, and 
there is available neither oxygen nor water, the 
vapor pressure of these gases in the tenuous lunar 
atmosphere being rather less than more than 107*°, 

Our difficulties, however, transcend even these 
stumbling blocks. On earth we have a variety of 
fuels at our disposal; woods, coals, coke, oil, nat- 
ural and artificial gases, electricity. In the last 
analysis all these sources of energy have had their 
origin in the organic life which the sun caused to 
grow. And on the moon, because of the lack of water 
and air, Life as we know it cannot exist, and proba- 
bly has never existed. The moon must thus be bereft 
not only of oxygen but also of fuels. All rocks must 
have had a plutonic or volcanic or planetesimal 
origin. There are no limestones, no sandstones, no 
shales nor clays on the moon, And, of course, no 
coal, no oil, no natural gas. Since there are also no 
waterfalls, no winds, no water currents, all the 
customary, and many of the unusual ways of making 
electricity are barred, too. 


Fuels are used in metallurgical operations for 
two distinct purposes, one being as a source of heat, 
and the second as reducing agents. The source-of - 
heat function provided by fossil fuels can be replaced 
by solar heat with mirrors for the concentration of 
solar radiation. In experiments made recently in 
the Pyrenees, temperatures of the order of 2000°C 
have been attained. But there is no substitute for 
the reducing action of fossil fuels, unless other re- 
ducing agents are available. Among these would be 
igneous or volcanic graphite and volcanic sulfur. 
But the existence of such reduced compounds is now 
entirely problematical. Another source of reducing 
agents might be sought in components of hydrogen 
in the solar wind. The flux of 10”* protons per sec- 
ond, per cm’, together with 10°’ electrons, would 
have to be captured. Ten raised to the eleventh 
power, per second, sounds like a lot, but it is only 
10°° mole per cm? per day. Even an acre of moon 
surface per day would not give one mole of hydrogen 
atoms—1 g—at 100 pct efficiency! Unfortunate as it 
is, we probably would find it necessary to transport 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


° 
8 T T T 
| 
“ 
«% 
2 sf ‘ 
ra 
a 
w 
a 
20 
woL 
FO 
ae 
| 
ge 
o 
< 
LUNAR NIGHT ' 


0.0 0.50 1.0 
PHASE OF LUNAR Day 


Fig. 11—Temperature on the moon. 


from earth our reducing agents rather than try to 
make them on the moon! Accordingly, we would se- 
lect the most concentrated reducing agent, probably 
hydrogen, a hydrocarbon, borocarbon, or lithium. 

Dinsmore Alter, the distinguished astronomer, 
foresees’ no problems in making electricity on the 
moon, using the sun’s heat to boil water as primary 
source. But the capital requirements would weigh 
a lot! 


SEPARATION ENGINEERING 


Separation engineering assumes many forms. It 
may be applied to separating solids from liquids or 
gases, or from each other. Or it may be ap- 
plied to separating components of a single phase 
from components of the same phase, for example 
Fe from O in magnetite, or oxygen from nitrogen 
in air. Where separation is of a polyphase material 
into its component phases, no chemical or phase 
change is required. On the other hand, where the 
separation required is intraphase, a chemical change 
or at least a phase change must first be produced. 

Separation engineering without phase change has 
much to recommend it. First, of course, is the lack 
of reactants, therefore relatively great economy. 
Then, the number of units requiring processing is 
much smaller. Thus, in the concentration of iron 
ore, even at the 70u size range familiar to taconite 
processors, some 1,000,000 particles per gram 
have to be handled, whereas smelting the same 
quantity of the same material requires the phase 
transformation, rearrangement and sorting of 10” 
atoms, or 10’” times as many! 

Actually, this advantage of numbers carries into 
the field of mineral engineering where it is obviously 
advantageous to treat material as coarse as possible. 
If instead of 70u the taconite could be treated at the 
size of 7 mm, only one particle per gram would be 
required to give the same quantity of product. 

But separation engineering with phase change has 
much to recommend it, too. First, it can do things 
that are impossible without phase change. In the 
second place, by suitable control of the place of ap- 

plication of the phase change, as in leaching, it can 
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produce more complete separation of the substance 
sought without inordinately increasing the cost. 

Separation without phase change is usually carried 
out under prevailing conditions, that is at atmos- 
pheric pressure, with access of atmosphere, and 
either in or out of water. Clearly, such processes 
would be greatly different under lunar conditions. 

Separation with phase change is usually carried 
out at atmospheric pressure, but under exotic con- 
ditions, preset by the desired reactions. Thus a 
steel- making blast furnace operates at a slightly 
increased pressure in an atmosphere consisting 
primarily of nitrogen, carbon monoxide, and carbon 
dioxide, with minor quantities of steam and hydro- 
gen. And the temperature, as we know, is very dif- 
ferent from its environment. 

Leaching also must be carried out generally at 
atmospheric pressure, but under exotic conditions 
preset by the desired reaction. This is the case in 
the leaching for gold with cyanide. Clearly, these 
processes could be applied on the moon with rela- 
tively little change—although, alternatively, more 
advantageous processes could be devised—provided 
the problems of energy, reductant, and chemicals 
can be solved. 


MINERAL DRESSING PROCESSES 


Let us now explore briefly the effect of lunar con- 
ditions on mineral dressing operations. Crushing 
and grinding should not be seriously different from 
earthly activities. The shattering of materials 
should drive the fragments farther afield, this since 
the force of gravity is relatively six times weaker. 
There should be no dust clouds, but in other respects 
the operation should be standard. Screening would 
certainly look different in that the fines should go 
readily through the screens and fall like coarse 
pieces, without dusting. On the other hand, electro- 
static effects might become noticeable to trouble- 
some, depending upon the material, the insulation of 


the system and the size at which a split is being made. 


All the processes that depend in some way on the 
resistance of an enveloping fluid to propulsion of a 
solid immersed in it, such as classification, thick- 
ening, jigging, tabling, heavy media separation are 
all ‘‘out of the window,’’ so to speak. All processes 
occurring in a liquid environment such as flotation, 
leaching, amalgamation are likewise not usable, 
unless we are to operate in an enclosure, under 
pressure. 

If we operate under pressure any of these earthly— 
if not earthy—processes are of course usable on the 
moon, with minor variations. Since the acceleration 
of gravity is only one-sixth that on earth, all settling 
procedures will be slower; jigs and tables will demand 
slower cycling, and heavy-media separation will be 
slower. But except for the six-fold slowing down, 
the behavior of materials under gravity separation 
should be unchanged. ; 

In the event that we use precious water on the 
moon, we will want to recover it, entirely if possible. 
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Since water does not occur on the moon, nor oxygen, 
we would either have to make it from the rare hy- 
drogen and oxides (or silicates), or import it from 
earth. The label ‘‘imported article’’ could certainly 
be attached to water on the moon, to assert its value! 
This is why the recovery of the water in a process 
using it would have to be complete. This not only 
means thickening followed by filtration but also 
thorough distillation and complete condensation of 
the vapor. 

Pneumatic gravity concentration would be more 
likely than water gravity concentration, this since 
the quantity of air required would weigh much less 
than the corresponding quantity of water. The 
pneumatic capital required could more readily be 
transported to the moon in the giant rockets of the 
Lunar Express. In fact, pneumatic gravity concen- 
tration would perhaps be more successful, especially 
on fine particles, if the air were at a reduced pres- 
sure, say 1/10 to 1/1000 of 1 atm. There is room 
there for the development of new processes. 

Heavy-liquid separative processes, which are so 
inviting in the laboratory, are not now used on earth 
because of the relatively high cost of the parting 
liquid. But on the moon, all liquids will cost about 
the same, a small fortune per pound. Choice be- 
tween various separative liquids, including water, 
would therefore be made on the basis of the recov- 
ery of the liquid that could be had. Certainly tetra- 
bromethane, methylene iodide, carbon tetrachloride, 
carbon disulfide, and liquid sulfur should all be con- 
sidered not only as parting liquids to separate par- 
ticles denser than the liquid from those lighter than 
the liquid, but also as liquid media in which gravity 
separations such as jigging and talbing are carried 
out. This is another broad area for new lunar con- 
centration processes. 

If the use of a large quantity of water would not 
be a bar, flotation should certainly be operable on 
the moon; coarser particles should be levitable, in 
proportion to the reduction in the acceleration of 
gravity. Thus we should be able to float galena par- 
ticles 5 mm in size (instead of 20 mesh) and coal 
pieces 3/4 in. in size. 

Leaching in an enclosed atmosphere should show 
no change from leaching on earth except for the 
minor changes in thickening and filtration due to the 
change in g. 

Certainly, on the moon, there would be wide use 
of electrical and magnetic separation, in part, at 
least, because of the relative reduction in gravita- 
tional force. Electrical charging of particles should 
permit of their size-separation, as was pointed out 
in an M.I.T. Seminar some years ago by Dr. George 
Parks, now Professor at Leland Stanford University. 
Thus, a new principle in separation engineering 
would come from the moon. This type of size sepa- 
ration would result because the charge that may be 
acquired by a particle is proportional to its surface 
area, or x*, whereas its mass is proportional to its 
volume, or tox*. Also, because of the reduced g, 
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electrostatic and magnetic separation would be 
equally satisfactory at a size coarser in the ratio 


= 6. 


PYROMETALLURGY 


Calcining— Although it is unlikely that the moon 
has limestones, crystalline carbonates are a pos- 
sibility, and from them quicklime can be produced. 
The question might wel! be asked: to what tempera- 
ture should the calcite be calcined? 

For solving this little problem we may use the 
data of Physical Chemistry, for example the data 
relating the COz2 pressure over calcite to tempera- 
ture. In the International Critical Tables, the data 
are given in the form of the equation, 


_ 11355 
log P= 


- 5.388 log T + 26.238 

in which P is the pressure of CO2 in atmospheres, 
and T is the absolute temperature. For P = 107** 
we find T about 170°C. Thus we conclude that cal- 
cite is barely stable on the moon! Raising the tem- 
perature to well below red heat should dissociate 
the calcite and make quicklime. But the reaction 
might be disappointly slow! 

The analogous case of calcining gypsum to make 
Plaster of Paris is also of interest. Here the equa- 
tion is: 

CaSO, :2H20 CaSO, 1/2 H20 + 3/2 H2O 


The Critical Tables give: 


log P = log P,, + 1.493 - bal 
where P is the pressure of H2O vapor over the cal- 
cining gypsum, P,, is the vapor pressure of water, 
both at the absolute temperature T. 

Thus at 100°C, log P,, = 0, 


567.7 
373.1 


In other words, P is approximately equal to P,,. 
Where it exceeds it (as at 102°C), gypsum becomes 
unstable, under earthly conditions. 

Combining the equation above with the equation 
for the water-vapor pressure of ice, 


log P = 1.493 - = 1,493 - 1.52 = - 0.03 


logio P=- oeipoeee + 8.2312 logio T — 0.01677006 T 
+ 1.20514 x107° T? - 6.759169 (expressed in mm 


of Hg) 


allows us to obtain the temperature at which gypsum 
becomes unstable on the moon. Calculation shows 
this to be approximately -130°C. In fact under lunar 
conditions, even plaster of Paris would be unstable, 
anhydrite being the stable phase. 

These two examples show that dissociation reac- 
tions that form a volatile constituent must occur 
under free lunar conditions at much lower tempera- 
tures than on earth. The reduction in temperature, 
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however, might not reach that indicated by equilib- 
rium conditions if reasonably rapid kinetic condi- 
tions are sought. 

Reduction of Oxides— Although there is no real 
atmosphere on the moon, the partial pressure of 
oxygen is still not nil, an estimate of PO, of about 
107'® atm having been made. Under such oxygen- 
pressure conditions some of the oxides are not 
stable in the higher state of oxidation; yet, as pointed 
out by Garrels,® hematite, Fe2Os, and tenorite, CuO, 
at room temperature are the stable phases up to 
PO2= 10°“ and 10° *, respectively. In contrast to 
the conditions for iron and copper, the oxygen de- 
composition pressure for MnO; is about 10~**, and 
that for PbO, and minium, Pb,O,, both exceed 10~™. 

Reduction of oxides to metal will be required on 
the moon as here. For making steel, we use carbon 
monoxide as reductant, 


Fe203 +3CO-2 Fe+ 3CO2 


coupling this reaction with an oxidation of carbon 
by CO2 


COz2+C 


The atmosphere of the blast furnace contains pri- 
marily a mixture of CO and COz represented by the 
favorable balance of these equations. Steel making 
on the moon would be very similar to steel making 
here, since both represent operations alien to the 
normal environment, carried out with a special 
atmosphere. Furnaces would have to be tightened 
up in design, to better conserve fuel and reagents, 
and a little more time would be required for the 
sorting of the phases, because of lower g. 

Smelting problems in the treatment of metals oc- 
curring as sulfides would involve similar problems. 
Vacuum Refining— Almost the only place where 

operations on the moon would offer an advantage 
compared to terrestrial conditions is in the case of 
the refining of nonvolatile metals for which vacuum 
removal of impurities is mandatory. On the moon, 
solar heating of the melted metal, with appropriate 
stirring should be sufficient to provide a quality 
product. 


SUMMARY 


This brief excursion in the realm of fantasy, as I 
said earlier, has had several objectives, the most 
practical of which may be summed up by the admoni- 
tion to ‘‘count your blessings.’’ We are fortunate, 
indeed, to be living on a planet that has water and 
air, for without these fluids, problems, even in the 
inanimate world of metals, become enormously more 
difficult. The blessings of air and water, in the 
range of concentrations that we know, have led to 
Life, and that, in turn has given us the fuels which 
we waste with such zest! Perhaps it is not too late 
to turn some of our efforts in the direction of hus- 
banding the use of this capital for our great grand- 
children, and to put the intervening time to good 
use in developing alternative ways of getting energy. 
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Fig. 12— Photograph of backside of moon (Lunik, October 
1959), 


In so far as dreaming of carrying out metallurgical 
separations on the moon, I hope that this group has 
shared in an interesting experience from which it 
is glad to be back. 

To conclude, I should like to turn to slides once 
more and to show you a photograph of the other side 
of the moon. This photograph, Fig. 12 which was 
taken by Lunik III, was developed automatically in 
the translunar rocket, televised to Earth and re- 
leased in Moscow in 1959. 
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Motion Picture Studies of Columbium Oxidation 


Visual observation of the oxidation of columbium shows that 
the protective behavior noted previously in gravimetric work in 
the early stages of the reaction below 600°C and throughout the 
reaction at 640°C is associated with an adherent oxide. The fact 
that the oxide is seen to move outward from the metal at tempera- 


tures from 550° to 935°C implies that the reaction takes place at 
the oxide-metal interface throughout this temperature vange. 


Tue work described in this paper further clarifies 
the complex oxidation kinetics of Cb revealed, for 
example, by the continuous gravimetric studies of 

T. L. Kolski.’ Time-lapse motion picture studies 
reveal details of the reaction not provided by a study 
of the combustion products. 


EXPERIMENTAL PROCEDURE 


Cb specimens were prepared from material with 
the following typical analysis: 0, 0.03 pct; N, 0.002 
pet; C,0.006 pct; Ta, 0.04 pct; Fe, 0.01 pct; Ni <0.003 
pet; and Cr <0.003 pct. Arc-cast ingots were swaged 
and cold rolled into slabs. These slabs were ma- 
chined into blocks 7/16 by 7/16 by 7/16 in; 1/16-in. 
holes were drilled through the large face of the 
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blocks for suspension. The samples were then de- 
greased and annealed 1 hr at 1200°C in vacuum. 

The sample was suspended by a platinum and Pt 
10 pct Rh thermocouple inside a 1-in. quartz tube 
in a Kanthal wound furnace (2 in. OD by 4 in. long) 
equipped with windows 1/2 in. sq. A Cine-Kodak 
Special II 16 mm motion picture camera was trained 
on the sample through a Spencer microscope ad- 
justed so that a magnification of X1.5 resulted on the 
film. Super Anscochrome film was used to record 
the events in color. 

Argon was flushed through the furnace while the 
sample came to temperature. The argon was then 
replaced by a stream of dry oxygen at 1 atm. Pic- 
tures were taken at the rate of eight per second for 
about 20 sec during the change of atmosphere. Then 
by use of a Stevens time-lapse device pictures were 
taken at the rate of four per minute starting within 
1 min of the initial oxygen flow. In this manner con- 
tinuous visual records of the oxidation of pure Cb 
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(d) 
120 min 


(e) 
180 min 


Fig. 2 
640°C 


Fig. 1 
550°C 


Fig. +t 
795°C 


Fig. 3 
715°C 


Reaction of Cb with O,. Time is measured from moment of introduction of O, to furnace. Enlarged to X7 when copied from 
motion picture film. Reduced approximately 45 pct for reproduction. 


were obtained at nine different temperatures from 
500° to 935°C and for periods of 3 hr. 


RESULTS AND DISCUSSION 


The results are shown in the form of black and 
white enlargements made from selected frames in 
the original film. The prints in Figs. 1 to 4 are 
arranged in four series of five pictures each, one 
series for each run. The first picture in each 
series shows the completely unreacted metal sam- 
ple at the specified temperature in an argon atmos- 
phere, the second shows the sample approximately 
1 min after the introduction of oxygen, and the re- 
maining three pictures were selected at equal time 
intervals over the remaining period of the recorded 
oxidation. The visible oxide, Cb,0,, is yellow at the 
€xperimental temperatures, but changes to gray- 
white when cooled to room temperature. 
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The physical appearance of the oxide in Figs. 1 to 
4 shows a strong correlation with the weight gain 
curves presented by Kolski.’ The sudden change in 
the nature of the curves below 600°C from semi-pro- 
tective to nonprotective behavior after varying 
periods of time is illustrated in Fig. 1. Here we see 
that the initially formed compact layer of oxide is 
subsequently displaced by a powdery noncoherent 
oxide which forms between the original coating and 
the metal core. 

The minimum that occurs in the oxidation rate 
between 600° and 700°C is associated with the for- 
mation and retention of a coherent oxide throughout 
the reaction, as illustrated in Fig. 2. The oxidation 
rate again appears to increase with temperature 
above 640°C as exemplified by Figs. 3 and 4. 

Other effects may be noted at higher temperatures 
which are not necessarily related to the weight gain 
curves. In Fig. 4 at 795°C a preferential attack on 
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the corners of the samples is obvious. Although a 
thick yellow oxide develops at the edges, the centers 


of the faces remain dark almost three hours. At this 
point the dark oxide becomes light in sudden discrete 


steps as may be seen in Fig. 4 (e). At higher tem- 
peratures the dark oxide is no longer observed in 
the motion picture studies, but preferential corner 
attack is still noticeable as the oxidation rate in- 
creases. Goldschmidt’ reports that a similar dark 
adherent oxide he observed in the initial stages of 
oxidation of sheet or wire at 800°C corresponds to 
a strongly oriented form of T-Cb,0,; (low-tempera- 
ture form, see Brauer’). 

At all temperatures the motion pictures show that 
as the oxide forms, there is a gross movement of 
oxide out from the metal surface. This phenomenon 
is not as obvious when one observes the still pic- 
tures taken from the motion picture film. Such 


Sulfide Inclusions in Steel 


movement indicates that the reaction takes place 
at the oxide-metal interface. Oxygen reaches the 
metal surface either by gross movement through 
pores or cracks in the oxide or by diffusion 
through a continuous layer of oxide. 
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A liquid which is rich in oxygen (and silicon) develops at 
steel rolling temperatures in resulfurized and plain-carbon 


steels. This liquid fluxes solid manganese sulfide. The com- 
position of the liquid and the resulting microstructures vary 
with the manganese/silicon/oxygen ratios in the steel. The 
observations and conclusions which are presented are used 

1) to suggest a mechanism for MnS deformation in resulfurized 
steels, and 2) to rationalize hot-shortness anomalies between 


plain-carbon and resulfurized steels. 


This is a summary of the dependence of sulfide 
inclusion microstructures upon steel composition, 
and an interpretation of the behavior of sulfide in- 
clusions at steel-rolling temperatures. 

Sulfide inclusions are known to have several me- 
tallurgical effects upon steel. Their effects upon 
hot-shortness are best appreciated. Although hot- 
shortness is well known, it is questionable whether 
its mechanism is fully understood because there 
are several anomalies in our interpretation. For 
example, why should not high sulfur contents pro- 
duce extensive hot-shortness in free-machining 
steels ? 

A second metallurgical consequence of sulfide 
inclusions appears because sulfide inclusions im- 
prove machinability. Furthermore, globular inclu- 
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sions are to be desired over elongated inclusions. 
To date, we know that lower silicon contents (< 0.010 
pct) favor the globular sulfides, but we do not know 
why this interrelationship between silicon content 
and inclusion shape exists. 

Finally, the evidence is strong that the surface 
quality of a hot-rolled steel is particularly sensitive 
to the sulfur content. 


SUMMARY OF PREVIOUS WORK 


The role of sulfur in hot-shortness was first 
suggested during the past century. It is uncertain 
who was the first to conclude that sulfur was less 
deleterious in the presence of manganese, and that 
manganese altered the sulfide phase from a liquid 
FeS to a solid MnS at steel-rolling temperatures. 
However, Urban and Chipman’ emphasized that 
liquid FeS may accumulate as an interdendritic film 
during solidification. More recently, Keh and Van 
Vlack* showed that the intergranular liquid does not 
completely surround the metal grains at all rolling 
temperatures. Rather, a small finite dihedral angle 
exists when geometric equilibration is attained at 
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Fig. 1—Oxygen vs microstructures of Fe-S-O alloys. Ih- 
creased oxygen decreases the iron content of the nonmetal- 
lic liquid, Fig. 12, and restricts the liquid penetration be- 
tween iron grains. 2400°F. In all figures, the numbers on 
the graphs and in square brackets refer to sample numbers 
in Table II. 


steel-rolling temperatures. Josefsson, Koeneman, 
and Logerberg® recognized the role of sulfur as a 
hardening agent within the austenite, and therefore 
concluded that stresses producing hot-shortness 
were concentrated in the grain boundary areas. 
Ainslie* and his coworkers have observed sulfur 
concentrations associated with a high density of dis- 
locations in boundary ‘‘zones’’ which extend several 
microns into the iron grains. 

The relationship between the shape of sulfide in- 
clusions in hot-rolled steel and silicon content was 
first detected by Knowlton’ and later by Boulger, 
Moorhead, and Garvey® who examined factors af- 
fecting machinability. This was explored in more 
detail by Van Vlack’ through quantitative studies. 
Although several explanations were suggested to 
account for the effect of silicon on inclusion shape, 
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Fig. 2—Silicon vs microstructures of Fe-S-Si alloys. Sili- 


con alone has no significant effect upon the microstructure. 
2400°F. 
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Table I. Metal Analyses, Pct 


Metal € Mn P S Si 
Ferrovac “‘E’’ 0.025 0.001/0.005 - - 0.007 
Ingot iron 0.02 0.01 0.007 0.017 0.015 
C 1213 steel 0.09 0.88 0.07 0.31 0.01 


it was not possible to rationalize all of the observed 
correlations. 

The relationship between surface quality of hot- 
rolled steel and sulfur content can be supported by 
statistical data. In addition, definite evidence for the 
formation of sulfide-oxide liquids in the subscale 
structure was presented by Murphy.® He showed 
that in the absence of sulfide inclusions, the oxides 
do not form liquid nonmetallic phases in the sub- 
scale at steel-rolling temperatures. 


EXPERIMENTAL WORK 


Two techniques were used for sample prepara- 
tion: 1) 90-g melts made under vacuum and nitrogen 
atmospheres, and 5-lb melts made under nitrogen 
atmospheres, and 2) sealed iron capsules containing 
inclusion compositions. The latter were iron rods 
which were drilled, filled with the required inclu- 
sion composition, plugged, and welded shut to pre- 
vent leakage of the nonmetallic materials of the 
sample to the external atmosphere. The starting 
materials which were used in the investigation in- 
cluded Ferrovac ‘‘E’’ iron, ingot iron, C1213 steel, 
(Table I), laboratory prepared FeS, reagent grades 
of Fe20; and aluminum, electrolytic manganese, 
carbon electrode stock, and ferrosilicon. 

Samples were examined in both the as-cast and 
heat-treated conditions. All the heat treatments 
were performed by sealing samples in silica glass 
tubes which contained a partial pressure of nitrogen. 
Nitrogen was added so that the pressures inside the 
tube and outside the tube were equal at the heat- 
treating temperatures. Heat treatment temperatures 
were selected to cover the full rolling range. The 
temperatures and time at temperature are shown in 
Table II. The samples were quenched after heat 
treatment. This required the breaking of the glass 
tube during quenching, so that quenching was not 
delayed. Controlled cooling rates were used on a 
selected number of samples to simulate more nearly 
the cooling during and following rolling. 


Table Il. Heat-Treatment Times and Temperatures 
Time, Hr 


Temperature, °F 


Ingot Specimens Capsules* 
2700 ES 
2600 3 = 
2500 3 
2400 10 
2100 50 18 
1900 - 19 
1750 115 34 


*All capsule melts were equilibrated at 2400°F for 2 to 5 hr before 
furnace-cooling to the indicated temperature. 
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(b) 
Fig. 3(a)—Silicon/oxygen ratios vs microstructures in 
Fe-S-Si-O alloys. (b) Liquid silicate (dark) and liquid 
sulfide (gray). X500. Reduced approximately 6 pct for 
reproduction. The sulfide liquid penetrates the boundary 
between the siliceous liquid and the solid iron. 2400°F. 


The metallographic procedures were standard for 
inclusion work. The microdistribution of inclusions 
was determined by the dihedral angle of the inclu- 
sion penetration along grain boundaries. Since the 
true dihedral angle occurs in three dimensions, its 
value has to be determined statistically from traces 
on two-dimensional sections. It has been shown 
that the median angle of a small group of randomly 
selected angles provides a significantly accurate 
value.® Lower angles indicate more extensive inter- 
granular penetration. 


(a) ~ 


Fig. 5— Fe-Mn-S-O alloys. 2400°F. (a) 0.8 Mn plus oxy- 
gen. MnS is the primary phase. Compare with Fig. 6(d). 
[102]. (b) 0.1 Mn plus oxygen. An oxide is the primary 
phase and FeS is the secondary phase. [105]. In both sam- 
ples, all of the nonmetallic material existed as a single - 
phase liquid at 2400°F. X500. Reduced approximately 6 
pet for reproduction. 
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(a) 


(d) (e) 

Fig. 4(a}-Manganese vs microstructures of Fe-Mn-S alloys. 
(b) 0.1 Mn/0.3S. 2400°F. [60]. (c) 0.7Mn/0.3S. 2400°F. 
[55]. (d) 0.1 Mn/0.3S. 2600°F. [60]. (e) 0.7 Mn/0.3S. 

2600° F. [55]. X500. Reduced approximately 6 pct for re- 
production. 


RESULTS 


Table III summarizes the compositions of the per- 
tinent tests which were performed during the course 
of this study. Results are presented in Figs. 1 
through 11. 

1) Inclusion Composition and Inclusion Geometry— 
Fe-S-O Alloys—A simple Fe-S alloy has liquid sul- 
fide inclusions above 1800°F. At 2400°F the dihedral 
angle is approximately 20 deg. Additions of oxygen 
to the alloy produce a larger dihedral angle, Fig. 1. 
The inclusion liquid crystallizes to form solid sul- 
fide and solid oxide. 

Fe-S-Si Alloys—Small to moderate additions of 
silicon to an Fe-S alloy produce no change in the 
geometry of the sulfide inclusions, Fig. 2. The solid- 
ified liquid contains a single phase (FeS). 

Fe-S-Si-O Alloys—When silicon is added to alloys 
containing iron, sulfur and oxygen, the effect of 
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Fig. 6—Fe-Mn-S-Si-O alloys. (a) Synthetic melt with solid 
MnS (gray) and siliceous liquid (dark) at 2400°F. [99]. 

(6) Heat-treated resulfurized bar stock. Solid MnS (gray) 
and siliceous liquid (dark) at 2400°F. (c) Remelted re- 
sulfurized steel. Solid MnS (gray) and siliceous liquid 
(dark) at 2400°F, [121]. (d) Remelted resulfurized steel 
with added oxygen. Liquid inclusions at 2400°F. Compare 
with Fig. 5(a). [120]. X500. Reduced approximately 6 pct 
for reproduction. 


oxygen is counteracted as shown in Fig. 3(a). The 
silicon combines with the oxygen so that the non- 
metallic liquid contains two phases, essentially FeS, 
and SiOz, Fig. 3(bd). 

Fe-Mn-S Alloys—The effect of manganese in an 
Fe-Mn-S alloy is shown in Fig. 4. The inclusions 


for synthetic in- UW 

clusion composi- \S Wz 


tions. 
NNN 


Weld 


change from solid to liquid within the indicated com- 
positions and temperature limits. Some liquid ex- 
ists at relatively low Mn/S ratios. This liquid solid- 
ifies to a mixture of FeS and (Mn, Fe)S. 

Fe-Mn-S-Si Alloys—The addition of only silicon 
to Fe-Mn-S alloys has no effect upon the inclusion 
geometry. At steel rolling temperatures and with 
normal Mn/S ratios (>3/1), the sulfide inclusions 
in this series of alloys are solid (Mn, Fe)S and 
globular in shape. They are comparable to those 
shown in Fig. 4(c). 

Fe-Mn-S-O Alloys—The addition of oxygen to an 
Fe-Mn-S alloy introduces a liquid which fluxes the 
solid sulfide. When oxygen is added to an alloy con- 
taining 0.8 pct Mn, the liquid solidifies during 
quenching to form a duplex sulfide-oxide inclusion 
in which a manganese-rich sulfide is the primary 
phase, Fig. 5(a). If the manganese content is low, 
the solidifying liquid produces FeS and a manganese- 
rich oxide, Fig. 5(d). 

Fe-Mn-S-Si-O Alloys—When both silicon and oxy- 
gen are added to an alloy of iron, manganese, and 
sulfur, a liquid phase is formed which is siliceous 
in character, Fig. 6(a). This phase is generally in 
contact with the solid sulfide and is therefore satu- 


Table Ill. Composition of Alloys Investigated* 


Sample Treatment 


Analysis, Pct 
c Mn Si Al 


No. Purpose Procedure 

23 Effect of Si 90 g - - 0.3 (0.02)** - - 

25 Effect of Si 90 g - - 0.3 (<0.01) - - 

47 Fe-S base 90 g - - 0.3 - - =- 

55 Effect of Mn 90 g 0.1 (0.69) 0.3 - - - 

60 Effect of Mn 90 g 0.1 (0.10) 0.3 - - - 

79 Effect of residual O 90 g - - 0.3 - - (0.027) 

80 Effect of O 90 g - - 0.3 - - (0.071) 
81 Effect of O 90 g 0.1 - 0.3 - - (0.010) 

87 Effect of O Capsule - - [0.3] ~ - [0.30] 

88 Effect of Si Capsule - - [0.3] [0.3] - - 

89 Effect of Si + O Capsule - - [0.3] [0.3] - [0.3] 

90 Base comp. (50 pct liquid—50 pct MnS) Capsule - (0.65] [0.3] [0.04] = [0.094] 

%6 1900°F (19 hr) Capsule [0.65] [0.3] [0.04] [0.094] 

97 2100° F (18 hr) Capsule - [0.65] [0.3] [0.04] - [0.094] 

98 1750° F (34 hr) Capsule [0.65] [0.3] [0.04] = [0.094] 

99 Effect of Si + O 5 lb (0.12) (1.01) (0.27) (0.043) - (0.028) 
101 Effect of Al Capsule - [0.65] [0.3] [0.04] [0.04] [0.094] 
102 Effect of O 5 lb (0.07) (0.76) (0.35) (<0.03) - (0.064) 
104 Effect of low Mn + O 5 lb (0.05) (<0.1) (0.34) (<0.03) - (0.110) 
105 Effect of low Mn + O 5 lb (0.02) (0.1) (0.32) (<0.03) - (0.250) 
106 Effect of Si +O 5 1b (0.02) (0.10) (0.32) (0.2/0. 25) - (0.180) 
113 Simulated inclusions Capsule - [0.32] (0.10] = [0.180] 
120 Remelted resulfurized steel + O 5 |b (0.06) (0.49) (0.27) «0.05) ~ 0.2 
121 Resulfurized steel + O and Si 5 |b (0.05) (0.60) (0.28) (0.05) - 0.2 
122 Effect of Al Capsule ~ [0.65] [0.3] [0.04] [0.024] [0.094] 
123 Effect of Al Capsule - [0.65] [0.3] [0.04] [0.009] [0.094] 


*Capsule melts are in equilibrium with iron. All others are iron-base melts. 
**Check analyses in ( ); capsules with no loss in[ ]; other values show aim. 
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Fig. 8—Synthetic inclusion compositions. Capsules con- 
tained the base composition X of MnS and a MnS-saturated 
liquid. The liquid had a 40/10 ratio of Mn,SiO,/Fe,SiO,. 
Diagram is based on Silverman’s work,” 


rated with MnS. When the silicon/oxygen ratio ex- 
ceeds that required for SiOz, this liquid is glassy 
at room temperature. Lower silicon/oxygen ratios 
produce liquids which devitrify more readily. With 
a marked excess of oxygen over silicon, the liquid 
composition is shifted from the siliceous range to 
a more oxidizing composition such as was encoun- 
tered in Fe-Mn-S-O alloys. 

2) Resulfurized Steels—A direct comparison may 
be made between the inclusions in many of the above 
simplified alloys and those in commercial resulfur- 
ized steels if the latter are synthesized, remelted, 
or simply heat-treated. These comparisons are 
shown in Figs. 6(b), (c), and ). The specimens all 
contain a primary manganese sulfide phase. When 
silicon and oxygen are added, a liquid is formed 
which is siliceous in character. It is directly com- 
parable to the inclusions observed in Fig. 6(a) from 
a Fe-Mn-S-Si-O alloy. With excess oxygen, Fig. 
6(d), the liquid phase shifts from a silicate-base to 
an oxide-rich composition. This oxide-enriched 
phase fluxes the manganese sulfide more markedly. 

3) Microstructures of Silicate-Sulfide Inclusions— 
The inclusions in resulfurized steels are compara- 
ble to those in Fe-Mn-S-Si-O alloys, containing a 
duplex structure of liquid silicate-oxide and solid 
manganese sulfide at steel rolling temperatures. 
Although lower in sulfur, a low-carbon steel must 
also be categorized with the Fe-Mn-S-Si-O alloys 
when attention is directed toward the sulfide inclu- 
sions which are present. The iron, manganese, and 
oxygen contents are comparable. The silicon con- 
tent may vary within the range indicated by Figs. 2 
or 3(a), and Figs. 5(b) and 6(a) depending upon the 
deoxidation practice. 

This similarity between the low-carbon steels, 
the resulfurized steels, and the Fe-Mn-S-Si-O alloys 
has suggested that more attention be given toward 
inclusions containing two phases: a liquid silicate- 
oxide and a solid sulfide. In line with Silverman’s © 
work,’° synthetic inclusion compositions were made 
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Fig. 9—Silicate/MnS/Fe equilibrium. (a) Silicate liquid 
vs Fe/Fe boundaries. (b) Silicate liquid vs MnS/MnS bound- 
aries. (c) Silicate liquid vs MnS/Fe boundaries. The solu- 
bility of MnS in the silicate liquid increases markedly at 
higher temperatures, (See Fig. 8) 


in iron capsules, Fig. 7, which contained equal parts 
of solid manganese sulfide and sulfide-saturated 
orthosilicate liquid. A composition was chosen so 
that the two phases were present in equal amounts, 
Fig. 8. 

The dihedral angles involving the three phases are 
shown in Fig. 9: solid iron, solid sulfide, and liquid 
silicate-oxide. Higher temperatures produced 
smaller angles. The three-phase dihedral angle was 
also sensitive to aluminum additions as shown in 
Fig. 10. Aluminum additions had a second effect. 
When the Al1/O ratio was greater than approximately 
1/4, a spinel appeared as a nonmetallic phase. At 
still higher ratios, corundum developed. 

When oxygen was added to the basic composition 
chosen in Fig. 8, the sulfide phase was completely 
fluxed and a low melting nonmetallic composition 
resulted. 


DISCUSSION AND INTERPRETATION 
Utilizing the preceding results and concurrent 
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Fig. 10—Silicate liquid vs MnS/Fe boundaries. Increased 
aluminum reduces the MnO and FeO content of the silicate 
liquid. 


work by others, the following points will be dis- 
cussed in more detail: 

1) sulfide inclusion compositions in resulfurized 
and other plain (low)-carbon steels 

2) the microstructures of sulfide inclusions, and 

3) the effects of sulfide inclusions upon the metal- 
lurgical behavior of steel. 

For the latter point, interpretations will be sug- 
gested which could account for some of the obser- 
vations concerning 3a) inclusion deformation, 30) hot- 
shortness, and 3c) inclusion-scale reactions. 

1) Sulfide Inclusion Compositions in Resulfurized 
and Plain (Low)-Carbon Steels—The ideal form for 
sulfide inclusions in steel at rolling temperatures 
is as a solid manganese sulfide unaccompanied by 
any liquid. In most steels, sulfide inclusions are 
seldom present at steel-rolling temperatures as the 
ideal single-phase, solid inclusions just described 
because the inclusion characteristics are modified 
by silicon and oxygen which are present. As a re- 
sult, the inclusions contain a manganese-rich solid 
sulfide and an associated liquid which is saturated 
with MnS., 

The composition of this liquid depends upon the 
relative amounts of manganese, silicon, and oxygen. 
The exact composition of the liquid is complex, in- 
asmuch as a system with five or more components 
is encountered (Fe-Mn-Si-S-O). Such a system is 
too complicated to handle unless some simplifica- 
tions are made. This is done in Fig. 11 where the 
metallic phase is temporarily ignored, and a four- 
component nonmetallic system (MnS-MnO- FeS- SiOz) 
is presented. Even this system is cumbersome. 
Therefore, initial attention will be given to the MnO- 
SiOz system in Fig. 11(a) since it most simply re- 
presents the liquid which occurs with the solid sul- 
fide in the inclusion. 

The liquid phase varies from a silica-enriched 
composition, A, to an MnO-enriched composition C. 
When the silicon content of a steel equals the oxygen 
content, part of the silicon reacts with part of the 
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Fig. 11— Liquid compositions vs Mn/Si/O ratios (schema- 
tic). See the text for discussion. (a) MnO-SiO, diagram." 
T—Mn,SiO,. R—MnSiO;. (b) Section of the Fe-Mn-Si-S-O 
system. A, B, C—Simplified liquid compositions. A’, B’, 
C’—Liquid compositions saturated with solid sulfide at 
2400°F. (A’ is very close to the MnO-SiO,-MnS surface. 
C’ is close to the MnO-SiO,-FeS surface.) A”, B’—Sulfide 
compositions in equilibrium with the silicate liquid. 


oxygen to give SiO2; the balance of the silicon is 
dissolved in the metal, and the balance of the oxygen 
reacts with manganese (and to a limited extent with 
iron) to give MnO. As a result an MnO-SiO2 compo- 
sition is developed approximating that of point B in 
Fig. 11(a). This composition fluxes MnS very strongly, 
Fig. 8. In fact, the resulting liquid will contain more 
than 50 pct MnS at 2400°F.*° When this liquid cools, 
the MnS solubility is decreased and finally (at low 
rolling temperatures) a silicate is crystallized. The 
silicate may be either tephroite (Mn,Si0O,)* or rho- 


*Iron may replace part of the manganese in solid solution in these 
inclusions. 


donite (MnSiO;)* depending upon the exact ratio of 
MnO to SiOz. 

The liquid phase becomes a siliceous glass if the 
silicon content exceeds the amount of oxygen. An 
excess is apparently needed 1) to meet the equilib- 
rium partition of the silicon between the metal and 
the inclusion, and 2) to deoxidize the MnO which 
would otherwise form. The qualitative composition 
of the liquid may be shown as point A in Fig. 11(@). 
This composition can remain as a siliceous glass 
during rapid cooling, Fig. 6(a). 

The liquid phase assumes composition C in Fig. 
11(a) if the oxygen content exceeds the silicon con- 
tent. With this situation, Fig. 11(a) is oversimplified 
because the resulting liquid dissolves an extremely 
large quantity of MnS. Furthermore, the excess 
oxygen may combine with some of the manganese of 
the MnS so that some iron is taken into the liquid to 
balance the sulfur. When this occurs, the liquid and 
solid compositions are shifted as indicated in Fig. 
11(5). Furthermore, FeS forms from the liquid 
during solidification, Fig. 5(). 
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Interpretation 


1) The inclusions in resulfurized and plain carbon 
steels are solid sulfides only if a minor amount 
of oxygen is present at steel-rolling tempera- 
tures. 

2) When more oxygen and silicon are present, a 
siliceous liquid accompanies the sulfide. 

3) When oxygen is present in excess of the silicon, 
the melting point of the inclusions is lowered. 

4) These liquids, which vary in composition with 
the silicon and oxygen contents, dissolve con- 
siderable MnS. In the orthosilicate composi- 
tion range (typical of resulfurized steels), half 
of the liquid will be MnS at 2400°F. With 
higher oxygen/silicon ratios, larger amounts 
of MnS will be dissolved. 

2) Microstructures of Sulfide Inclusions (at Steel- 
rolling Temperatures)—If the inclusions are solely 
MnS in composition, they are solid at steel-rolling 
temperatures. As such, they are usually equidi- 
mensional if heat-treated. However, they may be 
subject to some deformation during rolling or forg- 
ing because MnS is slightly ductile. The amount of 
elongation during rolling would be dependent upon 
the relative plasticity of the metallic and nonmetal- 
lic phases [see the discussion in Section 3(a) which 
follows |. 

In many steels sulfide-containing inclusions are 
not entirely solid at steel-rolling temperatures. 
Therefore several factors may be observed as af- 
fecting the microstructures of the resulting inclu- 
sions. These factors include 1) the relative amounts 
of solid and liquid phases, 2) the composition of the 
liquid phase which in turn affects the phase-bound- 
ary energies and therefore the inclusion shape prior 
to rolling, and 3) the deformability of the phases 
during rolling. 

The inclusion shape in heated steels may be in- 
dexed by the dihedral angle of the inclusion penetra- 
tion along grain or phase boundaries. This relation- 
ship is a consequence of the interfacial energies 
that exist. Therefore, any compositional change 
which reduces the energy of the liquid/solid inter- 
face relative to the grain-boundary energy permits. 


a greater penetration of the liquid between the grains. 


In general, any compositional variation which per- 
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mits a greater similarity between the liquid and 
solid will lower the liquid/solid interfacial energy. 
This conclusion is substantiated by several of the 
earlier figures. The liquid in an FeS alloy pene- 
trates the iron grain boundaries because the liquid 
contains a large amount of iron (about 85 pct). As 
the oxygen is added in the Fe-S-O alloys, Fig. 12, 
the iron solubility in the liquid is decreased.’* With 
this decrease, the energy of the metal/liquid inter- 
face is increased and the liquid penetration is re- 
stricted to higher dihedral angles, Fig. 1. 

On this basis, the effect of silicon in an Fe-S-Si-O 
alloy must be interpreted as a deoxidation process 
in which the nonmetallic liquid is returned toa 
simpler composition of iron and sulfur that will pen- 
etrate the grain boundary, Fig. 3(a). Since an iron- 
sulfur liquid does not dissolve the SiOz, two immi- 
scible liquid phases are found in the metal, Fig. 3(d). 
With three phases in an Fe-S-Si-O alloy (metal, 
sulfide liquid, and siliceous liquid), a three-phase 
intersection may be observed. Of the three inter- 
faces, 1) sulfide (l)/metal(s), 2) sulfide (l)/siliceous (I), 
and 3) metal(s)/siliceous(/), the latter possesses the 
highest energy because the adjoining phases have the 
most rigorous structural and compositional differ- 
ences. It is therefore not surprising that the liquid 
sulfide phase penetrates the interface between the 
siliceous liquid and the metallic solid. By doing this, 
the area of the higher-energy interface is decreased 
and a more stable microstructure results. 

The microstructures of greatest interest in this 
paper contain solid sulfide, solid metal, anda 
sulfide-saturated oxide-silicate liquid. Three sets 
of angular relationships may be used to index the 
shape and distribution of these inclusions: 1) the 
liquid vs the metal grain boundary, Fig. 9(a), 2) the 
liquid vs the solid sulfide grain boundary, Fig. 9(b), 
and 3) the liquid vs the sulfide metal phase boundary, 
Fig. 9(c). The associated angles all decrease as the 
temperature is increased and the liquid dissolves 
more of the adjacent solid. The liquid penetrates 
the sulfide boundaries more than the metal bound- 
aries because of a considerable quantity of MnS may 
be dissolved in the liquid (50 to 75 pct depending 
upon the temperature’® and composition), and rela- 
tively little metal may be dissolved. 

Of major consequence is the fact that the relative 
interfacial energies permit the liquid to penetrate 
along the phase boundary between the solid sulfide 
and the solid metal. The sulfide/metal boundary 
energy is high because of the mismatch between the 
structures in the two solid phases, and the two li- 
quid/solid boundaries have relatively low energy 
because a limited amount of coherency can develop. 

When aluminum is incorporated into the above 
steels, the liquid phase is deoxidized. The decrease 
in the MnO content of the liquid has two consequences: 
1) the remaining liquid becomes more siliceous and 
2) the solubility of the manganese sulfide is decreased. 
As a result, the two liquid/solid interfacial energies 
are increased and the liquid does not penetrate the 
sulfide/metal boundary as completely, Fig. 10. 
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Interpretation 


1) The geometry of the liquid inclusion phases is 
controlled directly by interfacial energies, and 
indirectly by inclusion composition. 

2) Any composition change which decreases the 
chemical and structural similarity of the 
liquid and solid will reduce the penetration 
of the liquid along the grain or phase bound- 
aries. 

3) Additional oxygen decreases the grain-boundary 
penetration of the sulfide liquid in a simplified 
Fe-S-O alloy; however, additional oxygen in- 
creases the grain- and phase-boundary pene- 
tration of a liquid in a normal steel which con- 
tains manganese and silicon in addition to iron, 
sulfur, carbon, and oxygen. These changes co- 
incide with variation in solubility. 

(3a) Inclusion Deformation—The observations and 
facts which have been cited in the earlier part of 
this report lead to the following suggestion as a pos- 
sible mechanism of sulfide inclusion deformation 
within a steel. Although normally nonductile, the 
sulfide can be deformed through plastic slip, Fig. 13. 
This deformation would be greatly facilitated by the 
presence of hydrostatic pressures rather than single 
shear stresses. Furthermore, the presence of a 
liquid with the sulfide inclusion could facilitate the 
existence of hydrostatic pressures. (This would be 
in the same manner as a lubricating glass produces 
a more uniform deformation in a stainless-steel 
extrusion process.) Since the siliceous liquid tends 
to penetrate the grain boundary between the solid 
manganese sulfide and the solid iron, the application 
of a constraining force to the inclusion would ac- 
centuate the slip to produce more extensive defor- 
mation of the inclusion. 

This suggested hypothesis for the deformation of 
inclusions is consistent with observations of this 
study. It suggests that higher silicon contents in 
resulfurized steels would be responsible for the 
greater elongation of the inclusions through the 
presence of a siliceous liquid that envelops the sul- 
fide inclusions at steel-rolling temperatures. This 
hypothesis should be checked further with additional 
work on the deformation of manganese sulfide pres- 
ent in synthetic inclusions, with and without siliceous 
and oxide-silicate liquids. 


Interpretation 


1) Solid MnS can receive limited plastic deforma- 
tion. 

2) This deformation is accentuated by the presence 
of an accompanying liquid which penetrates the 
boundary between the solid MnS and solid steel. 


(3b) Hot-Shortness— The existing explanation for 
hot-shortness is not entirely satisfactory. It has 
been suggested that hot-shortness arises when the 
manganese content is low because an iron-sulfur 
liquid film is permitted to form between the iron 
grains at steel-rolling temperatures. This theory 
assumes that the higher manganese contents produce 
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Fig. 13—Slip planes in MnS, Parallel slip lines show a 
limited amount of plastic deformation in MnS prior to the 
fracture. Hardness is 185 Dph at room temperature. X500. 
Reduced approximately 45 pct for reproduction. 


solid manganese sulfide inclusions. To achieve this 
a plain-carbon steel will have its sulfur level held 
below 0.03 pct and the manganese level will be 
raised to 0.3 pct or higher. If the Mn/S ratio falls 
below approximately 10/1, hot-shortness may be 
expected to develop. It is here that an apparent 
paradox exists because in resulfurized steels the 
Mn/S ratio can be as low as 3/1 and only limited 
difficulties with hot shortness occur. 

The hot-shortness anomalies between plain-carbon 
and resulfurized steels may be examined in light of 
the foregoing observations and Silverman’s work.’° 
A possible hypothesis to account for the difference 
recognizes the fact that the oxygen content of a low 
manganese steel (without aluminum deoxidation) is 
present in a liquid phase at steel rolling tempera- 
tures. The liquid actually contains oxygen, manga- 
nese, iron, silicon and sulfur. 

Silverman points out that the liquid in the MnS- 
FeO-MnO system will not become saturated with 
manganese sulfide until the sulfur level is almost 
double the oxygen content. Thus, unless special ef- 
forts are made to keep the oxygen level low, all of 
the sulfides in a plain-carbon steel may be dissolved. 
The liquid will not be saturated with MnS. Ina re- 
sulfurized steel, there is always excess manganese 
sulfide and the nonmetallic liquid is saturated with 
MnS. This means that the liquids in the two steels 
are not identical. The MnS-saturated liquid in the 
resulfurized steel will have a higher MnS/oxygen 
ratio than will the comparable, unsaturated liquid in 
the plain-carbon steel. This situation becomes sig- 
nificant when it is remembered that a decrease in 
the manganese/ oxygen ratio produces an increase 
in the iron content of the liquid [Compare Fig. 5(a) 
with Fig. 5(d).| It has already been pointed out that 
an increase in the iron content of a liquid promotes 
penetration of the liquid between the iron grains,— 
a factor which would accentuate hot-shortness. 

On this basis, manganese may have a two-fold 
purpose in alleviating hot-shortness. Steels with 
higher manganese contents would have more of the 
oxygen actually removed from the liquid metal so 
that less sulfide is fluxed and the nonmetallic liquid 
is saturated with MnS. Furthermore, and as previ- 
ously realized, additional manganese will produce a 
higher melting sulfide. 
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Our understanding of the interrelationship between 
deoxidation and liquid formation is incomplete. We 
know that aluminum will deoxidize the nonmetallic 
liquid and thereby decrease the solubility of sulfides. 
However, we also know that if aluminum is added in 
the absence of oxygen, it will react with MnS to give 
a low melting (Al, Mn)S.” Likewise, a liquid chro- 
mium-nickel sulfide will form in steels in the ab- 
sence of oxygen, but the chromium will combine with 
oxygen when the latter is present. At the moment a 
simple predictable effect cannot be postulated for 
elements which form both oxides and sulfides. 


Interpretation 


1) The hot shortness anomalies between plain- 
carbon steels and resulfurized steels may be 
rationalized on the hypothesis that oxide- 
Silicate liquids flux significant quantities of 
MnS at steel-rolling temperatures. All of the 
sulfides may be fluxed in a plain-carbon steel 
unless sufficient manganese is present to ef- 
fectively deoxidize the steel. 

2) Our present knowledge does not permit us to 
extrapolate this beyond plain-carbon and re- 
sulfurized steels. 

(3c) Inclusion-Scale Reactions—Surface scaling in 
soaking pits or reheat furnaces can supply oxygen 
to flux the solid subsurface sulfide inclusions. Thus, 
although the oxygen content of the steel is normally 
low from deoxidation equilibria, it is possible to 
produce an oxide-sulfide liquid in the surface metal 
while the steel is being heated as an ingot or billet. 
Particularly important is the fact that a liquid thus 
formed can penetrate along grain edges and grain 
boundaries into the subsurface zones and react with 
more sulfide. Such surface and subsurface inclu- 
sions certainly contribute extensively to surface 
cracking during hot working. 


Interpretation 


Surface cracking may be aggravated by the oxida- 
tion of sulfide inclusions in the scale and in the 
subscale metal. 


CONC LUSIONS 


Sulfide inclusions in steel are single phase and 
wholly solid MnS only if no fluxing oxides are pre- 
sent at steel-rolling temperatures, Fig. 4(c). If such 
oxides and silicon are present, a siliceous liquid 
accompanies the MnS, Fig. 6(d). If oxygen is present 
in excess of silicon, a lower melting sulfide-oxide 
liquid is formed, Fig. 6(d). These liquids, which 
vary in composition with the silicon and oxygen con- 
tents, dissolve considerable MnS. The observations 
of this report are consistent with Silverman’s work’® 
which shows that half of the orthosilicate liquid is 
MnS at 2400°F. With higher oxygen/silicon ratios, 
larger amounts of MnS are dissolved in the steel- 
rolling-temperature range. 

The microstructural shapes of the inclusions are’ 
controlled directly by interfacial energies, which 
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are dependent upon inclusion composition. Any com- 
positional change which decreases the chemical and 
structural similarity of the liquid and solid phases 
will reduce the penetration of the liquid along grain 
or phase boundaries. Additional oxygen decreases 
the grain-boundary penetration of the sulfide liquid 
in a simplified Fe-S-O alloy; however, additional 
oxygen increases the grain-boundary penetration 

of the liquid in a normal steel which contains man- 
ganese and silicon in addition to iron, carbon, sulfur, 
and oxygen. 

It is suggested that the presence of a liquid oxide- 
silicate phase facilitates the elongation of solid 
sulfide inclusions in resulfurized steel since 1) solid 
MnS can be deformed plastically to a limited ex- 
tend and 2) the oxide-silicate liquid which penetrates 
the boundary between the solid MnS and solid steel 
provides a better opportunity for hydrostatic pres- 
sure during the rolling operation. 

The hot-shortness anomaly may be explained on 
the following basis: Resulfurized steels have suffi- 
cient solid MnS present so that the sulfide is not 
completely fluxed by the oxide-silicate liquid pre- 
sent in the steel. The sulfide may be entirely fluxed 
in plain-carbon steels unless sufficient manganese 
is present to keep the oxygen level low. Our present 
knowledge does not permit us to extrapolate this in- 
terpretation beyond plain carbon or resulfurized 
steels. 

Surface cracking may be aggravated by the oxida- 
tion of sulfide inclusions in the scale and in the sub- 
scale metal. 
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Previous investigations’ have revealed that the 
apparent activation energies for creep of high-purity 
polycrystalline aluminum are insensitive to the ap- 
plied stress, strain, and strain rate. On the other 
hand, the apparent activation energy is dependent on 
the temperature” as shown by the data reproduced 
in Fig. 1. Each plateau of this curve is associated 
with a unique rate-controlling dislocation mechanism 
for thermally activated creep. It is now very well- 
established that over the high-temperature range, 
where the activation energy is about 35,500 cal per 
mole, the creep rate is controlled by the dislocation 
climb mechanism. * Over the intermediate range of 
temperatures, from about 260° to 370°K, another 
unique activation energy, namely 28,000 ‘cal per mole, 
is obtained. Current evidence strongly supports the 
contention that cross slip is the rate controlling 
mechanism for creep in this case: 

1) Crystal recovery can occur by a number of 
mechanisms ,prominent among which are climb and 
cross slip. Astrom,* using the Borelius micro- 
calorimeter, reported rapid crystal recovery of 
cold-worked polycrystalline Al at 340° to 370°K giv- 
ing an activation energy of 28,000 cal per mole and 
additional recovery at 455° to "478°K giving an acti- 
vation energy of 36,000 cal per mole. Whereas the 
latter recovery process was clearly associated with 
the dislocation climb mechanism, the former, 28,000 
cal per mole process could have arisen as a result 
of the cross-slip mechanism. 

2) Single crystals of high-purity Al favorably 
oriented for octahedral glide exhibit an activation 
energy for creep of about 3400 cal per mole over 
the range from 0° to 400°K and that of about 28, 000 
cal per mole over the range from 600° to 775° K.5 
Whereas the lower activation energy process is ac- 
companied by the development of sharp slip-band 
traces, the 28,000 cal per mole process was uniquely 
characterized by extensive cross slip. 
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Effect of Temperature on the Creep of Polycrystalline 


Aluminum by the Cross-Slip Mechanism 


An activation energy of 27,400 + 1000 cal per mole was ob- 
tained for the creep of polycrystalline aluminum over the tempera- 
ture range of 273° to 350°K, at strains varying from 0.003 to 0.230. 
Stresses varied from 2250 to 6000 psi, strain rates from 0.1145 

x 107 to 29.5 x 10-5 min.-1. A strain temperature-compensated 
time correlation was obtained indicating that the structure was 
dependent solely upon the strain at agiven stress; X-ray diffrac- 
tion analyses and tensile tests on precrept specimens verified 
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Fig. 1—Activation energies for creep of pure aluminum as a 
function of temperature.! 


3) Theoretical calculations by Seeger and Schoeck® 

suggest an apparent activation energy for cross slip 
in Al of about 24,000 cal per mole and another theo- 
retical estimate by Friedel’ gives the observed 
28,000 cal per mole as the theoretical activation 
energy. 
It is therefore consistent with this evidence to, at 
least tentatively, ascribe the 28,000 cal per mole 
creep process in Al to the operation of cross slip 
as the rate controlling mechanism. 

Although creep has been rather well-explored in 
the dislocation climb range, very little, excepting 
perhaps the activation energy, is known about creep 
in the cross slip range. This investigation was un- 
dertaken, therefore, to reconfirm the activation 
energy for creep in polycrystalline Al in the inter- 
mediate temperature range and to study the strain- 
time relationship for creep at a constant stress in 
the cross slip region. 


EXPERIMENTAL PROCEDURE AND TECHNIQUE 


The three types of high-purity Al alloy specimens 
described in Table I were used in this investigation. 
Specimens were milled from 0.100 in. thick cold- 
rolled sheets with their tensile axes in the rolling 
direction following which they were given a recrys- 
tallization and grain growth heat treatment at tem- 
peratures well above those which were subsequently 
employed in the creep tests. 
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Table |. Impurities, Heat Treatment and Grain Size 


Speci- Temp., Time, Grain 
mens Cu Fe Si Ww Others °C Hr.  Diam.,In. 


A 0.002 0.002 0.001 0.000 0.000 412 1.0 0.023 
B 0.004 0.002 0.000 0.000 0.000 384 1.5 0.0031 
C 0.000 0.002 0.000 0.004 0.000 384 1.5 0.0019 


True stresses were maintained constant throughout 
each creep test by the use of contoured Andrade- 
Chalmers types of levers. The strain-time curves 
were autographically recorded, the strain sensitivity 
of the linear variable differential transformer sys- 
tem being about 10°. 

The apparent activation energies for creep, Q, 
were determined by the effect of a rapid change in 
temperature of about 5°K from 7, to 7; (See Fig. 2) 
on the corresponding rates £, and &2 according to: 


Mh /e [1] 


Such small changes in temperature were effected by 
exchanging the constant temperature bath about the 
specimen with another bath controlled at the second 
temperature; it took the specimen about 3.5 min to 
reach thermal equilibrium at the new temperature. 
The creep rate just before a change in temperature 
was determined directly from the strain-time chart 
by measurement with a derivimeter. The creep rate 
just following a change in temperature was also 
measured in the same way after the creep curve was 
extrapolated through the transient temperature inter- 


RESULTS AND DISCUSSION 


In general creep by the cross-slip mechanism is 
given by 


& =2NADve RT [2] 
where 


& = the tensile strain rate or twice the shear strain 
rate. 

= the number of active points for cross slip per 

unit volume. 

the average area swept out per dislocation 

upon cross slipping. 

the Burger’s vector. 

the frequency of vibration of the dislocation 

segment that undergoes cross slip. 

the gas constant 

the absolute temperature. 

the apparent activation energy for cross slip. 


Since all of the factors affecting the creep rate, ex- 
cepting Q, are insensitive to the temperature, the 
temperature dependence of creep in the cross slip 
region is exclusively determined by the exponential 
term of Eq. [2]. The activation energy Q, however, 
depends on the local stress and the temperature. 
But since Q is not a sensitive function of the tem- 
perature the apparent activation energies obtained | 
by application of Eq. [1] will agree closely with the 
true activation energies for cross slip. 
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Fig. 2—Typical creep curve for change-in-temperature test. 


The apparent activation energies as obtained by the 
rapid-change-in-temperature technique and recorded 
in Table II, give a mean value of 27,400 + 1,000 cal 
per mole over temperatures ranging from 273° to 
350°K, stresses ranging from 2250 to 6000 psi, strains 
from 0.003 to 0.23, and mean strain rates of 0.1145 
x 10° °to 29.5 10 °per min. These data confirm 
previous observations’ that the activation energy for 
cross slip inaluminum is insensitive tostrain, stress, 
and temperature over the range of strain rates that 
were investigated. 

The failure to detect an effect of the applied stress 
on the activation energy, however, must be attributed 
to the insensitivity of the technique used in this in- 
vestigation. The localized stress that influences 
cross slip is equal to the applied stress minus the 
long range back-stress field. As the applied stress 
is increased, additional dislocations are generated, 
which increase the back stress. Thus the change in 
the local stress might indeed be quite negligible even 
for an appreciable increase in the applied stress. 
Furthermore, if the difference in the extreme strain 
rates é low = 0.1145 x 107° and é high = 29.5 x 107° per 
min used in this investigation were exclusively at- 
tributed to a change in activation energy at a mean 
temperature of 309°K as a result of the applied 
stress, the change in activation energy would be 
about 3000 cal per mole which is only slightly greater 
than the scatter range. Therefore a much greater 
range in strain rates, beyond that readily achievable 
experimentally, would have to be used to detect the 
effect of stress on the activation energy for cross 
slip. A more sensitive alternate technique of study- 
ing the stress law for cross slip is now being used to 
rationalize this issue. 

The fact that the activation energies reported in 
Table II agree well with those observed by Astrom 
for recovery of cold-worked Al and those predicted 
by Schoeck and Seeger ° and by Friedel’ suggests 
that creep of Al over the range of conditions studied 
here occurs by the cross-slip mechanism. The 
photomicrograph of Fig. 3 showing extensive cross 
slip further confirms the concept that cross slip is 
a prominent feature in the range of creep studied 
here. 
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Table Il. Apparent Activation Energies for Creep of Aluminum 


Strain, 


Specimen Applied Tensile 
€= Inl/1, 


No. Stress, Psi °K 


; Q 
€,x 10° perMin €,x10°perMin Eagyex 10° perMin Cal per Mole 


273.00 
278.25 
273.00 
278.25 
273.00 
278.25 
273.00 
278.25 
273.00 
278.25 


273.00 
278.25 
278.25 
273.00 
278.25 
273.00 
278.25 
273.00 
340.01 
350.04 
350.04 


340.01 
350.04 


278.25 
273.00 
278.25 
273.00 
278.25 
273.00 
278.25 
273.00 
278.25 
273.00 


278.25 
273.00 
273.00 


278.25 
273.00 
278.25 
273.00 
278.25 
350.04 
340.01 


340.01 
350.04 
340.01 


0.00241 
0.00298 
0.00305 
0.00311 
0.0036 

0.00381 
0.01416 
0.02392 
0.04018 
0.04989 


0.00254 
0.01845 
0.00946 


0.01421 
0.01541 


0.1435 
0.2194 
0.2345 
0.0428 
0.0451 
0.06311 
0.06982 
0.07041 


A-1 3200 
3600 
3500 
3500 
4000 
4000 
4000 
4000 
4000 
4000 


3000 
2500 
2250 


3800 
3800 
4500 
5741 
6000 
2450 
2450 
2300 
2300 
2300 


27,800 
27,100 
26,800 
27,700 
26,700 
27,000 
26 ,800 
26 ,900 
27,800 
28,500 
27 ,000 
27,600 
26 ,900 
27,300 
26, 800 
26,900 
27,000 
27,400 
27,700 
27,800 
27,400 
28,600 
27,800 


27,400 
cal per mole 


0.250 0.095 
0.281 0.723 
0.568 0.224 
0.211 0.553 
31.8 12:5 
255 6.53 
3.30 1.30 
1.00 2.55 
2-55 0.97 
0.61 1.65 


0.22 0.086 
0.071 0.185 
0.078 


16.0 
1.97 


3.38 
2.01 
5.98 


52.01 
5.00 


1.01 


Q (average) = 


It has been demonstrated’ that above 527°K, where 
creep of polycrystalline Al is controlled by the dis- 
location climb mechanism, the total strain € obtained 
at time ¢ under a constant stress o is dependent on a 
temperature-compensated time 6, where 


[3] 


€ = f (9) for o = const. 


and 


[4] 


The question, therefore, arises as to whether this 
useful relationship might not also apply to the cross- 
slip region of creep. In order to test this point the 
various creep data shown in Figs. 4(a), 4(b), and 4(c), 
were obtained, which confirm the validity of Eq. [4] 
for the cross-slip region. Whereas each stress and 
each alloy has its own unique €—6 curve, the €— 4 
curves for a given stress are independent of the test 


Fig. 3—Photomi- 
crograph following 
creep at 308°K, 
5000 psi to a strain 
of 0.2309. X250. 
Reduced approxi- 

* mately 38 pct for 

reproduction. 
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temperature, at least within the cross-slip range of 
temperatures. 

The validity of Eq. [3] for the cross-slip range 
suggest that the same dislocation substructure is 
obtained at the same value of 6 for a given creep 
stress, independent of the actual test temperature. 
This conclusion is readily illustrated by differentiat- 
ing Eq. [3] with respect to the time which gives 


[5] 


and comparing the result with Eq. [2]. Consequently 


=6T=297.35°K 


ALLOY B O=4500psi 7 2=340.48°K 


TRUE STRAIN, € 


30 40 50 60 70 80 
27,000 


= te 19865T (mi 18 
|. (minx lO) 


Fig. 4a—Correlation of creep strain as a function of a tem- 
perature-compensated time. 
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Fig. 4b—Correlation of creep strain as a function of a tem- 
perature-compensated time. 


the preexponential terms of Eq. [2] which depend on 
the substructure must equal /’(@). 

Conversely if the substructure generated during 
creep under a given stress is dependent only on 4, 
the preexponential terms of Eq. [2] can be repre- 
sented by the function f’(6), as shown in Eq. [5], 
which upon integration gives Eq. [3]. Therefore the 
same substructure should be developed for a given 
creep stress at the same strain, independent of the 
test temperature within the range where cross slip 
is the rate-controlling mechanism. Two types of 
tests were employed to confirm this correlation. 

The back-reflection Debye-Scherrer radiographs 
shown in Fig. 5 were taken following creep at dif- 
ferent temperatures. Since the pinhole was small 
and the original grain size relatively large only a 
few grains exposed to the beam were oriented so as 
to satisfy Bragg’s Law. Consequently only a few 
spots appear on the Debye-Scherrer circles for the 
annealed specimen. Following creep, however, the 
individual grains became distorted causing diffrac- 
tion over a segment of the Debye-Scherrer circle. 
And within the sampling scatter, approximately the 
same type of Debye-Scherrer pattern was obtained 


T = 308° K = 
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Fig. 4c—Correlation of creep strain as a function of a tem- 


perature-compensated time. 


for creep under the same stress to the same strain 
for both test temperatures. 

The diffuse character of the Debye-Scherrer arcs 
from a single grain are distinctly different from the 
previously reported spotty arcs’ obtained as a result 
of polygonization during creep in the dislocation- 
climb range of temperatures suggesting that the arc- 
ing in the cross-slip range of temperatures arises not 
from polygonization but perhaps from more uniform 
bending of the deformed crystals due to piled-up 
dislocation arrays. 

A more definitive result was obtained by using 
tensile tests at room temperature as a sensitive 
measure of the substructure generated during creep. 
In Fig. 6 are shown a series of stress strain curves 
from specimens that were crept under the same 
stress to a series of identical strains at two different 
temperatures. As creep continued, the flow stress in 
subsequent tension increased substantially. The in- 
crease in the tensile flow stress at room tempera- 
ture with increasing straining in the dislocation 
cross-slip region of creep is entirely consistent with 
the attendant increased arcing of the Debye-Scherrer 
spots from a single grain. Both observations sug- 


Fig. 5—X-rays of specimens crept to cor- 
responding strains at 308° and 327°K un- 
der a stress of 5000 psi. 


€ = 0.1959 € = 0.1961 Annealed Unstrained 
Specimen 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


020 
o T=327°K 
T=308°K 
| 
| 
- 
= 
= 
| 
| 
0.10 
0.08 
2 
, 
=" 
; 
€ = 0.0408 € = 0.0410 € = 0.0903 
T = 308° K T = 327° K T = 327°K 
TR 


gest that the creep rate in the cross-slip region de- 
creases with time as a result of the introduction of 
additional barriers to dislocation motion during the 
course of creep. 

Within the experimental scatter the same stress- 
strain curves were obtained following the creep at a 
given stress to the same strain for each of the two 
different temperatures. These data not only reveal 
that the substructure generated during creep in the 
cross-slip region depends on the creep strain under 
a given stress but they also confirm the validity of 


Eq. [3]. 


CONCLUSIONS 


1) The apparent activation energy for creep of 
polycrystalline Al over the range from 275° to 
345°K is 27,400 cal per mole. Metallographic ob- 
servations and comparison with theoretical cal- 
culations on the activation energy suggest that the 
creep rate is controlled by the cross-slip mechan- 
ism in this range. 

2) The substructure generated during creep in 
the cross-slip region under a given stress is inde- 
pendent of the test temperature, being dependent 
only on the strain. 

3) The total strain ¢ following creep in the cross- 
slip region under a given stress is related to a tem- 
perature-compensated time, 


9=te RT, 


CURVE CREEP STRAIN 
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Fig. 6—Stress-strain curves of crept specimens. 


where ¢ is the duration of creep, Q the activation 
energy, R the gas constant, and 7’, the absolute tem- 
perature. 
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Solubility of Nitrogen in Liquid-lron Manganese Alloys 


Solubility of nitrogen in liquid iron-manganese system at 


1550°C and one atmosphere pressure has been determined by a 


R. A. Dodd 


simple method. Results show that the solubility increases from 


0.040 pct for pure iron to 1.41 pct for pure manganese. 


DererminaTION of the solubility of gases in vol- 
atile metals and alloys by the well-known Sieverts’ 
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method is unreliable. This is particularly true for 
the Fe-Mn system since Mn vaporizes readily from 
the alloys containing as little as 2 pct Mn, and, 
upon condensing on the cooler parts of the appara- 
tus, it absorbs large amounts of nitrogen. Further, 
the condensing Mn vapor interferes with the usual 
method of temperature measurements with an opti- 
cal pyrometer. 
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Fig. 1—Top view of apparatus without lid, thermocouple and 
nitrogen bubbling tube. A, graphite crucible; B, hole for 
alumina crucible which is C; D, holes for thermocouple and 
optical temperature measurements; E, granular alumina; 
F, silica tube, bottom closed, top open; G, induction coil. 


Published data on the solubility of nitrogen in 
these alloys are inadequate. Saito’s set of data’ is 
the only one covering the entire range of composi- 
tion but his results represented as the concentra- 
tion of nitrogen vs the composition of Fe-Mn refer 
to 100° to 150°C above the ‘‘melting point’’ of the 
alloy in the range of 0 to 50 pct Mn, and 1400°C for 
50 to 100 pct Mn. He used Sieverts’ method for 
alloys containing up to 5 pct Mn, and a simple 
method of bubbling nitrogen through the higher 
manganese melts weighing 150 g and then analyzing 
the water-quenched melt. Wentrup and Reif* inves- 
tigated the solubility of‘nitrogen at 1600°C in alloys 
containing up to approximately 22.3 pct Mn by equi- 
librating the melt with nitrogen and analyzing the 
samples cast in copper molds. It is thus evident 
that complete and systematic data for any one tem- 
perature are lacking. The purpose of this investiga- 
tion was therefore, to determine the solubility of 
nitrogen in Fe-Mn alloys in the range of 0 to 100 
pet Mn at 1550°C. 


EXPERIMENTAL METHOD 


The apparatus used in this investigation is shown 
in Fig. 1. The graphite crucible, A, is 1 1/2 in. 
diam and 4 1/4 in. high with three mutually tangent 
holes 3 3/4 in. deep: B, 15/16 in. diam for inserting 
a pure alumina crucible, C, 4 1/4 in. high 7/8 OD; 
D, 1/4 in. diam, one for a Pt- Pt + 10 pct Rh ther- 
mocouple protected with an alumina tube, and the 
other, for auxiliary temperature measurement with 
an optical pyrometer. A new thermocouple was used 
with each run to eliminate possible contamination 
resulting from repeated use. The crucible C was 
charged with 50 g of electrolytic iron and electro- © 
lytic manganese both better than 99.9 pct pure. The 
graphite crucible, A, was then packed with granular 
alumina, E, in a silica furnace tube, F, the bottom 
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Fig. 2—Solubility of nitrogen in Fe-Mn alloys at 1550°C 
and 1 atm. 


end closed, the top fitted with a cover having three 
3/8-in. holes, one for observation or sampling, 
another for the thermocouple, and the last one for 
inserting an alumina inlet tube for nitrogen. The 
system was first flushed with hydrogen and then 
nitrogen was passed through an alumina tube into 
the crucible, C, at the rate of approximately 400 ml 
per min. The charge was heated by induction with a 
coil, G, and the desired temperature was maintained 
within + 5. The nitrogen inlet tube was then low- 
ered about 1 to 2 mm into the melt and the gas was 
bubbled through the metal. After 30 min at constant 
temperature, the melt was sampled by sucking it 
into a 5-mmID silica tube constricted to less than 

2 mm ID at 70 mm from the tip. Another sample 
was also taken 20 min after the first sample. For 
runs containing more than 80 pct Mn the melt was 
sucked into a 2 mm ID clear thin-wall silica capil- 
lary tube and immediately quenched in water. All 
samples containing more than 20 pct Mn were 
broken for visual examination and found to be sound. 
The entire individual sample was then dissolved 
and the solution was analyzed for nitrogen by the 
solution-distillation method. Duplicate samples 
agreed within +3 pct of total nitrogen contents. 


RESULTS AND DISCUSSION 


The experimental results are listed in Table I 
and represented in Fig. 2. The analyzed values are 
corrected slightly by means of Sieverts equation 
when the pressure differed more than 5 mm Hg 
from 760 mm, and in the case of Runs 8 and 9 the 
vapor pressure of manganese has been subtracted 
from the observed total pressure (Cf. Eq. [1]). 

Solubility of nitrogen in iron agrees very closely 
with the average of all available values, * extrapol- 
ated to 1550°C whenever necessary by using 10° 
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Fig. 3—Variation of activity coefficient of nitrogen in Fe- 
Mn alloys at 1550°C. Reference state for fy is infinitely 
dilute solution in iron. 


pet N per °C. The result for pure Mn is obtained 
from a recent paper’ in which the solubility of ni- 
trogen was established with a maximum deviation 

of 8 pct from the solubility-temperature correlation 
line in the range of 1273° to 1500°C. 

Solubility of nitrogen in pure iron increases 
slightly with temperature as mentioned earlier, but 
that in pure manganese decreases.’ The solubility is 
expected to vary slightly with temperature in the 
intermediate range of composition. 

The activity coefficient, fy, of nitrogen is com- 
puted from the following equation: 


K = fy: Pp, [1] 


where K is 0.040, ty for pure iron is unity by the 
choice of velavonce | state, and P,, is the pressure 
of gaseous nitrogen which is alse’ unity. Hence the 
activity coefficient of nitrogen in liquid iron-man- 
ganese alloys is simply expressed by fy =0.040/%N. 
The resulting values of log fy are plotted versus 
manganese concentration in Fig. 3. 

The activity coefficient fy depends on the concen- 
trations of manganese and of nitrogen. Each of these 
effects may be determined by the solubility of ni- 
trogen at various partial pressures of nitrogen, 
Py, over every manganese-iron alloy. Various 
values of Py, can be readily obtained by diluting 
gaseous nitrogen with argon. Unfortunately, such 
results are not available as yet. 

The Wagner interaction parameters® of nitrogen 
in manganese and in iron as the infinitely diluted 
solvents, i.e. ew” and ey are obtained from Fig. 3 
by using the following equations: 


(Mn) _ (Ain Jn 

(Fe)_ (Ain = 3.0 
EN -( Fe 1 [3] 


where X is the mole fraction. The first value agrees 
well with those calculated from Saito’ and Wentrup 
and Reif® and correlates well with the parameters 
for other elements.’ 
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Table |. Experimental Results 


Run No. Pct Mn Pct N —log fy ** 

1 0 0.040 0 

2 3.42 0.041 0.01 
3 8.4 0.051 0.11 
4 18.3 0.101 0.40 
5 32.5 0.140 0.54 
6 49.3 0.334 0.93 
7 76.2 0.62 1.19 
8 85.3 1.05 1.42 
100.0 1.41 1.55 


*Obtained from Ref. 5 with a maximum deviation of +0.01 Pct N 
between 1273° and 1500°C. 
**Reference state: f, » 1 when Pct Mn > 0. 


It has been shown elsewhere? that 


where yr. is the activity coefficient of iron in man- 
ganese and A and B are constants. According to 
Sanbongi and Ohtani,® Fe-Mn is very nearly ideal 
hence yr, is unity. It is seen from Fig. 3 that Eq. 
[4] without the terms beyond the first is obeyed 
from 0 to 10 pct Mn and likewise the corresponding 
equation log f,/Ym, = A’Xre is obeyed from 0 to 50 
pet Fe, z.e.log f, follows two straight lines in these 
ranges within experimental errors. Eq. [2] can also 
be obtained from Eq. 4 and likewise Eq. 3 from 

log Sy / = A’X re. 

Comparison with the data of Saito, and Wentrup 
and Reif are shown in Table II. In view of the fact 
that these investigators presented their results 
only graphically, the scaled values from their fig- 
ures at convenient concentrations are presented 
with those of this investigation. The results below 
40 pct Mn agree fairly well. Above 50 pct Mn Saito’s 
results scatter considerably and for pure Mn at 
1400°C the solubility of nitrogen is approximately 
half of the value obtained by one of the authors.” 


SUMMARY 


Iron-manganese alloys of various compositions 
ranging 0 to 100 pct Mn were equilibrated at 1550°C 
with nitrogen at 1 atm pressure. The melt was 
sucked into silica tubes of very small diameter for 


Table Il. Comparison of Results of Various Investigations on 
Solubility of Nitrogen in Fe-Mn Alloys at 1 Atm of No 


Pct N Pct N Pct N 
Pct Mn Authors Ref, 2* Ref. 3*** 

0 0.040 0.042 0.042 

5 0.044 0.049 0.060 

10 0.052 0.057 0.074 

20 0.087 0.083 0.098 
40 0.22 0.17 to 0.25f _ 
60 0.43 0.30 to 0.40 ~ 
80 0.80 0.46 to 0.66 = 
100 1.42 0.95 to 0.99** = 


*Temperature: 100-150°C above the ‘‘melting point’’ for 0-50 pct Mn; 
1400°C above 50 pct Mn. 
**Corresponding value from Ref. 5 for 1400°C is 1.97 pct N. 
***Temperature: 1600°C. 
tTwo values are from two curves by Saito for the same set of results. 
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sampling and then analyzed. The results show that 
solubility of nitrogen increases from 0.040 pct for 
pure iron to 1.41 pct for pure manganese. Hence, 
the activity coefficient of nitrogen decreases with 
increasing manganese. The Wagner interaction 
parameter® of nitrogen in iron and in manganese 
have been obtained. The parameter in iron agrees 


1A. Sieverts: Z. Phys. Chem., 1911, vol. 77, p. 591. 

2T. Saito: Res. Inst. Tohoku Univ., 1949, vol. 1, p. 411 and 419. 

3H. Wentrup and O. Reif: Archiv. Eisenhiittenw., 1949, vol. 20, p. 359. 

“M. Ohtani and N. A. Gokcen: to be published. 

5N. A. Gokcen: to be published in Trans. Met. Soc. AIME. 

°C. Wagner: Thermodynamics of Alloys, Addison Wesley Press, Cambridge, 


Stacking Fault Energy 


REFERENCES 


The Dependence of Wire Texture in Fcc Metals on 


It is suggested that the difference in ease of cross-slip among 
the fcc metals determines the relative amounts of [111] and [100] 


well with that computed from the data of Saito,’ and 
Wentrup and Reif. 
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wire texture which occur in each metal, Since the ease of cross- 
slip is controlled by the stacking fault energy, it turns out that the 
amount of [111] texture should increase as the stacking fault energy 


increases. Arguments and existing data are presented to support the 


above suggestion. 


Tre fec metals generally have a dual texture, [111] 
and [100], after wire drawing. As yet no fundamental 
explanation exists concerning the variation of the 
amounts of each texture among the metals. Barrett! 
has compiled data which show how the relative 
amounts of each texture vary from 100 pct [111] in 
the case of aluminum to 25 pct [111] for silver. In 
this paper it is suggested that the value of stacking 
fault energy plays a major part in determining the 
amount of each type of texture. 

The double texture has its origin in the classical 
rotation of a single crystal under tension. An equi- 
librium position of the crystal is one in which three 
or more equivalent slip systems are operating simul- 
taneously. Most crystals, initially, tend to rotate 
toward the [111] or the [100] pole depending upon its 
initial orientation. This single-crystal behavior is 
essentially the same as the rotational behavior of 
the polycrystalline metal as worked out by Taylor.” 

The next point to consider is whether the [111] or 
[100] orientation is more stable. There have been 
many discussions of this question* ° which, in 
general, have lead to the conclusion that [111] is 
most stable. For example, Pickus and Mathewson* 
suggested that a [111] texture produces more ef- 
fective flow because the [110] slip direction makes 
a smaller angle with the [111] than with the [100]. 
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A crude statistical argument will be presented which 
again favors the [111] orientation. 

In order to maintain a pure [100] wire texure, slip 
must occur in equal proportions in four of the six 
possible <110>slip directions. In order to maintain 
a pure [111] texture, slip must occur in equal pro- 
portions in only three of the six <110>directions. 
Since the <110> directions are the only slip direc- 
tions in a fcc metal and if it is assumed that each 
of these six directions is equally probable, then the 
relative probability of a [111] texture vs a [100] 
texture may be calculated. The statistical weight 
of a particular texture is the multiplicity of a texture 
times the probability of obtaining any one. The 
statistical weight for [111] is 


and for [100] is 
Pi00)= 3(1/6 X 1/5 x 1/4 x 1/3) 
The relative probability is: 


If no factor other than probability operated, there 
should be 80 pct [111] and 20 pct [100]. The above 
argument agrees with the conclusion of other in- 
vestigations that indicate the [111] texture is more 
likely than the [100] in all fcc metals. 
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Thus, whether the metal can flow completely into 
the more stable [111] orientation or whether it flows 
with a double texture should depend on how freely 
the dislocations may move. The greater the degree 
of freedom in the motion of the dislocations, the 
more completely will the metal achieve the most 
stable state. The extensive investigations by Seeger 
and coworkers on fcc metals’”° have shown that, at 
high strains, the ability to cross-slip is the distin- 
guishing feature among the metals. It is now well 
known that the stress-strain curve for a fcc single 
crystal has three stages. As pointed out by Seeger 
the transition from Stage II to Stage III largely de- 
pends on the ease with which a particular metal 
cross-slips. If a dislocation can cross-slip, it can 
overcome obstacles more easily so that in general 
the metal flows with less internal constraint and 
should approach the stable [111] texture more com- 
pletely than if cross-slip were not possible. During 
the wire drawing process, some points of the metal 
are in the meta-stable [100] orientation, and as the 
opportunity arises, they will, time permitting, try 
to flow into the more stable [111] orientation. Thus, 
it is expected that the rate of cross-slip would play 
a large part in determining how rapidly the entire 
metal can orient itself into the more stable [111] 
direction. 

Schoeck and Seeger” have given the following 
equation for the rate of cross slip: 


e-U/KT [1] 
Where the activation energy is: 
U= Aln T/Tr11 (o) [2] 


T is the applied stress and 7); (0) is the stress to 
produce cross-slip at 0°K. For a given amount of re- 
duction in area, in wire drawing, the applied stress 
is usually a fixed fraction of the flow stress as 
shown by the following equation for wire drawing:** 


T = In D5 /D* [3] 


where D, and Dare the initial and final diameter of 
the wire on passing through the die. Consequently, 
U varies essentially with A when comparing wires 
of different metal drawn to the same reduction in 
area. 


A’ = 0.352 Gb’/(1 + 2/900) (1 + 180 y/Gb) [4] 


where n is the number of dislocations in a pileup, 

G shear modulus, b Burgers vector, and y stacking 
fault energy. The main point is at hand, namely, that 
the physical parameter A plays the major part in 
determining the relative amounts of [111] and [100] 
texture in wire drawing, AS shown by Eq. [4], an in- 
crease in stacking fault energy decreases A which 
decreases the activation for cross-slip so that [111] 
texture is more readily produced. 

Values of A have been determined recently by 
Seeger, Berner, and Wolf’* for several fcc metals. 
The experiments consisted in measuring 7;;; for 
Single crystals as a function of temperature and 
strain rate. The theory suggests that » = 20 and 
that it is about the same for all fcc metals. These 
A values and their corresponding stacking fault 
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Table | 
S.F.E." S.F.E.** 
Metal Pct [100] Pct[{111] A (ev) Ergs/cm? Ergs/cm? 
Al 0 100 0.22 230 200 
Cu 40 60 0.38 169 40 
Ni like Cu 410 64 to 140 
Au 50 50 0.71 30 24 to 47 
Ag 75 25 0.62 43 26 to 58 
@ Brass like Ag 10 to 15 


energies are now compared with the relative amounts 
of [111] and [100] wire texture in each metal as pre- 
sented by Barrett.’ In addition, the values of the 
stacking fault energy determined by Thornton and 
Hirsch** are added for comparison. Variation be- 
tween the values of stacking fault energy are such 
that the data on wire texture are in rather good 
agreement with the idea that metal of a high stacking 
fault energy tends to have a higher percentage of 
[111] texture. There is no doubt that better experi- 
mental values of stacking fault energy would be most 
desirable. 


The wire texture of bcc metals is in keeping 
with the general concept that the ability to cross- 
slip increases the chance of reaching the equilibrium 
state. It is well known that in general all the bcc 
metals cross-slip more readily than the fcc. For 
example, wavy slip lines in the bcc metals are one 
of the well-known indications of easy cross-slip. 
Thus, in contrast with fcc metals all the bcc metals 
have a single texture which is [110]. Even though 
the [100] texture is symmetrically disposed about 
four [111] directions, it is not found in the wire tex- 
ture of a bcc metal. 

Eqs. [1] and [2] bring to the fore other factors 
which will determine the relative amounts of [111] 
and [100] texture. The higher the temperature and 
the slower the rate of wire drawing, the larger the 
expected amount of [111]. Eqs. [1] and [2] are con- 
sistent with a proposal by Hibbard’® that a suffici- 
ently high value of 7, the applied stress, should pro- 
duce only a [111] texture. However, there is an 
upper limit to the stress that can be applied and 
still produce wire of a uniform cross-section as 
shown by Eq. [3]. 

There are other complications such as the radial 
stress distribution which gives the skin a different 
texture than the core. The initial recrystallization 
texture of the wire plays a large part as shown by 
Freda and Cullity.’ In silver and copper which had 
initially a [100] recrystallization texture, the silver 
showed a stronger tendency to form [111] wire 
texture than the copper. This tendency is contrary 
to the above theory because copper is supposed to 
have a higher stacking fault energy than silver. 
Freda and Cullity swaged their wire; the disagree- 
ment may in part have originated in the difference 
between swaging and wire drawing. The test of the 
theory will depend upon more accurate values of 
stacking fault energy and measurements of texture 
on wires with no initial texture and drawn under 
the same conditions. 

The new points that have been advanced about the 
occurrence of [111] and [100] wire texure in cold- 
drawn fcc metals are: 
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1) The [111] tends to be the major texture because 
it is statistically a more probable state of flow. 

2) Ease of cross-slip determines the rate of ap- 
proach to a pure [111] texture. 

3) As a corollary to point 2), the stacking fault 
energy plays an important part in determining rela- 
tive amounts of [111] and [100] texture in a particular 


fcc metal. 
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Effect of Hydrogen on the Tensile Properties of 


The tensile properties of iodide vanadium were determined 
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as a function of hydrogen concentration. It was shown that the 
presence of 10 ppm H is sufficient to cause embrittlement of 
vanadium over a limited temperature range. The temperature of 
the observed ductility minimum is approximately -100°C, this 


being a function of strain rate and hydrogen concentration. The 
yield stress of hydrogenated vanadium is raised sharply in the 


brittle temperature range. 


Tue present investigation was initiated to determine 
the effect of hydrogen on the tensile properties of 
high-purity vanadium as a function of temperature 
and the role of hydrogen in the brittle-ductile tran- 
sition. Loomis and Carlson’ reported a change from 
ductile to brittle behavior in iodide vanadium at 
-110°C with a return of ductility at temperatures 
below —140°C. Vanadium wire containing 270 ppm of 
hydrogen was brittle at room temperature while wire 
containing 100 ppm was ductile under the same con- 
ditions. Roberts and Rogers’ reported a ductile- 
brittle-ductile fracture sequence in vanadium con- 
taining 400 to 600 ppm of hydrogen. Their data show 
that hydrogenated vanadium is ductile at 150°C, 
brittle at room temperature and ductile again at 
-196°C. Magnusson and Baldwin® found a minimum 
in ductility in vanadium containing 80 ppm hydrogen 
from tensile tests performed at several strain rates. 
Information available on the vanadium-hydrogen 
equilibrium system * is somewhat incomplete. The 
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absorption of hydrogen is exothermic in accordance 
with the decline in solubility with rising tempera- 
ture. The limit of solid solubility at temperatures 
below 400°C has not been determined due to the 
difficulties in obtaining equilibrium at these tem- 
peratures. Data on the hydrides of vanadium are 
rather limited. Roberts® studied the structure of 
VD,,.7 by neutron diffraction, and observed the or- 
dering of the deuterium atoms below -—65°C into a 
primitive cubic cell with a lattice constant about 
twice that of the disordered bcc vanadium solid solu- 


tion. 


EXPERIMENTAL PROCEDURE 


Vanadium of 99.9 pct purity was prepared by the 
iodide refining process’ for use in this investigation. 
This vanadium contained the following analyzed im- 
purities; <<20 ppm calcium, 150 ppm carbon, 200 
ppm chromium, 30 ppm copper, 10 ppm hydrogen, 
200 ppm iron, <20 ppm magnesium, <20 ppm nickel, 
<5 ppm nitrogen, 150 ppm oxygen, <50 ppm silicon, 
and <20 ppm titanium. 

Specimen Preparation— Tensile specimens were 
machined from swaged rods of iodide vanadium. The 
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Fig. 1—Temperature vs ductility of vanadium at different 
hydrogen concentrations. 


diameter of the reduced section of the specimen was 
0.125 in. and the length of the reduced section was 1 
in. After machining, the specimens were polished 
with abrasive paper and recrystallized by heating in 
an inert atmosphere at 1120°C for 12 hr. The re- 
crystallized specimens exhibited a uniform grain 
size of approximately 0.5 mm diam. 

Control of Hydrogen Content-- Tensile specimens 
were annealed in vacuo (10°° mm of Hg) for 8 hr at 
900°C to remove the residual 10 ppm of hydrogen 
normally found in iodide vanadium. The desired 
amounts of hydrogen were then added to the speci- 
mens by a thermal-charging method. This method 
consisted of heating the specimen in an evacuated 
system and introducing a measured volume of puri- 
fied hydrogen gas. The specimens were held at 
800°C for 1 hr to dissolve the hydrogen and slowly 
cooled to room temperature over a period of 18 hr. 
The hydrogen content of the specimens was verified 
by vacuum fusion analysis. 

Tensile Apparatus— Tensile tests were performed 
on a screw-driven testing machine at a constant 
crosshead speed. The strain rate, calculated from 
the crosshead motion and the length of the reduced 
section, was 0.008 in. per in. per min unless other- 
wise specified. Temperatures below room tempera- 
ture were obtained by regulating the flow of liquid 
nitrogen into a cold chamber; tests above room 
temperature were carried out under an inert atmos- 
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Fig. 2—Effect of hydrogen on reduction in area of vanadium 
at different temperatures. 


phere using a resistance furnace to heat the speci- 
men. 


RESULTS 


Tensile tests were performed on vacuum-annealed 
specimens and on specimens containing varying 
amounts of hydrogen. Uniform elongation and re- 
duction in area were determined as functions of tem- 
perature at various hydrogen concentrations. These 
data are plotted in Figs. 1 and 2. It can be seen that 
50 ppm of hydrogen produces a minimum in both the 
uniform elongation and reduction in area at approxi- 
mately —50°C. An increase in the hydrogen concen- 
tration is observed to raise the transition tempera- 
ture and to increase the temperature range of em- 
brittlement. 

Load-elongation curves obtained at different tem- 
peratures for specimens in the vacuum-annealed and 
in the hydrogen-charged conditions are reproduced in 


Fig. 3. It will be noted that the load falls off almost 
to zero in the ductile region due to extensive necking. 
This makes measurement of the reduction in area of 
the specimen extremely difficult on a ductile speci- 
men. It is frequently argued that reduction in area is 
the proper measure of ductility and that uniform 
elongation is more an indication of the strain harden- 
ing characteristics of the material. However, it was 
felt that on vanadium, uniform elongation is the more 
useful property for measuring the degree of embrittle- 
ment since it is more sensitive to variations in tem- 
perature, strain rate, and impurity content. Vana- 
dium containing hydrogen does not undergo necking at 
temperatures approaching the brittle range but ex- 
hibits considerable uniform elongation. For these 
reasons elongation has been used as the criterion of 
ductility in this investigation. 

Effect of Strain Rate— The effect of strain rate on 
the ductility minimum in vanadium containing 10 ppm 
of hydrogen is shown in Fig. 4. The minimum in the 
uniform elongation vs temperature curve occurs at 
approximately -105°C for a strain rate of 1.3 10°* 
in. per in. per sec, but is shifted to a higher tempera- 
ture (-80°C) when the rate is increased to 8.3 X10 ° 
in. per in. per sec. The temperature range of em- 
brittlement is also somewhat less at the higher strain 
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Fig. 3— Load-elongation curves of vanadium at different 
temperatures with and without hydrogen present. 


rate and would be expected to disappear at still 
higher strain rates as was observed by Magnusson 
and Baldwin.* They found that vanadium containing 
80 ppm hydrogen was ductile over the temperature 
range of —200° to 200°C at a strain rate of 300 in. per 
in. per sec although exhibiting an abrupt change in the 
degree of ductility at -100°C. 

Effects of Other Impurities— A comparison of the 
effects of hydrogen with those of other non-metallic 
impurities was also of interest to this investigation. 
As shown in Fig. 5, the presence of 600 ppm of oxy- 
gen in hydrogen-free vanadium lowers the ductility at 
all temperatures investigated but does not produce 
embrittlement in this temperature range. With the 
addition of 50 ppm hydrogen to this metal, a ductility 
transition occurs at -60°C as was observed in the 
lower-oxygen metal. Specimens containing 600 ppm 
oxygen were tested in the vacuum-annealed state at 
various temperatures up to 500°C. There were no 
abrupt changes in the elongation or tensile strength 
of these specimens over the entire temperature 
range. The appearance of sharp serrations in the 
stress-strain curves at 140° to 180°C indicated that 
strain aging occurs in the high oxygen specimens at 
these temperatures. The element responsible for 
this Portevin- LeChatelier effect was not identified; 
however, the observed temperature is considerably 
below that calculated for oxygen in vanadium based 
on the relationship of Cottrell.’ 
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Fig. 5—Effect of hydrogen on ductility of vanadium contain- 
ing different amounts of oxygen. 
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Fig. 4—Effect of strain rate on temperature of ductility 
minimum in vanadium containing 10 ppm H. 
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Microstructure— The microstructures of the speci- 
mens were examined before and after plastic defor- 
mation for evidence of a precipitated hydride phase 
or mechanical twins. The solid solubility limit of 
hydrogen in vanadium at ambient temperatures ap- 
pears to be greater than 100 ppm since no second 
phase is visible in the microstructure of a speci- 
men containing that amount of hydrogen. Specimens 
containing 800 ppm hydrogen show a considerable 
amount of second phase in the microstructure, pre- 
sumably a hydride. Roberts and Rogers® reported 
evidence of a hydride precipitate in vanadium con- 
taining 500 ppm hydrogen. 

Effect on Yield Stress— Yield points were observed 
on all vanadium specimens at room temperature or 
below, although at temperatures below -—140°C the 
effect was often masked by discontinuities in loading 
produced by the formation of twins. Hydrogen has 


\ YIELD POINTS 
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Fig. 6—Effect of hydrogen on yield stress of vanadium at 
low temperatures. 
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little effect on the upper yield point of vanadium in 
the ductile temperature range, but in the brittle re- 
gion raises the yield point of vanadium quite mark- 
edly as is seen from the data plotted in Fig. 6. The 
solid curve represents the yield stress of vanadium 
in the vacuum-annealed state and is based on the 
data given in Table I. The dashed curve represents 
the stress at maximum load as calculated from the 
instantaneous area of the specimen at the onset of 
necking and is also based on data from Table I. The 
data points plotted in Fig. 6 show the effect of hydro- 
gen on the yield stress of vanadium in both the duc- 
tile and brittle regions. It will be noted that hydro- 
gen has little effect on the yield point of vanadium 

in the ductile range; however, in the embrittled tem- 
perature range the yield point is elevated sharply 
so that it lies well above both the yield point and 
stress at maximum load of hydrogen-free vanadium. 


DISCUSSION 


Several theories have been advanced for the hydro- 
gen embrittlement of iron and steel. One generally 
accepted mechanism described by de Kazinczy° in- 
volves the accumulation of hydrogen in microcracks 
in the metal, developing high pressures within the 
cracks which causes them to enlarge under an applied 
stress. The mechanism does not appear to be appli- 
cable to vanadium since it, unlike iron, is an exo- 
thermic occluder of hydrogen. 

Petch”’ has postulated a mechanism of embrittle- 
ment in which the surface energy of a microcrack is 
reduced by adsorption of hydrogen. This permits the 
crack to propagate at stresses below the fracture 
stress of the pure metal. Roberts and Rogers” have 
suggested that the return of ductility in hydrogenated 
vanadium at low temperatures may be associated 
with the ordering of hydrogen in the vanadium lattice. 

The experimental results presented in this paper 
indicate that hydrogen embrittlement in vanadium oc- 
curs as the result of an interaction of the solute hy- 
drogen atoms with the dislocations at some critical 
temperature. This interaction, which is dependent 
upon strain rate and hydrogen concentration, raises 
the yield stress of the metal well above the yield 
point and maximum load of hydrogen-free vanadium 
in the embrittled temperature range. Since hydro- 
gen does not increase the yield stress of embrittled 
steel, it is apparent that a different mechanism is 
operative in vanadium. It is the conclusion of these 
investigators that hydrogen embrittlement of vana- 
dium occurs as a result of the interaction of dis- 
locations with a hydrogen atmosphere. This inter- 
action is maximum over a critical temperature range 
which varies with strain rate and hydrogen concen- 
tration. Hydrogen increases the yield stress of 
vanadium sharply in the critical temperature range 
raising it well above the maximum stress that can 
be applied to unembrittled vanadium in the critical 
temperature range. If this yield stress approaches 
or exceeds the cleavage strength of vanadium, 
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Table |. Yield Stress and Stress at Maximum Load for 
Vacuum-Annealed lodide Vanadium at Different Temperatures 


Temp., Yield Stress at 0.2 Pct Stress at Max. 
~é Offset,* Psi Load, Psi 
25 17,250 28,600 
-10 20,300 35,500 
-20 21,000 36,400 
25,000 35,500 
-50 25,900 37,700 
-60 26,300 41,600 
-80 34,000 45,500 
-120 48,900 53,900 
-160 69,400 75,400 
-170 76,900 86,700 
-190 78,800 88,600 
-196 86,100 91,900 


*This stress corresponds to the upper yield point where one was ob- 
served. 


brittle fracture should occur after a small amount 
of plastic deformation by the formation and propa- 
gation of cracks in the most favorably oriented 
grains. 


SUMMARY 


Small amounts of hydrogen produce embrittlement 
of iodide vanadium metal over a limited temperature 
range. Data from slow tension tests showed a duc- 
tility minimum at approximately -100°C for metal 
containing 10 ppm of hydrogen. The temperature of 
minimum ductility is dependent upon hydrogen con- 
centration and strain rate. Hydrogen raises the 
yield stress of vanadium quite markedly in the em- 
brittled temperature range. The brittle behavior of 
vanadium at these temperatures is attributed to this 
yield point phenomenon. 
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coefficient of the free energy. 


Capmium and antimony have almost imperceptible 
mutual solid solubility but form a single stable inter- 
mediate phase, CdSb. This phase, according to Han- 
sen,! extends from about 49.5 at. pct to 50 at. pct Cd 
at 300°C and has the orthorhombic structure. The 
free energy of formation of CdSb can be calculated 
from the vapor pressure of Cd for compositions 
which contain less than 49 at. pct Cd. The appropri- 
a reaction and formulae are given by Eqs. [1] and 
2}. 


CdSbis) Cdigy + [1] 
Since Sb is in its standard state, 


AF = NegdFea = NcqgRT ln aca = NcgRT InP/P° [2] 


In Eq. [2], P, is the vapor pressure of Cd in equi- 
librium with the alloy, and P° is the vapor pressure 
in equilibrium with pure solid Cd. It is implicit in 
this calculation that the free energy only slightly 
changes within the narrow limits of the single phase 
field. Thus, the value obtained from the antimony- 
rich boundary is truly representative of the stoi- 
chiometric compound. The results reported herein 
are obtained from a mixture near the eutectic com- 
position, z.e. 59 at. pct Sb. 

Only two previous investigations?’ of the free 
energy of formation of CdSb have been made. Both 
relied upon the electromotive force method, and 
measurements were made over relatively narrow 
temperature ranges which strongly influences the 
reliability of the values of OH and AS. 


EXPERIMENTAL 


The eutectic composition is prepared by fusing 
reagent grade Cd and Sb by induction heating in 
vacuo with the starting materials held in a graphite 
crucible having a threaded lid. The material ob- 
tained from the initial melt is pulverized, sealed 
under high vacuum in a pyrex capsule, and annealed 
at 420°C for two weeks. X-ray analysis gives the 
following lattice parameters: a = 6. 436A, b = 8. 230A, 
and c = 8.498A using Cu Ka radiation with A = 
1.54056. These values are in fair agreement with the 
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The Free Energy of Formation of CdSb 


The vapor pressure of Cd in equilibrium with CdSb in the 
presence of excess Sb has been measured using the Knudsen 
effusion method over the temperature range 276° to 379°C. 
The free energy of formation of CdSb is given by 


OF°® =—-1.58 + 1.53 x 10-4 T, kcal per mole. 


The enthalpy and entropy are obtained from the temperature 


Richard J. Borg 


results previously reported by Almin:* 7.e. a = 
6.471A, b = 8.253A, and c =8. 526A. 

Vapor pressures are measured using an apparatus 
which has been described elsewhere,° however, with 
a single important modification. Knudsen effusion 
cells are made of pyrex with knife-edged orifices 
made by grinding the convex surface of the lid on 
#600 emery paper. Photographs taken at known mag- 
nifications using a Leitz metallograph enable the de- 
termination of the orifice area. Numerous calibration 
measurements of the vapor pressure of pure Cd give 
close agreement with values previously reported®® 
thus indicating that no significant error can be 
ascribed to the substitution of glass cells for metal 
cells used in previous work. Because the vapor pres- 
sure of Cd is reliably established and because it is 
difficult to obtain Clausing factors for the glass cells, 
the final values used for the orifice areas are cal- 
culated from the calibration measurements of the 
vapor pressure of pure Cd. 

Effusion runs are started in an atmosphere of 
purified helium which is quickly evacuated as soon 
as the cell attains thermal equilibrium. Less than 
one minute is necessary to obtain high vacuum after 
evacuation begins, and the temperature seldom varies 
by more than 0.5°C from the value obtained prior to 
pumping out the helium. 


RESULTS 


The results of this investigation along with other 
pertinent data are tabulated in Table I. Fig. 2 is the 
familiar graph of log P against T-!°K. 

At least mean squares analysis of the data pre- 
sented in Table I yields the following equation: 


log,)P = 8.790 - 6472 x [3] 


The deviations of the individual measurements from 
the values calculated with Eq. [3] are given in column 
six of Table I; the average deviation is 4.0% of the 
calculated value. 

Although the partial molal properties change sig- 
nificantly with composition within the single phase 
region, the integral thermodynamic value should re- 
main relatively constant. Hence the results of the 
following calculations, which use the data obtained 
for the eutectic composition, are probably repre- 
sentative of the equi-atomic compound. Eq. [4] de- 

scribes the vapor pressure of pure Cd as a function 
of temperature and may be combined with Eq. [3] to 
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Fig. 1—The vapor pressure of Cd, expressed in mm of Hg, 
in equilibrium with CdSb as a function of temperature. 


give Eq. [5] thereby giving the free energy of forma- 
tion of the compound which can be differentiated to 
give 4H and AS in the temperature range of the 
actual measurements. 
logy)P° = 8.723 5781 x T7} [4] 
AF = 2.3N¢4 RT(0.067 - 691 x T-*) 

= -1.58 + 1.53 x 10-4T kcal [5] 
AH = -2.3RNcq X 691 = -1.581 kcal [6] 
AS = -2.3RN cq x 0.067 -0.16 e.u. [7] 


Heat capacity measurements of solid CdSb have been 
made by Kubaschewski,’ and from these data a value 
of AC, equal to 0.2 cal per °C has been calculated.° 
This value is used in Eqs. [8] and [9] to obtain the 
integral values of AF, AH, and AS at 298°K. 


298 
+ ACdT [8] 
T 


= +f ACyd In TT (9] 


A = SH29g — [10] 


The final results calculated with the foregoing equa- 
tions are listed in Table II and are compared with 
the values recommended by Hultgren® based upon 
the work of Seltz and DeHaven.? 


DISCUSSION 


An independent method of checking the accuracy of 
the results reported above is to compare AF at the 
liquidus temperature with the values derived from 


Table Il 


AS, e.u. 


-0.30 + 0.25 
=0:55 
-0.16 + 0.25 
-0.36 


Investigator 


7? AF, Cal 


298 4:45 
298.15 -1555 
600 -1489 + 45 
687 -1390 


AH, Cal 


-1641 + 125 
-1720 
-1581 + 125 
-1630 


present work 
Ref. 6 
present work 
Ref. 6 
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Table |. Experimental Results 


Orifice Area 
x 10°, Cm? 


549.3 2.021 
556.0 2.021 
565.5 2.021 
571.6 2.021 
585.0 2.021 
587.1 0.7868 
599.8 0.7868 
615.1 0.7868 
627.6 0.7868 
628.4 0.7868 
639.6 0.7868 
650.2 0.7868 
652.3 0.7868 


P, mm 


9.78 x 10-* 
1.45 x 107° 
2.32 x 107° 
2.61 x 107° 
5.21 x 10-° 


Aw, Mg At x 107°, Sec 


the measurements made on liquid alloys.** This 
calculation requires subtracting the free energy of 
melting pure Cd, AF,,, at the eutectic temperature 
from AF, for the liquid phase as shown by Eqs. 
[11], [12], and [13]. 


Tm 
AS, = AS, + ACydInT [11] 


[12] 


AF! =4F, + AF,, [13] 


where the subscripts /, s, m, and e stand for liquid, 
solid, melting, and eutectic, respectively. Eq. [13] 
gives the partial molal free energy, 4 Fj’, of Cd in 
the liquid state referred to the solid as the standard 
state. The value of AF; at the eutectic temperature 
is calculated taking AH; = -1060 cal. and AS; = 
1.85 e.u. These quantities are obtained by interpolat- 
ing with respect to composition the data reported by 
‘‘Selected Values.’’® At the eutectic temperature 
AF,’ is found to equal -2690 cal. as compared to 
—2941 cal. obtained using Eq. [3] and [4]. Considering 
the uncertainty in 4H and AS and noting that these 
parameters must be interpolated to the eutectic com- 
position for the liquid alloys, the agreement seems 
good. 
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Polycrystalline Aluminum 


suggest that the ‘‘grain size’’ effect is not due to dislocations 

piled up at grain boundaries but rather is primarily a relative 
size effect due to surface crystals being weaker and less con- 
fined, 


Sruptes directed at interpreting hardening of poly- 
crystalline metals normally identify their strain 
hardening properties with those in some particular 
type of single crystal.'~* The recent recognition in 
face centered-cubic metals of a nearly linear stage 
with rapid hardening occuring at comparable rates 
for both polycrystals and single crystals, suggested 
that the same process or processes determine both 
cases and hence that there exists some justification 
for the use of single crystals to understand poly- 
crystals. 

Further evidence for the above view may be found 
by an approach initiated by Chalmers:° By using 
bicrystals of controlled orientation it is possible to 
begin to assemble a polycrystal and also to study 
grain boundary effects in detail. In this way it has 
been found that a single grain boundary affects easy 
glide but not the subsequent stage II hardening.° 
This result suggests that a sensitive way to observe 
grain boundary effects in polycrystals would be to 
vary grain size and measure easy glide. As will be 
seen, easy glide is only possible for coarse-grained 
samples, and hence the results will serve to fill in 
the gap in measurements between single crystals and 
bicrystals on one hand and fine-grained polycrystals 
on the other. 

One problem inherent in comparing single crys- 
tals with polycrystals is the uncertainty as to what 
slip systems are acting in a polycrystal. To com- 
pare the two types of samples, rates of shear hard- 
ening on the acting planes are needed, and these 
may be computed only if it is known what particular 
systems are active. The acting systems were ex- 
amined for a coarse-grained polycrystal and it will 
be shown that the systems supplying the preponder- 
ance of slip can be determined with little ambiguity. 


EXPERIMENTAL PROCEDURE 


Twelve samples of aluminum were prepared by 
chill casting into a heated graphite mold, followed by 
annealing at 635° + 5°C for 24 hr with an 8-hr fur- 
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Easy Glide and Grain Boundary Effects in 


Tensile data for coarse grained aluminum polycrystals 


Robert L. Fleischer 
William F. Hosford, Jr. 


nace cool, and finally either etching’ or electropol- 
ishing. 

The samples, with a 7 to 10 cm length between 
grips and 4.4 by 6.6 mm in cross section, were de- 
formed at a strain rate of about 3-10~* per min ina 
tensile device which has been described elsewhere.° 
The composition was reported by Alcoa as 99.992 
pet Al, 0.004 pct Zn, 0.002 pct Cu, 0.001 pct Fe, and 
0.001 pct Si; nine samples were deformed while im- 
mersed in liquid helium and three in air at room 
temperature. 

The stress-strain curve for one of the samples 
(P-1) deformed at 4.2°K has been reported previ- 
ously.° This sample was selected for determination 
of active slip systems. Eighteen of the crystals were 
examined by optical microscopy to determine the 
angles of slip line traces and by X-ray back reflec- 
tion to determine orientation. By this means the 
slip planes were determined and the resolved shear 
stress factors for possible slip systems could be 
computed. 

Finally each sample was sectioned so that after 
etching, the number of crystals could be counted for 
each of ten newly exposed surfaces. The average of 
these ten values will be termed x, the number of 
crystals per cross section. Values of x, varied from 
1.9 (nearly bamboo structure) to 12.7. Sketches of 
typical cross sections appear in Fig. 1. 


RESULTS AND DISCUSSION: SLIP SYSTEMS 


1) Determination of Acting Slip Planes—The stress 
axis orientation and operative slip planes in eighteen 
crystals of sample P-1, as determined by slip line 
traces and crystal orientation, are summarized in 
Fig. 2. For one of the crystals two planes had a 
common trace, so that the traces alone did not dis- 
tinguish which plane or planes were slipping. How- 
ever it was found that the stress resolving factor 
for the primary system was 0.386, while that for the 
most stressed system in the other plane (indicated 
by the dotted arrow) is 0.138. It will be assumed 
therefore that only the primary plane acted. Since 
the orientations were determined after extending the 
samples 4 pct, the stress axes may be rotated from 
their original value by as much as 2 deg in some 
cases. 

It is interesting to note that in five crystals only 
one slip plane acted, in eight two acted, and in five 
three planes were observed—an average of two slip 
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Fig. 1—Sketches of typical cross sections of samples 
having different numbers of crystals. 


planes per crystal. In all crystals the most stressed 
plane slipped; and where only two slip planes acted, 
the second one was usually that with the next highest 
shear stress factor, although in one case (111) acted 
when (111) was more highly stressed. 

2) Determination of Acting Slip Systems—To com- 
pare the hardening of a single crystal with that of a 
polycrystal it is necessary to know the shear stress 
7 as a function of shear strain y for both samples. 
The shear stress is related to the measured tensile 
stress o and strain € by the shear stress factor m 
such that T= mo and y=e/m, so that d7/dy = mdo/de. 
Since the hardening (d7/dy )y for a polycrystal is 
expected to be at least as large as that (d7/dy), for 
a single crystal, 


(dt/dy)p > (dt/dy)s 
and hence 
m > Vdt/dy),/(da/de )p [1] 


eq. [1] sets a lower limit on m for the polycrystal 
and allows therefore a comparison with the values of 
m expected from various assumptions as to what 
systems slipped in sample P-1. 

The reasoning just given is applied in Table I: 

The polycrystal tensile hardening do/de is 110 kg 
per mm’; single-crystal values of shear hardening 
(from the same aluminum deformed in the same 
tensile device) fall in two groups: 19.3 + 2 and 27.0. 
For the shear hardening to be at least as large in 
the polycrystal as in the single crystals, m is there- 
fore greater than 0.418 or 0.495. The rest of Table I 
indicates the average values of m derived from the 
orientations of the crystals under various assump- 
tions concerning what slip systems act. 

If only the primary system in each crystal supplies 
Slip, m7 is 0.466. This is clearly an overestimate of 
m since slip lines were seen on other planes. mis 
0.447 if the most favored system in each observed 
Slip plane is slipping. This value is lowered to 0.430 
if the next favored direction in the primary plane is 
allowed to act in only the crystals showing a single 
active slip plane; m is further lowered to 0.406 if in 
all crystals this next favored system is allowed to 
slip. If the five most favored systems slip equally, 
m= 0.32." 

It can readily be seen that assumptions of two to 
three slip systems per typical crystal are consistent 
with the value of m= 90.418 derived from a shear 
hardening rate of 19.3 kg per mm?. No values are 
consistent with the higher single-crystal hardening 
rate 27 kg per mm’. Hence it is concluded that 
fewer than three slip systems supply the preponder- 
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Fig. 2—Stress axes and active slip planes for crystals in 
sample P-1 having m = 3.8. Downward arrow indicates slip 
on (111). Arrow at 45 deg indicates slip on (111). All crys- 
tals slipped on (111). See text for explanation of dotted 
arrow. 


ance of slip in an average crystal of sample P-1 and 
that the polycrystal hardens at the same rate as the 
lower hardening group of single crystals. 

Although the preceding discussion has tacitly 
assumed that equal amounts of slip occurred on all 
the active systems and that the same hardening rate 
applies to each system, it has been suggested® and 
shown’? that for small strains slip may in fact be 
predominantly on the plane with the highest shear 
stress factor. Allowing for this behavior would lead 
to a somewhat larger value of m and hence to a still 
smaller number of significantly active slip systems. 

In the following section the value of m (= 0.42), 
which was just justified, is used in comparing re- 
sults of polycrystals with single crystals and bi- 
crystals. 


RESULTS AND DISCUSSION: STRESS-STRAIN 
CURVES 


1) Hardening—Figs. 3 and 4 show typical stress- 
strain curves at 295° and 4.2°K for samples having 


Table |. Determination of Shear Hardening Rates (d7/dy) 
for Polycrystal P-1 under Various Assumptions Concerning 
the Acting Slip Systems. P-1 was Deformed at 4.2° K 


Average 
Average Number 
da/dé d7/dy Value of Slip Assumption in 
(kg/mm?) (kg/mm’) m Systems Value of m 
- - 1-6 6 
ve 27.0 2 Single crystal values 
110 19.3 0.418 - m chosen to agree with 
110 27.0 0.495 - single crystal values 
110 24.0 0.466 Only primary system acts* 
110 22.1 0.447 2 Most favored system in 


each active plane acts* 


110 20.5 0.430 2-3 At least two systems 
act; see text* 


110 18.2 0.406 3 Three most active sys- 
tems in known planes act* 
110 11.3 0.32 5 Five most stressed sys- 


tems act’* 


*m values derived from measured orientations of crystals. For each 
crystal equal slip and equal hardening rates on all active systems are 
assumed. 
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Fig. 3—Stress-strain curves at 295° K for polycrystals 
having various numbers of crystals per cross section. 


different numbers of crystals per cross section. 

A noteworthy behavior at 4.2° is the region of in- 
creasing slope for small values of ”. This is be- 
lieved to be a result of easy glide occurring across 
part of the samples: In the case of the bamboo-type 
sample (n = 1.9) this is expected, but the initial 
lower slope region exists also when there are no 
cross sections which contain only one crystal. The 
slope at the first point of inflection will be termed 
(do/ de) min, the highest subsequent slope (do/de) max. 
Where there exists no point of inflection, (do/de) min 
equals (do/de),,., and the value is taken from the 
earliest nearly linear portion of the curves. As Fig. 
3 shows, at room temperature no easy glide be- 
havior was observed. 

On Fig. 5 are plotted the maximum and minimum 
hardening rates for all the data at 4.2° along with 
some results from other studies: Five values are 
from results on single crystals and bicrystals® and 
two others are from two studies including fine- 
grained aluminum.’ It can be seen that the easy 
glide behavior is detectible only for less than eight 
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80 


5 | 
| 16 32 64 128 


Fig. 5—Effect of the number of crystals per cross section 
on the maximum and minimum hardening rates. Points 
marked FB, HFB, and CH are from Refs. 6, 11, and 12. 
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Fig. 4—Stress-strain curves at 4.2°K for polycrystals 
having various numbers of crystals per cross section. 


crystals per cross section. The other polycrystal- 
line results all fall reasonably close to a line with 
a slight positive slope extending from single-crys- 
tal results to those for samples having 120 crystals 
per cross section. The higher range of values pre- 
viously observed by single crystals and bicrystals® 
is about the same as that for the fine-grained sam- 
ples by Carreker and Hibbard,’ as indicated by the 
horizontal dotted line. (It should be pointed out that 
the result from Ref. 12 was obtained at 20°K rather 
than 4.2°K; the error from this difference should 
be small.) 

In Fig. 6 is plotted the flow stress at an arbitrary 
tensile strain of 1 pct as a function of number of 
crystals per cross section. This stress increases 
with the number of crystals per cross section at 
both temperatures. Portions of each curve are 
marked as being described by a power law. Stress 
proportional to (grain diameter)~!/?, such as would 
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Fig. 6—Effect of the number of crystals per cross section 
on the flow stress for a strain of 1 pct at 4.2° and 295°K. 
Points marked FB, HFB, and CH are from Refs. 6, 11, and 


12. 
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be expected from dislocation pileups,’* would cor- 
respond to o ~ n°-?5 which only crudely describes a 
portion of the data at room temperature and is 
completely unsatisfactory at 4.2°K. (A relation with 
the stress equal to a positive constant plus a term 
proportional to (grain diameter)~'/? is even less ac- 
curate.) Hence a model describing the flow stress 
as determined by the grain diameters limiting the 
length of dislocation pileups must.¥e regarded as 
equally unsatisfactory. 

The view taken here is based on two consistent 
observations: 1) In agreement with the observations 
of Pell-Walpole** the flow stress appears to depend 
on the number of crystals in the cross section 
rather than the crystal size. 2) For bicrystals 
there is a layer adjacent to the free surface which 
deforms as though it were a single crystal. These 
statements together suggest that in an aluminum 
polycrystal the grain size effect is predominantly a 
result of the easier slip due to the surface crystals 
being less confined. The familiar ‘‘orange peel’’ 
effect—rumpling of the surface of a polycrystal— 
may be regarded as evidence of easier flow near the 
free surface. On a similar basis Gensamer* has 
suggested that for samples with many crystals per 
cross section there should be no grain size effect. 
His speculation is in agreement with the observa- 
tion here that as the number of crystals per cross 
section is increased, the flow stress increases 
progressively less rapidly. 

As long as a region of easier flow does in fact 
exist at the surface, it would be more logical to 
describe decreasing number of crystals per cross 
section as weakening a polycrystal, rather than de- 
creasing grain size as causing strengthening. If one 
assumes the load on a polycrystal is supported 
partly by an outer skin with stress 0, character- 
istic of surface crystals and having thickness ad 
(where d is a grain diameter and @ is a constant less 
than 1.0) and partly by the rest of the sample with 
a stress 0» characteristic of an infinitely large poly- 
crystal, then the stress o on the sample as a whole 
is given by Eq. [2]: 


(0p -0)/ (0p 05) = (4@Nn) (1 - a/vn) [2] 


Here n is D’/d’, where D is the sample diameter for 
a circular cross section or sample thickness for a 
square one. Since this equation assumes there are 
interior, confined crystals, reference to Fig. 1 in- 
dicates it should cease to be valid for less than 8 to 
10 crystals per cross section. Using the value 0.7 
for a (appreciably larger than the average value 0.4 
found by bicrystals®), and using a value of o, from 
crystals, the behavior of Eq. [2] is indicated by 
dotted lines in Fig. 6. For 7 less than 8, a straight 
line was used ending at the value® of o,. 0» was 
assumed to be 7 kg per mm? at 4.2° and 3.2 kg per 
mm? at 295°. The calculation is in reasonable agree- 
ment with the assembled data, but neither data nor 
calculation are sufficiently complete for a critical 
evaluation of the idea involved. 

Other evidence strongly supports the point of view 
used here: If the surface layers reach a stress of 
only 0, during tensile deformation, then on subse- 
quent unloading they will be forced into compres- 
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sion. Wood and Smith” have observed such a com- 
pressive stress in surface layers of aluminum, and 
Barrett’ has suggested that the effect may be due to 
surface crystals having lower yield stresses than 


interior ones. 


CONCLUSIONS 


1) For very coarse-grained polycrystals, in which 
all crystals have some free surface, a maximum of 
two or three slip systems supply the vast majority 
of slip. Although some slip on additional systems 
is not ruled out, its amount must be small. 

2) At 295° and 4.2°K there is a strong effect of 
the number of crystals (m) per cross section, on the 
hardening of polycrystals of aluminum, the effect 
being most marked for small 7. 

3) For fewer than eight grains per cross section, 
easy glide is possible at 4.2°K. 

4) Pileups of dislocations at grain boundaries are 
of little direct importance in determining the flow 
stress of aluminum at 295° and 4.2°K. 

5) The ‘‘grain size’’ effect is probably a ‘‘num- 
ber of crystals per cross section’’ effect caused by 
the surface crystals hardening less rapidly than 
their interior neighbors. 

The last two conclusions should be limited some- 
what by noting that in small enough crystals the 
separation of grain boundaries becomes comparable 
with that of barriers within the crystal.* When this 
is the case, a true grain size effect should be pre- 
sent, and pileups at grain boundaries should be im- 
portant. 
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The variation of the spectral emissivity of osmium and 


A Study of the Spectral Emissivities and Melting 


Temperatures of Osmium and Ruthenium 


ruthenium with temperature can be expressed by the following 


relations: 


157.8 — 0.160 T 


172.0 - 0.183 T 


Ruthenium, 0,655 = 9510 (0.817 T + 


where T is the absolute temperature. 


The melting temperatures of osmium and ruthenium were 
determined as 3010°+ 10° and 2250°+ 10°C, respectively. 


Durine a study of the sintering characteristics of 
osmium and ruthenium, discrepancies in the previ- 
ously accepted melting points of the metals were 
noted. The melting temperatures had not been meas- 
ured at the time of the work, but were estimated in 
the literature as 2700°C for osmium and 2450°C for 
ruthenium.’ A recent investigation by Baird? has 
shown the melting temperatures of osmium and 
ruthenium are 3000° and 2250°C, respectively. In 
the present work, osmium bars sintered at tem- 
peratures as high as 2900°C showed no evidence of 
melting, whereas ruthenium showed definite evidence 
of melting at temperatures as low as 2250°C. In 
view of the apparent discrepancies, the melting tem- 
peratures of both metals were determined. 

The spectral emissivities of both metals were de- 
termined as an aid to studies of the sintering char- 
acteristics of these metals. 


MATERIALS AND PROCEDURES 


The materials used in these studies were metal 
powders supplied by Englehard Industries, Inc., 
through the courtesy of The International Nickel Co. 
Analytical data from three laboratories, although 
not in complete agreement as to the purity of the 
material or the major impurity elements, indicated 
that the maximum impurity levels were 0.5 and 1.0 
wt pct in osmium and ruthenium, respectively. 

The metal powders were pressed to 1/4 by 1/4 
by 6-in, bars at 20Tsi using carbon tetrachloride 
as a lubricant. The pressed bars were presintered 
1 hr at 1200°C after heating 1 hr at 400°C. The 
presintered densities of the several bars of the 
metals ranged from 65 to 80 pct of ideal density. 
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formerly with Battelle Memorial Institute, is presently with 
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Specimens were self-resistance heated in a vac- 
uum sintering bell. Temperatures were measured 
with an L&N, disappearing filament optical pyro- 
meter. True temperatures were read at the base of 
an 0.30-in.-diam, 0.150-in. deep hole drilled into 
the center of a presintered bar. Apparent tempera- 
tures were read from the surface of the bar adja- 


cent to the hole. 


MELTING POINT DETERMINATION 


The melting temperature of the metals was de- 
termined as the temperature at which a slight ad- 
ditional increase in current through the specimen 
resulted in a reduced temperature at the base of the 
hole. The apparent reduction in temperature is a 
result of the liquid metal filling the hole, thus alter- 
ing the black-body conditions. The melting points 
of osmium and ruthenium, based on three deter- 
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| | curve 
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Fig. 1—Relation of apparent temperature to black-body 
temperature for osmium 
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Fig. 2—Relation of apparent temperature to black-body 
temperature for ruthenium. 


minations for each metal by this technique, are 
3010° + 10° and 2250° + 10°C, respectively. These 
values are in close agreement with the values of 
3000° and 2250°C for osmium and ruthenium, re- 
ported by Baird.’ 


SPECTRAL EMISSIVITY DETERMINATION 


As an aid in determining the true sintering tem- 
peratures of bars scheduled for subsequent fabrica- 
tion, the spectral emissivities of both metals were 
determined as functions of temperature. The ap- 
parent temperature and corresponding true tem- 
perature were measured during the sintering of 
each metal. These data, recorded for several sin- 
tering runs at various temperatures, are presented 
graphically in Figs. 1 and 2. 

The data for both metals describe a straight line 
up to the highest sintering temperatures. The equa- 
tions of the best straight lines, calculated by the 
least-squares method, are: 


Osmium = Tapp = 0.840 T + 157.8 
Ruthenium Ty,pp = 0.817 T+ 172.0, 


were the temperature is in degrees Kelvin. Apply- 
ing Wein’s law to the true temperatures and surface 
temperatures, and taking the ratio of radiant inten- 
sities from each source,’ the following relations are 
derived for the spectral emissivities of osmium and 
ruthenium: 


157.8 0.160 T 
Osmium logi€, _ 9510 E (0.840 T + 


172.0 - 0.183 T 
Rethenium logio€, _ , <= 9510 (0.817 T + 
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Fig. 3—Effect of temperature on the emissivity of ruthe- 
nium and osmium. 


The variation of the emissivity of each metal with 
temperature is shown in Fig. 3. It can be seen that 
both curves shown a minimum in the emissivity- 
temperature curve; these appear at 2060° and 
1910°K for osmium and ruthenium, respectively. 


The minimum in the emissivity-temperature curve 


led to doubt of the validity of Wein’s law, which is 
a special case of Planck’s radiation law, at elevated 


temperatures. Weber,*? however, reports that Wein’s 


law is valid for X T < 0.3 cm degree, which is valid 
for the temperature range covered in this investiga- 
tion. The observed minima in the curves are a 
direct result of the substitution of a straight-line 
relation of the type Tapp = mT + 0 into the expres- 
sion for spectral emissivity; however, the straight- 
line relations are certainly well supported by the 
experimental data. There appears to be no readily 
apparent reason for the unusual values of the emis- 
sivity of both metals above 2000°K. 
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Effect of Copper on the Corrosion of High-Purity 


Aluminum in Hydrochloric Acid 


Single-phase aluminum containing 0.0001 to 0.06 pct Cu was 
Studied in strong acid, mainly through observations of hydrogen 
evolution. The strong influence of copper was exerted almost en- 
tively through the imposition after a certain delay time of an auto- 


catalytic localized-corrosion reaction, Additions of cupric ion to 
the acid produced lower accelerations. The significance of the 
quantity and distribution of copper was discussed, and the implica- 
tions for intergranular corrosion and neutral chloride pitting were 


indicated. 


An investigation of intergranular corrosion in 
single-phase high purity aluminum exposed to hy- 
drochloric acid indicated the copper content of the 
metal to have an influence on corrosion at lower 
levels than previously suspected.’ The work re- 
ported here was a closer examination of the action 
of copper but dealt with general corrosion to gain the 
advantage of having a continuous measure of corro- 
sion through the volume of hydrogen evolved, the 
reduction of hydrogen ion to hydrogen gas being the 
principal or only cathode reaction in strong hydro- 
chloric acid. 

Previous work on the hydrochloric acid corrosion 
of aluminum was sometimes insufficiently structure- 
conscious and the need for care in evaluating it 
arises from the low solubility of the iron impurity,” 
and of some alloying elements, and the known or 
possible presence in many of the compositions 
studied of second phases leading to greatly increased 
corrosion rates.* These increases are attributed to 
the presence of low hydrogen-overvoltage cathodes 
provided by the second phase.*’* For the present 
single-phase work, a few studies which used high- 
purity base material and small copper additions*~’ 
provide the essential information most unambigu- 
ously. The corrosion rate was shown to be increased 
markedly by the introduction into the acid of small 
quantities of the ions of copper (and of certain other 
metals) which cement on the aluminum and provide 
cathodes of low overvoltage.° When there was suf- 
ficient copper in the aluminum, the same result was 
produced during the course of corrosion leading to a 
rate which increased with time as the reaction was 
stimulated by one of its products (autocatalytic re- 
action). In 2N (7pct) HCl, an accelerating rate was 
observed at 0.1 pct Cu but not at 0.01 pet.°” 

The present work dealt with corrosion rate and 
morphology and their correlation with the quantity 
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and distribution of copper catalyst for copper con- 
tents from 0.0001 to 0.06 pct. 


PROCEDURE 


A lot of high-purity aluminum containing 0.0021 
pct Cu, 0.001 pct Fe and 0.003 pct Si (Alloy A) was 
alloyed with copper to yield aluminum containing 
0.014 pct Cu (B) and 0.06 pct Cu (C). Later it was 
found necessary to include the lower copper Alloy 
K which contained 0.0001 pct Cu, 0.0004 pct Fe and 
0.0004 pct Si. The upper limit for any other element 
can be confidently estimated as 0.0005 pct. No ele- 
ment other than copper appears to be present in 
quantities sufficient to have an effect on general 
corrosion as great as the observed effect of the 
copper in A, B, and C. The only other heavy metal 
detected by spectrographic examination was silver 
(< 0.0001 pct). 

The acid was made up from a selected lot of 37 1/2 
pet CP hydrochloric acid containing 0.1 ppm heavy 
metals (mainly Pb), 0.05 ppm Fe, and < 0.008 ppm 
As and from water distilled from 1 megohm-cm 
demineralized water and believed to have contained 
negligible quantities of heavy metals influencing 
corrosion. Acid strength was adjusted to within 
0.05 pct HCl of the stated value by using precision 
specific gravity measurements. 

Test blanks 10 by 41 mm were sheared from 1.65- 
mm cold-rolled sheet. Edges were finished by filing. 
The blanks were annealed in air at 645°C for 24 hr 
in alundum boats and rapidly water quenched. The 
anneal is thought to have produced a substantially 
homogeneous solid solution—for iron, copper, or 
silicon, for example, the annealing temperature was 
200°C or more above the solvus-and the quench is 
considered to have preserved the high-temperature 
structure except for the condensation of lattice va- 
cancies into dislocation loops.® The 0.06 pct Cu alloy 
did not appear unstable in respect to slow precipita- 
tion reactions at room temperature since two pairs 
of tests failed to show significant differences be- 
tween specimens heat treated 3 1/2 years earlier 
and specimens heat treated 1 or 2 days before. 
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Fig. 1—Volumetric corrosion tests in 16 pet HCl which 
compare the effect of adding cupric ion to the acid with the 
effect of adding copper to the alloy. The arrows indicate 
the times at which the localized corrosion trench pattern 
was detectable with a X5 hand lens. 


The stripping of the oxide film during the test was 
facilitated by the use of a preliminary 6-min etch in 
concentrated (37 1/2 pct) HCl which produced 0.01 
to 0.02 pct weight loss. This etchant was used be- 
cause of its low metal ion content in preference to 
others which could have accomplished complete 
film removal. That cementation of foreign metals 
from the etchant will influence the corrosion test is 
a clear danger in a system as sensitive as the one 
under study and has been demonstrated with dilute 
HgCle solutions.° 

The course of corrosion was followed by collect- 
ing the hydrogen evolved above the acid in a cali- 
brated 12-mm Pyrex tube the lower end of which 
contained the specimen and was fixed below the 
surface of some acid in a beaker (no stirring). 
Temperatures varied from 22.5° to 24.5°C and 
were monitored for reference since there was a 
smaller range in any one test. Gas volumes were 
corrected to hydrogen volumes under standard con- 
ditions (NTP). Tests were terminated at 100 ml 
(5 pet weight loss) at which point the hydrogen col- 
lected was equivalent to a quantity of trivalent 
aluminum varying from 83 to 87 pct (in 28 to 38 day 
runs) to 95 to 98 pct (in 2-4 day runs) of the weight 
loss measured directly. The solubility of hydrogen 
in the acid would yield a discrepancy of 4 pct at 
saturation; the remainder was attributed to loss to 
the atmosphere. 

A number of specimens were exposed in beakers 
to 200 ml of acid at 24.0° + 0.3°C for qualitative 
observations of hydrogen evolution (with the aid of 
a strong beam of light in a dark room), morpholog- 
ical observations at magnifications up to X25, and 
weight loss. The large number of such tests on 
many more alloys made as part of the intergranular 
corrosion study provided many checks on the data 
reported here. 

Measurements of the thinning of a number of speci- 
mens indicated that at least about 90 pct of the weight 
loss represented general corrosion. The contribution 
from the intergranular crevices was small because of 
the coarse mean grain size (3 mm or larger). 
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Fig. 2—Volumetric corrosion tests at four copper levels in 


20 pet HCl showing an acceleration of corrosion which is 
greater and begins earlier the higher the copper content. 


RESULTS 


A) Volumetric Measurements of the Corrosion 
Rate—1) General Characteristics—Representative 
hydrogen evolution data are plotted in Figs. 1 (16 
pct HCl) and 2 (20 pct HCl). The curves could be 
resolved into I) an induction period during which 
the rate of evolution was low and increased slowly, 
II) a linear region of varying duration in which the 
rate of evolution was constant and had about the 
same value for all four alloys, and III) a region of 
slowly or rapidly accelerating evolution the charac- 
ter and inception time of which were strong functions 
of the copper content of alloy or solution. 

The narrow range of acid strengths employed 
yielded rates from 0.1 to 1200 ml per hr, the latter 
(Alloy C, 20 pct HCl) being just sufficient for the 
heat of reaction to produce a small temperature rise 
(0.7°C at 100 ml). In beaker tests prolonged beyond 
this point the temperature rose to 60°C within 20 
min after the onset of Stage III as the temperature 
rise contributed to the instability and a violent re- 
action resulted. 

In 16 pct HCl, the Stage II rate was constant for 
11 days with Alloy A and for 2 1/2 weeks with K. 
Slow changes (during the fourth week, the rate was 
30 pct lower in K and 60 pct higher in A) were not 
considered necessarily indicative of a new stage of 
corrosion. Factors which may have been involved 
were changes in the specimen surface area and an 
increase in acid strength due to preferential evapo- 
ration of its water vapor component. The acid 
strength was not substantially reduced by the con- 
sumption of hydrogen ion (< 0.2 pct HCl for 100 ml 
Hp). 

There were no short period fluctuations in the 
rate (except for small ones associated with tem- 
perature fluctuations) such as those reported by 
Straumanis® who considered them a consequence of 
an inhomogeneous distribution of residual impurities 
in his aluminum. Straumanis did not observe an ex- 
tended linear stage. 

The volumetric data are considered further in the 
following sections. 


2) Correlation with Morphology—Crystallographic 
etching of the metal beneath the oxide film took 
place in scattered patches during the concentrated 
acid pretreatment and spread in the test acid until 
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Fig. 3(a)—Alloy C (0.06 pct Cu) after 4 days in 7 pct HCl. 
Weight loss 1.3 pct. Pit-type localized corrosion super- 
imposed on uniform corrosion. There is shallow grain- 
boundary attack. 


Fig. 3(b)—Alloy A (0.002 pct Cu) after 9 days in 20 pct HCl. 
Weight loss 5.4 pct. Trench-type localized corrosion super- 
imposed on uniform corrosion. Many grain boundaries 
(including three in this field) have been corroded through 


the thickness of the specimen. 


Fig. 3—Morphological Features of Corrosion. Diffuse illu- 
mination, X26. Reduced approximately 00 pct for repro- 
duction. 


the whole syrface appeared etched at a time roughly 
corresponding to the end of Stage I. The later stages 
in the detachment of the oxide film*® were readily 
observed directly in acids below 18 pct where the 
film peeled off in large patches (5 to 10 mm). 

The linear Stage II was associated with macro- 
scopically uniform crystallographic corrosion which 
appeared microscopically as a cubic step and pit 
pattern having a unit dimension in the surface of 10 
jzand step or pit depths of a few microns. This 
surface structure, which appears in Fig. 3 as the 
fine background etching, had less roughness but ap- 
peared basically similar to the 5 yu ‘‘block structure’”’ 
noted by Roald and Streicher® for 20 pct HCl. Any 
variation in rate of attack with grain orientation 
would not appear as a prominent feature in the pre- 
sent work because of the orientation texture of the 
coarsened grains. With almost uniform thinning and 
a surface fine structure which remains substantially 
the same, the surface area can, once the surface 


structure has been established, remain approximately 


constant as the specimen thins. The corrosion rate 
could hardly have been constant over the large in- 
tervals observed in some tests unless this were so. 
Stage III of accelerating corrosion was associated 
with the nucleation and growth of localized corrosion 
as distributed pits, Fig. 3(a), or trenches, Fig. 3(b), 
superimposed on the uniform etching. The initiation 
and development of localized corrosion occurred in 
a parallel fashion at many pits or trenches (and thus 
would be expected to vary little with sample size). 
The trenches are the ‘‘angular chasms’’ noted by 
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Fig. 4—Semilogarithmic plot of hydrogen data for two tests 
showing that d(1nV)/dt is constant for sufficiently large V. 


Roald and Streicher. In both types, the depth was 
1/2 to 3/4 the (narrow) surface dimension. Both 
were bounded by cube planes. The trenches resulted 
from preferential growth in the direction of the sur- 
face trace of one of the cube planes. The trenches 
were sometimes remarkably straight but usually 
they were jogged and so would appear curved at low 
magnification as shown in Fig. 3(b). 


3) Significance of the Induction Period—Compari- 
son with triplicate weight loss data for two short 
beaker exposures of Alloy A in 20 pct HCl indicated 
that a hydrogen volume of 0.05 ml represented only 
of the order of one-tenth the true weight loss but by 
8 ml at most the two had become almost equivalent. 
The weight losses were substantially lower than 
those which would have been predicted if the Stage II 
rate had been in effect at zero time, so that there 
was truly an initial stage of low corrosion rate. Its 
presence may have been merely a consequence of 
the increase in area undergoing corrosion as etch- 
ing progressed over the surface. 

4) Quantitative Description of the Data—The cor- 
rosion rates can be described with the aid of the 
equation (for Stage III): 


dV/d(t-to)=k; +k,V 


where V is the volume of hydrogen collected up to 
time /, to is the time intercept of the Stage II line, 

k; is its slope and represents the intrinsic corrosion 
rate of the solid solution, and k, is a constant which 
relates the amount of corrosion to the part of the 
rate catalyzed by copper in the corrosion product. 
When k,V>>k;, this may be written d(InV)/d(t-to) = 
k, which requires a log V-¢ plot to be linear (with 
slope k,). That this was so at sufficiently large V is 
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shown in Fig. 4. In certain cases, the evaluation of 
k, required an allowance for the contribution of kj. 
Since k,V rate is proportional to the total corrosion 
suffered, which indicates both that the stimulating 
agent is in the corrosion product and that it is not 
consumed, the reaction is correctly described as 
‘‘autocatalytic.”’ 

The autocatalytic reaction arrived on the scene 
abruptly, z.e., k, was small or zero during stage II 
and increased in a transition region to the constant 
value characteristic of the latter part of Stage IT. 
The equation could not therefore be integrated. To 
note a specific case, if the final k, had been in effect 
early in the 16 pct HCl test on Alloy B, Fig. 1, an 
acceleration would have been apparent as early as 
V=1 ml. 

The third stage acceleration in 16 pct HCl with the 
cupric ion addition, Fig. 1, was not given further at- 
tention since it was low and not apparently regular. 
Its presence was not necessarily attributable to the 
cupric ion alone since the same alloy exhibited ac- 
celeration and localized attack in 20 pct HCl with 
no addition. 

5) Variation of Corrosion Parameters with Cop- 
per Content—The parameters measured are given 
in Table I, The good reproducibility for é& and k; 
shown by the duplicate figures for Alloy K involved 
a long linear stage and would not apply to certain 
other tests where the brevity of this stage made it 
impossible to verify the constancy of the corrosion 
rate over an extended period. Although variations 
in mean test temperature were not sufficient to 
warrant consideration here, the temperature depend- 
ence was substantial as illustrated by the additional 
entry for Alloy C and corroborated with respect to 
k; in other tests. 

No systematic variation of k; with copper content 
was apparent and the only conclusion possible was 
that the intrinsic rate varied little if at all from one 
alloy to another. 

Substantial decreases in fo with increasing copper 
are shown. This effect may be related to the prop- 
erties of the oxide film as well as those of the solid 
solution and may be specific to the surface pre- 
treatment employed. 

The principal influence of copper lay in its effect 
on the autocatalytic constant, R,. The 30- to 100- 
fold increase in k, for a 4-fold increase in copper 
content (Alloys B and C) is noteworthy. Since k, 
was not proportional to copper content, the autocata- 
lytic rate was not in general proportional to the 
amount of copper introduced by corrosion although 
this was true in any one test. 

In beaker tests in 1 to 26 pct HCl, the autocata- 
lytic acceleration was observed to increase sub- 
stantially with increasing acid strength. Thus the 
data for Alloy B, which show the reverse, are not 
typical in this respect. 

The measured corrosion rates are broadly in line 
with those determined by earlier workers”*~” 
although known and possible differences in experi- 
mental conditions prevent close comparison. 

B) Inception of the Autocatalytic Reaction—1) De- 
termination of the Inception Time-—In alloys B and 
C, the onset of the autocatalytic reaction led ina 
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Table |. Corrosion Parameters as Functions of Copper Content 


Intercept Intrinsic Autocatalytic 
Percent Percent Induction Rate,k; Constant, k, 
HCl Cu Time,¢,,Hr  MI/Hr MI" 
16 0.0001 52 0.117 not observed in 38 days 
0.0001 50 0.126 not observed in 36 days 
0.0021 2i3 0.140 not observed in 20 days 
0.014 21 0.17 0.17 
0.06 20 0.10 4.65 
16 with 0.2 0.0021 8.0 0.31 not determinable 
ppm Cu** 
20 0.0001 22.0 0.245 not observed in 17 days 
0.0021 ix 0.24 0.02 
0.014 1) 0.2 to0.3 0.14 
0.06 4.6 0.23 15 
(0.06) (2.9) (0.31) (21.5) (26.0 + 0.2°C) 


Nominal temperature 23.5°C. Specimen area 8.9 + 0.3 cm’. 


short time to high hydrogen evolution rates, Figs. 

1 and 2, and was therefore readily detected visually 
in beaker tests. The inception times are plotted in 
Fig. 5 for acid strengths from 1 pct (0.5N) to 26 pct 
(8.1N). For the weaker acids the volume of the test 
acid was increased up to 1000 ml to mitigate the 
decrease of acid strength through consumption of 
hydrogen ion, and in no case would this decrease 
have been more than a few percent of the original 
value. A noteworthy feature of the data is the rather 
small scatter for an unstable phenomenon. The in- 
ception times are consistent with those of Strauma- 
nis° whose values, obtained by a similar method, 
ranged from 1 day for 0.1 pct Cu to 2 hr for 5 pct 
Cu in 2N (7 pct) HCl. 

The present work indicated that Straumanis’® 
failure to observe a strong effect at 0.01 pct Cu in 
a 1-week test in 2N (7 pct) HCl was due to insuffi- 
cient exposure time. A prematurely terminated 
test may be misleading because copper has a rela- 
tively small effect (the one on éo) before the delayed 
start of the autocatalytic reaction; the situation is 
illustrated in Fig. 1 where the corrosion rates of 
two alloys are little different up to 70 hr but two 
orders of magnitude apart at 95 hr. 

A more sensitive index of the onset of the auto- 
catalytic reaction when the acceleration was low 
was the time when the pit or trench pattern could be 
just detected on the specimen surface. Some incep- 
tion times determined in this way were available 
for Alloys B and C; these were substantially shorter 
than those given in Fig. 5 only in the weaker acids 
(in 7 pet HCl, for example, 2 days shorter for Alloy 
C and more than 1 week for Alloy B). The more sen- 
sitive method could be extended to alloys of lower 
copper content; data for Alloy A shown in Fig. 5 are 


similar to those for B and C but displaced to higher 
acid strengths. Even when the more sensitive 
method is used, the inception times are probably 
much exaggerated in the steep portions of the curves 
since the acceleration there is low and the autoca- 
talytic reaction does not become recognizable until 
some time after its onset. 

Although a trench pattern was sometimes noted 
in the 0.0001 pct Cu Alloy K (the minimum exposure 
in 18 or 20 pct HCl being over three times that re- 


VOLUME 221, APRIL 1961-253 


Py 
« 
ne 
l 
: 
3 
n 
Gs 


014 % Cu 


30 


A 
.002 % Cu 


Time for Son 


through 
1 grain boundaries \ 


nN 


Inception Time — Days 


25 » 


Percent HCI 


Fig. 5—The inception time for the autocatalytic reaction in 
Alloys C and B (time at which dV/dt~ 10 ml per hr) and in 
Alloy A (time at which trench pattern was first detected) 
together with the time for complete intergranular penetra- 
tion of B as functions of acid strength. 


quired for Alloy A), its appearance may have been 
due to traces of heavy metal ions in the acid rather 
than to the copper (or other) impurity in the alloy. 
2) Condition for Inception of Autocatalytic Reac- 
tion—Table II presents data regarding the onset of 
the autocatalytic reaction (localized corrosion first 
detectable) from beaker and volumetric tests. As 
a rough rule, this reaction began when of the order 
of a microgram of copper had been introduced into 
the acid by corrosion. This is qualitatively consist- 
ent with the decrease of inception time with in- 
creasing acid strength and copper content, Fig. 5, 
t, being presumed to decrease and k; to increase 
with acid strength. Two micrograms would be 
equivalent to about a monolayer of metallic copper 
based on the nominal area. Such a condition is to be 
expected if the copper deposits near its point of 
entry since the metallic copper will not constitute a 
strong cathode until it forms a patch of a certain 
minimum size. 
The results of scratch tests, which attempt to 
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Table II. Data Pertaining to the Inception of the Autocatalytic Reaction 


Percent Percent Percent Micrograms of Copper 
HCl Cu Weight Loss in Corrosion Product 
20 0.0021 1.2, 1.4 
0.014 0.5,.0:5 1 
0.06 2 
16 0.014 0.9 2 
0.06 0.3 3 


0.06 0.2 


14 


impose localized attack, are consistent with these 
considerations. For example, a scratch through the 
oxide film of a specimen of Alloy C made with a 
pointed glass rod immediately after immersion in 
14 pct HCl did not lead to visible localized attack. 
The slight additional hydrogen evolution associated 
with the scratch ceased entirely within 10 hr. On 
the other hand, a scratch made at a time 31 hr later, 
when some copper had been introduced by corrosion 
(this was shortly before the inception of the autoca- 
talytic reaction), led to persistent hydrogen evolu- 
tion and the development of pits at several sites 
along the scratch. 


C) Effect of Copper on Corrosion Potential—In 16 
pet HCl, comparison with an electrometer-tube 
meter of specimens of the 0.0021 and 0.014 pct Cu 
alloys showed the latter to be cathodic, the steady- 
state potential difference exhibited from several 
hours to several days after immersion ranging from 
15 to 26 mv. Low copper specimens lay 960 to 1010 
mv anodic to a saturated calomel half cell at 24°C. 
With specimens of the 0.0021 and 0.06 pct Cu alloys 
coupled through 0.8 ohms shortly after immersion 
and periodically allowed to run uncoupled, the high 
copper specimen was 50 to 160 mv cathodic on open 
circuit. The magnitudes of these potential differ- 
ences are apparent from the fact that more than 1 
pet Cu in solid solution is required in a NaCl- H202 
solution to produce a cathodic shift of 100 mv.’ 

The current density for the 0.0021 to 0.06 pct Cu 
couple remained for 2 days at a low level near 
0.008 ma per cm’, which was equivalent to only 1/4 
of the uncoupled corrosion rate indicated by the 
value of k;, and rose by a factor of 50 after the auto- 
catalytic reaction had started in the 0.06 pct speci- 
men. Coupling had a marked effect on this reaction 
quadrupling the inception time and reducing the rate 
of nucleation of localized corrosion sites so that the 
first pit had grown to 2 mm diameter before another 
was nucleated [cf. Fig. 3(a)]. It is supposed that the 
small cathodic current tended to retain the copper 
atoms at the sites where they first settled and thus 
made more difficult their aggregation into patches 
of the minimum effective size. 


DISCUSSION 


A) The Relatively Weak Effects of Cupric Ion Ad- 
ditions—Evidence from beaker tests involving cupric 
ion additions from 0.05 to 25.6 ppm corroborated 
two features of cupric ion additions exhibited in Fig. 
1: the acceleration of corrosion was low and the 
corrosion rate with the 0.2 ppm (54 ug) Cu** addi- 
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Table III. Thermodynamic Data Pertaining to the Corrosion of Aluminum 
Al = Al*** + 3e7 E° = 1.66 v 
H, = 2H* + 2e7 E° = 0.00 
Cu* = Cu** + e7 E° =-0.15 
Cu = Cu* +e E° =-0.52 
2H,O = O, + 4H* + 4e7 E° =-1.23 
CuCl,~ = Cu* + 2CI7 K=5~x10-° 


tion was lower than the autocatalytically stimulated 
rate of the 0.014 pct Cu alloy starting at 85 hr when 
only 2 wg of copper had been introduced by corro- 
sion of this alloy. 

For comparison, it may be noted that strong hy- 
drogen evolution has been produced by additions of 
only 0.1 ug platinum in solution’ and that current 
work indicates only a 25 pct increase in rate for 
170 wg of lead ion. It is consistent with the latter 
result that the heavy metal impurity in the present 
acid, mainly lead and estimated as 10 ug for 16 pct 
HCl, did not appear to have had a strong influence. 

B) Proposed Relations Between Distribution of 
Catalyst and Corrosion Rate—The considerations 
sketched below take into account visual evidence 
obtainable at high copper levels,*’* the thermody- 
namic data in Table III, and the presence of a sur- 
face film (replacing the original oxide film) indicated 
by the existence of a negative difference effect’* and 
by other observations.” This film cannot be the hy- 
droxide formed by precipitation (solubility product 
10° *’); the strong acids used can retain in solution 
many times the total aluminum in the specimen. 

In a simple cycle, cupric ion will be reduced on 
the specimen surface to patches of metallic copper 
which form active cathodes and are thus protected 
until freed by undercutting when they undergo cor- 
rosion to cupric ion in the oxygenated acid. This 
leads to enhanced nonaccelerating uniform corro- 
sion (uniform becausé a given local cell does not 
retain its catalyst), representing to a first approxi- 
mation the behavior when cupric ion has been added 
to the acid. The cupric cation will normally be re- 
duced on the filmed cathodes of the specimen sur- 
face and the film resistance in series with the local 
cell is still present to limit the corrosion rate. It 
has been noted elsewhere that, when a film is present, 
copper deposition does not necessarily have a strong 
influence on corrosion in an aggressive medium. ** 

In the autocatalytic reaction, all the copper is in- 
troduced by corrosion directly at a presumably 
film-free anode. It is then supposed that a signifi- 
cant fraction of the copper made available will at- 
tain metallic contact locally. This produces highly 
active local cells each of which furnishes, with 
some shift in anode and cathode areas, its own cata- 
lyst at an increasing rate and so accounts for the 
localization and acceleration of corrosion. Closer 
consideration to the movement of copper in localized 
corrosion is not given here except for the remark 
that metallic contact appears attainable through the 
formation of the CuClz anion and its reduction at a 
presumably film-free anode. It may be noted that 
the significance of metallic contact has been invoked 
in interpreting the behavior of two-phase Al-Cu 
alloys. * 
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Table IV. Relative Surface Density of Copper Catalyst in 
Regions Undergoing Localized Corrosion-Volumetric Test Specimens 


Surface  Micro- Hypothetical 
Areaof grams  Micrograms 
RateofH, Pitsor Cuin Cupercm 
Percent Percent Evolution* Trenches Corrosion of Pit or 
Copper HCI Type M1/Min cm Product = Trench 
0.06 16 Pits 6.8 16 52 3.2 
20 Pits 29 28 51 1.8 
0.014 16 Trenches 0.26 13 11 0.9 
20 Trenches 0.22 19 11 0.6 
0.0021 20 Trenches 0.022 20 1.8 0.09 
0.0021 16 Trenches 0.023 25 1.8 0.07 
(0.2 ppm (54) (2.1) 
Cu*+) 


*Most or all of this rate is attributable to localized corrosion. 


C) Significance of Trenches and Pits— The trench 
type of localized corrosion was characteristic of low 
copper alloys, the transition occurring in the 0.014 
pet Cu alloy which showed pits in 14 pct and weaker 
acids and trenches in stronger acid. Because the 
pits or trenches had plane walls, it was possible to 
estimate their surface areas by painstaking micro- 
scopic examination. Data for several volumetric 
test specimens, given in Table IV, show that the 
areas are not strongly related either to the instanta- 
neous corrosion rate or to the quantity of catalyst 
available. The last column shows for comparative 
purposes the maximum possible surface density of 
copper in pits or trenches calculated on the assump- 
tion that all available copper is associated with 
localized corrosion. 0.2 1g per cm? would be about 
a monolayer. Note being taken that the figures rep- 
resent upper limits, it is inferred that the pit mode 
in the 0.06 pct Cu alloy indicates sufficient copper 
to form cathodes in metallic contact (and thus to 
produce rapid growth) at every part of the pit while 
the trench mode indicates insufficient copper in 
metallic contact to form even a monolayer except 
over a fraction of the trench surface. It is supposed 
that this copper is concentrated near the end of the 
trench where preferential growth occurs. That the 
trench mode was observed in the presence of a large 
amount of cupric ion (the last entry) is in line with 
this view granted the previous argument that most 
of the added cupric ion does not participate in lo- 
calized corrosion. 

D) Relations Between General and Intergranular 
Corrosion—The present general corrosion work 
provides the basis for understanding certain as- 
pects of the intergranular corrosion phenomenon. 

If it is supposed that the grain boundary has a 

higher intrinsic corrosion rate, the autocatalytic 
reaction will begin earlier at the boundaries than 

the grain bodies thus making possible high corrosion 
rates at the boundary and magnification of the in- 
trinsic difference between the two. It is consistent 
with this view that the rate of intergranular attack 

in the present study increased markedly with copper 
content and was found by Montariol?> to be very low 
in a 0.000006 pct Cu alloy. The significance of the 
relative progress of intergranular and general cor- 
rosion is illustrated by the behavior of the 0.014 pct 
Cu alloy; the time for several boundaries to corrode 
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through the thickness of the specimen is shown in 
Fig. 5 for comparison with the inception times for 
rapid autocatalytic general corrosion. In 12 and 

14 pct HCl, the specimens were destroyed first by 
intergranular disintegration while in 16 pct and 
stronger acid the autocatalytic reaction became 
general before this was well advanced and the grain 
boundary attack was almost obscured by the general 
catastrophic corrosion. 

With the present coarse-grained specimens, 
nothing was observed to challenge the belief that the 
general corrosion was to a first approximation un- 
affected by the presence of the boundaries although, 
as an anode, a grain boundary initially provides 
some protection for the adjacent strips of grain 
body (a little later, an intergranular crevice has 
formed and the local cathodes lie within it). 

E) Behavior of Aluminum in Other Corrodents— 
The present work displays at high magnification the 
effects of introducing copper by corrosion and may 
facilitate recognition of these effects with other 
corrodents where they are not readily found unless 
specifically sought. It is to be noted that much com- 
mercial and refined aluminum contains moderate to 
large percentages of copper by the standards of the 
present work. 

Pitting corrosion in nearly neutral chloride solu- 
tions is a case of interest since it involves the dis- 
charge of hydrogen ion from the weak hydrochloric 
acid solution in the pit; according to Edeleanu and 
Evans,’* the evolution of hydrogen produces a rise 
in pH and thus film formation and the cessation of 
pit growth. 

Preliminary tests with unetched specimens of the 
present alloys in a NaCl-H,O, solution at pH 4.9 
produced some pits up to 0.2 mm but revealed no 
significant variation with copper content. A note- 
worthy feature of the behavior was that gas evolu- 
tion and pit growth continued for several days or a 
week after starting and before all activity ceased as 
the growing mound of aluminum hydroxide finally 
covered the pit completely. This suggests that hy- 
drogen evolution can produce a significant increment 
in pit size (if it does not lead to immediate stifling), 
presumably because in its absence the pitting reac- 
tion is under cathodic control.” 

The intention here is not to predict the influence 
of copper content on pitting (factors other than hy- 
drogen evolution may be involved) but to point out 
that the question merits closer attention and may be 
a complex one. That small copper additions can 
enchance pitting in a variety of solutions has been 
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noted.4® The importance of copper ion in the cor- 
rodent is well known. 


SUMMARY 


The general corrosion of quenched single-phase 
aluminum containing 0.0001 to 0.06 pct Cu was 
studied in 1 to 26 pct HCl. 

1) In studies in 16 and 20 pct HCl, the intrinsic 
corrosion rate, associated with macroscopically 
uniform corrosion and constant with time, varied 
little if any with copper content although there was 
a cathodic shift in potential. The influence of copper 
was exerted mainly through the imposition of an 
autocatalytic stage of localized corrosion the rate 
of which was proportional to the total corrosion. 

2) The characteristic delay time for the inception 
of the autocatalytic reaction at 0.002 pct Cu and 
above decreased with increasing copper content and 
acid strength. As a rough rule, this reaction began 
when copper equivalent to about a monolayer based 
on the nominal area had been introduced by corro- 
sion. 

3) The weaker stimulationand lower acceleration of 
corrosion produced by additions of cupric ion to the 
acid was interpreted in terms of the small fraction 
of elemental copper deposited in metallic contact. 
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The Rates of Formation and Structure of Oxide Films 


Formed on a Single Crystal of Iron 


Between 250° and 550°C in oxygen pressures of 10 to 760 mm 
Hg, the relative oxide thicknesses formed per unit time on the 


(100), (111), (110), and (320), decreased in this order. The pre- 
dominant oxide orientation was (00I)Fe,0, // and 

[110] Fes04 // [010]y_~,. A small amount of a-Fe203 which exhibited 
a fiber pattern was observed in all oxides except those formed at 


250°C in low oxygen pressures. 


In order to understand the properties and behavior 
of thin films, particularly their role in oxidation 
reactions, there is needed more experimental in- 
formation on their structure, composition, and 
kinetics of formation on clean surfaces of known 
geometry. The present study was undertaken to 
obtain such information for thin oxide films formed 
on single crystals of a body centered cubic metal, 
iron. Crystals in the form of spheres were used in 
order to expose all possible crystal planes to the 
reactant gases simultaneously. Using this procedure 
the relative rates of oxidation of all planes could be 
estimated, and those exhibiting, maximum or mini- 
mum oxidation rates could be selected for a more 
intensive study of composition and expitaxy. Since 
the three types of information were obtained from 
the same experiment using a single crystal substrate, 
any differences between rate, composition, and 
expitaxy on the several planes may be attributed 

to the influence of the substrate structure. 


EXPERIMENTAL 


The starting material for this study was Armco 
iron rods, 6 in. long and 3/8 or 1/2 in. indiam. The 
analysis was reported to be 99.8 pct Fe, with major 
impurities listed as carbon 0.018 pct, manganese 
0.027 pct, phosphorous 0.005 pct, sulfur 0.029 pct, 
silicon 0.005 pct, and copper 0.11 pct. These rods 
were cleaned with ether and heated in an atmosphere 
of moist hydrogen at 950°C for three days. The pur- 
pose of this treatment was to decarburize the iron 
and to provide a consistent, uniform grain size for 
the growth of single crystals. 

Crystals in the form of rods, up to 1/2 in. in 
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diam and 2 in. long, were prepared by a method 
similar to that reported by Leidheiser and Buck.” 
Spherical crystals, 3/8 and 1/2 in. in diam and 
having a handle about 1/4 in. in diam by 1/2 in. long, 
were machined from the single-crystal rods. After 
machining, each crystal was etched in aqueous nitric 
acid to remove the cold-worked metal at the surface. 
Before each experiment, the crystal was polished 
mechanically with metallographic papers through 
number 4/0, and electropolished in a perchloric 
acid-acetic anhydride mixture by the method of 
Jacquet and Rocquet.® The crystal was washed in 
running distilled water for at least 5 min. The 
excess water was blotted with a soft paper tissue, 
and the crystal was placed in an all-glass reaction 


vessel (See Fig. 1). The crystal was heated at 550°C 
in hydrogen for at least 8 hr prior to the oxidation 

in order to reduce any surface oxides and to help 
relieve any stresses in the metal. For the structure 
and composition studies, flat faces were cut parallel 
to (100), (111), and (110) planes on the iron crystal 
spheres. The orientation of these faces was checked 
by a back-reflection X-ray diffraction technique. The 
faces were within 2 deg of the desired orientation. 
The flat faces were treated as described above ex- 
cept that prior to electropolishing they were given an 
additional polish on metallographic felt saturated 
with twenty-minute levigated alumina. 

After the crystal was heated in hydrogen for at 
least 8 hr, the temperature was adjusted to the de- 
sired value, and the hydrogen was evacuated. Com- 
mercial oxygen which had been purified by succes- 
Sively passing through tubes containing magnesium 
perchlorate, Ascarite and magnesium perchlorate 
was admitted to the desired pressure as measured 
by a mercury manometer. A resistance-wound fur- 
nace surrounded the oxidation chamber, and a tem- 
perature controller maintained the temperature 
within +3°C. The furnace was provided with a 
small window for observing the crystal. The changes 
in thickness of the oxide films were followed by ob- 
serving the interference colors. The oxidation was 
allowed to proceed until the desired oxide thickness 
was attained on a given crystal plane. The experi- 
ment was terminated by evacuating the oxidation 
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chamber and allowing the crystal to cool in vacuo. 

For the structure and composition studies, the 
oxidized crystal was removed from the oxidation 
chamber and placed on a universal goniometer 
mount in a cylindrical cassette. An oscillating- 
crystal, glancing-angle X-ray diffraction photo- 
graph was taken to determine the structure, and 
hence the composition of the oxide film, and to 
determine its orientation with respect to the sub- 
strate.* Most of the diffraction photographs were 
taken with manganese-filtered iron radiation. 
Finally, the structure of the oxide surface was ex- 
amined with an optical microscope. 


EXPERIMENTAL RESULTS 


Rates of Oxidation— For the studies of the variation 
of the rates of oxidation with orientation, a tempera- 
ture of 250°C was found to be most convenient. At 
this temperature the rate of oxidation was slow 
enough to permit simultaneous measurements on all 
crystal planes. The rates were followed by using 
Miley’s data’ for the first-order interference colors 
vs oxide thickness as determined by the method of 
electrometric reduction. The data for succeeding | 
orders of interference colors were calculated using 
Miley’s data and the equation,® = /4n, 3a/4n, 
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Fig. 2—Oxidation of iron, 250°C, 760mm O. 


5\/4n,and so forth where the film thickness, 
is the wavelength of the light in air and » the refrac- 
tive index of the film. This equation is an approxi- 
mation, and the errors involved are discussed in 
Refs.6and7. The interference colors observed in 
the present studies were straw, reddish yellow, red 
brown, purple, blue, and a silvery color. The second 
and succeeding order of colors repeated this color 
sequence, but the colors were far less brilliant and 
distinct with successive orders. 

The thicknesses of the oxide films for varying 
times on the (100), (111), (110), and (320) faces in 
oxygen at l1-atm pressure and 250°C are shown in 
Fig. 2. The number of points on the rate curve was 
limited by the number of interference colors for 
which thickness data were available, plus calculated 
thicknesses for higher orders as described above. 
Therefore because of the large differences between 
the thicknesses of oxide on the different planes, only 
one point each for the low-rate planes, the (110) and 
(320), has been plotted for 250°C in Fig. 2. However 
the colors were followed continuously, and thus it 
was possible to determine the relative oxidation of 
the four planes. Fig. 3 shows a photograph of an 
oxidized crystal. 

By following the colors of the (111) and (100) faces 
at thicknesses below about 530A, it was observed 
that the relative rates of oxidation at 250°C of these 
planes reversed themselves with time as is indicated 
in Fig. 2. An oxide film on the (111) was apparent 
before any oxide was observed on the (100). This 
visible film was formed by the intersection of three 
very light straw-colored lines at 120 deg from one 
another along the crystallographic zones from the 
(111) to the (221) planes. In 4 to 6 min, the oxide 
film on the (100) was thick enough to exhibit a very 
light straw color. Within 6 to 9 min, the oxide 
thickness on the (100) equalled that on the (111). 

For the remainder of the reaction (studied to 120 
hr in one case) the thickness on the (100) plane 
was greater than that on the (111). 

The rate curves at 250°C for the (111) and (100) 
planes could best be described by a relation between 
the logarithm of time and thickness, but the data did 
not warrant further analysis. At the higher tempera- 
tures, the oxidation was in general so rapid that the 
rates on several planes could not be followed simul- 
taneously, and, in many cases, only the relative 
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Table |. Orientation and Composition of Oxide Films on the Major Faces of an Iron Single Crystal 


— Thickness of Oxide Orientation and Composition of Oxide Film on 
Pressure Films on Major Faces (001) Face (111) Face (011) Face mR 
(001) Fe,0,*// High Index Plane (111) Fe,0,*// 2 
250°C (001) 1330A (001)a-Fe near (210) Fe,0,* (011)a-Fe 
and (111) 725 with // (111)a-Fe a with * 
10 to 20 mm (011) 500 [110] Fe,0,*// with [101] or [110] Fe,0,*// . 
[010] a-Fe [100] Fe,0,*// [100] a-Fe 
250°C (001) 1330A Ee 
760 mm (111) 725 We 
(011) 500 ; 
350°C (001) 1330A Same as above Same as above Same as above Ae 
17 to 20 mm (111) 1200 x ie 
(011) 725 and and and : Peas 
A 
a-Fe,0,, fiber (211)-a-Fe,0,// a-Fe,0,, fiber 
(01 1) 1000 pattern, orient. (111)a-Fe, fiber pattern, orient. 
undetermined pattern undetermined 
550°C (001) 2500A 
12 to 15 mm (111) 2200 
(011) 1450 


*Either Fe,O, or y-Fe,0,. 


oxide thicknesses at the conclusion of the experiment 
were recorded. An analysis of the temperature de- 
pendence of the oxidation rate was made using the 
usual Arrhenius plot. For the temperature range of 
250° to 550°C and in about 15 mm Hg oxygen pres- 
sure very approximate values of 19 kcal per mole 
and 29 kcal per mole were obtained for the so-called 
activation energy on the (100) and (111) planes, re- 
spectively. 

In the present study, it was found that for oxide 
thicknesses between 530 and about 3625A on the (100) 
plane, the relative oxide thicknesses on the (100), 
(111), (110), and (320) decreased in this order. This 
sequence also represents the relative rates within 
the limits of experimental error. 

X-Ray Diffraction Studies— Results for the struc- 
ture and composition of the oxide films formed on 
the (001), (111), and (011) planes at 250°, 350°, 450° 
and 550°C are summarized in Table I. Each result 
represents a minimum of two separate experiments. 
The composition is reported as Fe,0, or y Fe20; 
since both have the same d-spacing and are indis- 
tinguishable by X-ray diffraction. A small amount of 
@ Fe20;3 was found in all films except those formed 
at the lower oxygen pressures at 250°. The orienta- 
tion results are presented in terms of the standard 
(001) stereographic projection.* The important fea- 
ture of these orientationsis the equivalence of a 
[001] direction of a Fe and a [011] direction of Fe,0, 
for the iron planes studied. This orientation repre- 
sents an optimum matching of iron atoms in Fe,0, 
and the a Fe lattice as has been discussed by Collins 
and Heavins.° The reported orientations were the 
predominant ones. Occasionally reflections recorded 
on the diffraction photographs indicated that other 
orientations existed. In view of the phenomenon of 

oxide nucleation,’*° it is not surprising that more 
than one orientation might exist. In the present 
Studies, these secondary reflections appeared to be 
only a minor fraction of the predominant one. 

Under the experimental conditions reported, the 
amount of a Fe20; in the oxide films was too small 
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to permit an extensive orientation analysis. How- 
ever, in the case of the oxide on the (111) face of 
a Fe, the (211) reflection of the a Fe,0, seemed to 
appear always on the zero layer line for iron in the 
diffraction photographs. This indicates that the (211) 
plane of a FeO, was parallel to the (111) plane of 
a@ Fe. See Table I. In addition to these data, several 
experiments were carried out on a (211) plane of 

a@ Fe which showed that the (100) plane of Fe,0, (or 

y Fe20;3) was approximately parallel to the (211) 
plane of (211) plane of a Fe in agreement with data of 
other workers using a different oxidizing atmosphere 
and experimental techniques.” 

Surface Topography of the Oxide—The films 
adhered to the substrate on all planes, and appeared 
compact and smooth at magnifications up to X400. 

A slightly granular structure was observed at higher 
magnifications and at X1000 to X1500, some barely 


Fig. 3— Photograph of the oxidation pattern formed on a 
spherical iron crystal oxidized at 250°C for 26 hr in 760 
mm of Hg of oxygen. An orthographic net is superimposed 
normal to the (001) face. The central black dot at the (001) 
is a camera reflection. 


VOLUME 221, APRIL 1961-259 


Fig. 4— Photomicrograph of cxide on a (100) face showing 
large nuclei on an oriented oxide film. Oxide thickness is 
about 13504. Original magnification, X1500. Reduced ap- 
proximately 23 pct for reproduction. 


resolvable protuberances or oxide nuclei were ob- 
served. Nuclei were more readily obse? ved on crys- 
tals which had been oxidized at low pressures (about 
1 mm or less) and the higher temperatures. In ad- 
dition, the low-pressure oxidations at 350° to 550°C 
exhibited under high magnifications an oriented sur- 
face oxide which resembled at Widmanstatten-type 
structure. The symmetry of the surface structure 
followed that of the underlying metal substrate. See 
Fig. 4. Besides these features, relatively large 
facets were produced on some high-index crystal 
planes. As the photograph of Fig. 5 shows, facets 
parallel to the (110) face and large enough to reflect 
white light were formed on high-index crystal planes 
adjacent to the (110) plane of an a Fe crystal which 
was oxidized on oxygen at a pressure of several mm 
Hg and at 350°C for 5 min. Tests were carried out to 
determine whether these large facets were formed 
prior to the oxidation during the hydrogen anneal as 
a result of gas or thermal etching. These tests in- 
cluded heating the crystal in hydrogen under normal 
annealing conditions, cooling and examining the sur- 
face. Crystals were also heated in a system which 
could be outgassed approximately 10°’ mm Hg pres- 
sure, and then annealed in hydrogen. These experi- 
ments indicated that the large facets which were ob- 
served after oxidation were not formed during the 
hydrogen anneal. 


DISCUSSION 


The anisotropy of oxidation rates on different 
crystal planes is well known. By providing from 
the same experiment both rate, composition and 
orientation data on the same crystal surfaces, it 
was hoped to establish relations between these 
data and substrate structure. The oxide composi- 
tion was the same for all iron planes studied. While 
both the oxide orientations and rates were strongly 
dependent on the substrate structure, only the orien- 
tation exhibited a relatively straightforward relation- 
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Fig. 5—Photograph of a spherical single crystal of iron 
oxidized in a low oxygen pressure at 350°C. A light is 
directed normal to(110) plane. Reflections are from 
facets parallel to the (110) plane which developed on 
planes of high Miller index adjacent to the (110). 


ship. This was the tendency to continue the lattice 
spacing of the metal atoms in the oxide. In orienta- 
tion studies, it should be point out that the use of 
X-ray diffraction reveals the bulk orientation of the 
oxide with respect to the metal whereas similar 
studies using electron diffraction reveal the orienta 
tion of the outer layers. The present epitaxial re- 
lations for the bulk of the oxide film formed at tem- 
peratures at which wistite in the bulk phase is 
unstable are in agreement with the results of other 
authors using different experimental techniques and 
oxidizing conditions. 

The rates of oxidation of the (100) and (111) planes 
are in fair agreement with the data of Mehl and 
McCandless*™ who used large-grained Armco iron 
heated at 270°C in air. This agreement might be 
expected in view of the small temperature difference 
and the fact that there was no observed dependence 
of rate on oxygen pressure under conditions of the 
present study. Since the Armco iron used in the 
present work was decarburized prior to oxidation, 
decarburization during oxidation as has been des- 
cribed by Gulbransen and coworkers’? did not occur. 
Therefore the reversal of rate on the (100) and (111) 
must be attributed to the role of substrate structure 
and not to decarburization. In addition, certain initi- 
ally smooth, high-index planes underwent rearrange- 
ment during the reaction to produce facets parallel 
to lower index planes. The magnitude of this effect 
was greater than that reported by Bénard and 
Moreau’® for oxidation of stainless steel but in qual- 
itative agreement with the suggestions of Vermilyea.”” 
A study of the microtopography of selected crystal 
planes as a function of time, temperature, and oxygen 
pressure would be helpful in further testing these 
interpretations. 
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loading, and electric polarization on the fracturing behavior of 
copper and zinc coated with mercury. Copper showed an em- 
brittlement only in cyclic loading, whereas zinc showed an em- 
brittlement in both static and cyclic loading. The embrittle- 
ment of zinc in static loading was prevented by sub-zero cool- 
ing toa temperature of about -70°F. The embrittlement of 
both metals was slightly reduced by cathodic polarization of 


mercury. The basic processes involved in fracturing were dis- 


cussed in the light of these observations. 


Wuen a solid metal is in contact with certain 
liquid metals possessing high wetting characteris- 
tics, a weakening effect is produced, and the solid 
metal fractures in brittle manner at a relatively 
low stress. This lowering of the fracture stress 
generally is considered different from the stress 
cracking caused by a corrosive liquid environment 
and is attributed to the lowering of the solid-liquid 
interface tension at the grain boundaries.*~* 

The purpose of this paper is to describe a num- 
ber of observations on the special features of frac- 
turing of copper and zinc coated with a liquid mer- 
cury film, and to analyze the basic processes in- 
volved in fracturing in the light of these observa- 
tions. 


EXPERIMENTAL OBSERVATIONS 


I) Effect of Type of Loading—The evidence appears 


to indicate that in static loading, metals usually 
fracture by the initiation of microcracks in the in- 
terior preferentially at the grain boundaries or at 
the intersection of slip bands.* In cyclic loading, 
cracks develop on the surface within the active slip 


zones, and gradually propagate with increasing num- 
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ber of cycles.*” Because of this difference in the 
manner of initiation of cracks, a series of bare and 
mercury coated copper and zinc specimens was sub- 
jected to static and cyclic loading, and their frac- 
turing behavior was examined. 

The specimens were machined to 0.25 in. in diam 
and 1 in. in length from a high-purity commercial 
bar stock, and annealed at an appropriate tempera- 
ture. Mercury was applied to the surface of the 
specimens by rubbing with cotton wool soaked in a 
saturated solution of HgClz or by etching with a di- 
lute solution of HCl and rubbing with purified mer- 
cury and by washing in water. The static tension 
load-extension curves were obtained by means of 
a Riele Screw Power Universal Testing Machine. 

The room-temperature load-extension curves for 
copper and zinc are shown in Fig. 1. The deforma- 
tion behavior of copper, as judged from the general 
configuration of the load-extension curve, was not 
affected by mercury coating. The maximum load to 
fracture and the elongation at the maximum load 
were practically the same for both specimens. The 
mercury coated copper, however, showed some- 
what less localized necking and had smaller reduc- 
tion of area than the uncoated metal, 

The behavior of mercury coated zinc was radi- 
cally different from the behavior of uncoated metal. 
The load-extension curves were the same at the 
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Fig. 1—Effect of mercury coating on the load-extension 
curves of copper and zinc at room temperature (0.25 in. 


gage diam). 


start, but after 0.05 to 0.35 pct extension, the mer- 
cury coated specimen suddenly fractured, whereas 
the uncoated specimen continued to extend and work 
harden, and supported a higher fracture stress. 
The coarse grained specimens (1.7 mm grain diam- 
eter), which were annealed at 500°F for 2 hr, showed 
a greater tendency to stress cracking than the fine- 
grained specimens (0.23 mm grain diameter), which 
were annealed at 200°F for 2 hr. 

A number of single crystals of zinc were prepared 


ll 


10 


Bare specimens 


Maximum Stress - 1000 pei 


Ke coated specimens 


Number of Cycles for Fracture 


i 10 100 i 10 
Thousand villion 


Fig. 3—The S/N diagrams for bare and mercury coated 
zinc, (The specimens machined to 0.25 in. diam and 1 in. . 
length, annealed at 500°F for 2 hr, and tension-tension 
fatigue tested at room temperature.) 
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Fig. 2—The S/N diagrams for bare and mercury coated 
copper. (The specimens machined to 0.25 in. diam and 
1 in. length, annealed at 500°F for 2 hr, and tension-ten- 
sion fatigue tested at room temperature.) 


by traveling zone technique from a high-purity com- 
mercial coil stock, coated with mercury, and tested 
under a tension load inclined to the basal slip planes. 
The crystals fractured in a brittle manner by cleav- 
age along the basal planes. No rotation of the planes, 
or bending which results in longitudinal kinks, was 
observed. 

Another series of copper and zinc specimens was 
subjected to cyclic loading and the number of cycles 
for fracture was determined. The load was applied 
in tension with a ratio of minimum to maximum 
load of 0.05 pct by means of a Sonntag Universal 
Fatigue Testing Machine at 1800 cycles per min. 

The S/N curves for copper and zinc are shown in 
Fig. 2 and 3. The uncoated specimens exhibited the 
well-known feature of rapid increase in fatigue life 
with decreasing load amplitude. The mercury coated 
copper had practically the same fatigue strength at 
10° cycles as the uncoated copper. However, at 
large amplitudes where copper showed a progressive 
hardening, the mercury coated specimen had a fa- 
tigue life less than 2 pct that of the uncoated metal. 
Mercury coating of zinc reduced the endurance 
limit as well as the fatigue life at large load ampli- 
tudes. 

II) Effect of Temperature— The phase diagrams 
show that zinc has a limited solubility in liquid mer- 
cury at room temperature.*°® When zinc is coated 
with mercury, a thin film of zinc-mercury solid 
solution forms on the surface at temperatures above 
110° F. Below this temperature, 8 and y phases are 
formed and at about —38°F, mercury is completely 
solidified. 

In order to evaluate the effect of temperature on 
the fracturing behavior of zinc in static loading, a 
series of specimens was coated with mercury, and 
tension tested at different temperatures in a test 
chamber cooled with dry ice. The load-extension 
curves obtained are plotted in Fig. 4. It was noted 
that the lowering of the fracture stress by mercury 
coating occurred at temperatures down to -60°F. 

At lower temperatures both bare and mercury 
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Fig. 4—Effect of temperature on the load-extension curve 
of zinc. (The specimens machined to 0.25 in. diam and 

1 in. length, annealed for 2 hr at 200°F, and tested at the 
temperatures indicated.) 


coated specimens had the same general fracture 
characteristics. 

There is, therefore, a critical temperature for the 
stress cracking of mercury coated zinc. This tem- 
perature is between -—60°F and -—70°F, approxima- 
tely 20°F below the freezing point of mercury, and 
the behavior is inverse of the ductile to brittle tran- 
sition observed in the non-face-centered cubic me- 
tals at low temperatures. 

III) Electrochemical Aspects of Fracture— The 
stress cracking of metals in a corrosive liquid en- 
vironment depends on the presence of more or less 
continuous anodic zones within the large mass of 
the structure.*”** A selective attack along these 


Table | 
The effect of electric polarization on the fatigue life of copper 
and zinc coated with mercury. The specimens were machined 
to 0.25 in. in diam. Copper was annealed at 500°F for 2 hr and 
zinc at 200°F for 2 hr prior to testing. The current density 
used was about 6.0 Amp per In. for all specimens. 


Number of Cycles 
for Fracture 


Maximum Stress 
Lb per Sq. In. 


19,500 
19,500 
19,500 
+ 19,500 
19,500 
19,500 


17,500 
17,500 
17,500 


3,500 
3,500 
3,500 
3,500 
3,500 
3,500 


Specimen Polarity of 
No. Metal-Hg Coat 


None 
None 


© 
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Fig. 5—Configuration of static and fatigue specimens, and 
the method of making the mercury coating cathodic rela- 
tive to the base metal for studying the electro-chemical 
nature of fracture. 


zones under a tensile stress would build up a stress 
concentration at the base of the zone. When the 
stress concentration becomes sufficiently high, the 
metal might start to tear apart by mechanical ac- 
tion, and fresh anodic material becomes exposed 

to the corrosive medium. The conditions leading to 
mechanical disruption are again built up, and the 
metal eventually fractures by these mutually ac- 
celerated processes. The susceptibility to stress- 
corrosion cracking may be modified by changing 
the electrode potential relationship between the 
metal and the corrosive liquid or between the anodic 
zones and the large mass.” 

In a metal to metal contact, it is not clear whether 
the electrochemical processes would play a role in 
lowering the fracture stress or the fatigue life. To 
investigate such a possibility, the specimens of 
copper and zinc were coated with mercury, wrapped 
along the gage length with a coil of mercury coated 
copper wire, and connected to dc power supply as 
shown in Fig. 5. The metal or the mercury film was 
made cathodic by connecting either the grip or the 
mercury coated coil to the negative terminal. The 
current density, which may be measured by the 
current per unit length of the circumference of the 
specimen, was adjusted by means of a rheostat. 

The method was not effective in producing uniform 
polarity across the metal-mercury interface, but it 
was satisfactory enough for the detection of an elec- 
tric polarization effect of fracturing. 

The change in the fatigue life of mercury coated 


Table Il. 
The effect of polarization on the fracturing of mercury coated 
zinc in tension loading. The specimens were machined to 0.25 in. 
in diam and annealed at 500°F for 2 hr prior to testing. 


Pct Elongation 
at Fracture 


Fracture Stress 
Lb per Sq. In. 


1,550 0.2 
1,800 0.3 
2,600 0.6 
2,850 0.8 


Specimen Polarity of 
No. Metal-Hg Coat 


1 None 

2 - + 
3 + = 
4 + - 
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Fig. 6—Photomicrograph of mercury coated zinc showing 
grain boundary penetration of mercury and cracking under 
stress. Etched with aqueous solution of CrO; and Na,SQ,. 
X500. Reduced approximately 62 pct for reproduction. 


copper by polarization is shown in Table I. It was 
noted that if the mercury film was made cathodic 
relative to the base metal, the fatigue life of the 
specimen was somewhat improved and that if the 
polarity was reversed the effect disappeared. 

The effect of polarization on the fatigue life and 
fracture stress of mercury coated zinc is shown in 
Tables I and II. The grain boundary effect and the 
very low slope of the S/N curve seemed to produce 
a considerable scatter in the results, nevertheless 
the cathodic polarization of the mercury film showed 
a tendency to increase both the fatigue life and the 
fracture stress of the specimens. 

IV) Metallography of Fracture—Smith, Robertson, 
and others” have established that the stress crack- 
ing of zinc occurred by the continued penetration of 
mercury into the grain boundaries and propagation 
of cracks along these continuous paths. Fig. 6 illus- 
trates these effects. The specimen was subjected to 
a tension load till cracks were formed at the surface. 
A cross section perpendicular to the cracks was 
polished and examined under microscope. The in- 
tergranular cracking and the penetration of mercury 
into grain boundaries were clearly visible. 

The propagation of fatigue cracks in copper was 
examined by means of electron microscope using 
two-stage carbon replicas of the actual fracture 


Fig. 8—Fracture surface of mercury coated copper show- 
ing flat domains. (Two-stage chrome shadowed carbon 
replica of a specimen failed under 20,000 psi maximum 
stress at 34,000 cycles. X26,000.) Reduced approximately 
57 pet for reproduction. 
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tions (Two-stage chrome shadowed carbon replica of a 
specimen failed under 20,000 psi maximum stress at 10 
cycles. X26,000.) Reduced approximately 57 pct for re- 


production. 


surface. The areas near the initiation point of the 
fatigue cracks are shown in Figs. 7 and 8. A num- 
ber of investigators have reported that the fracture 
surface of steel and aluminum alloy samples rup- 
tured in fatigue exhibit a characteristic pattern of 
‘‘Striations.’’'*'* These striations represent suc- 
cessive positions of the propagation front of the 
crack. The fracture surface of uncoated copper 
showed closely spaced striations. The fracture sur- 
face of mercury coated copper did not show stria- 
tions but exhibited flat domains, considerably 
smaller than the actual grains. These domains were 
presumably produced by a mechanisms of local 
shear.** It appears that in mercury coated copper 
the areas showing gradual growth of crack front are 
eliminated and the rupture propagates at high vel- 
ocities by transcrystalline shear. 


DISCUSSION 


According to present theories of fracture, a metal 
first deforms by glide dislocations, then a number 
of these dislocations become converted at some 
place in the crystal into cavity dislocations which 
serve as crack nucleus. Once initiated, a crack 
will continue to grow and cause fracture if, for a 
given increase in crack length, the energy decreases 
in the surrounding stress field exceeds the energy 
absorption with crack growth.’**? 

The energy absorbed by a growing crack in brittle 
materials is, according to Griffith, the same as the 
energy of the new surfaces formed.”® In metals, 
however, the energy absorption is found to be a 
variable quantity, and includes, besides the surface 
energy, a complex plastic deformation factor, which 
depends upon the crack length, applied stress and 
the yield point of the metal, as well as a chemical 
factor, which depends upon the environment attack 
at the metal in the vicinity of the crack tip.’°-'” 

The experimental evidence on the penetration of 
mercury into the grain boundaries of zinc leading 
to low fracture stress and the lack of these features 
in copper led Smith, Robertson and others’ * to as- 
sume that the mercury stress cracking was the re- 
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sult of low surface tension at the liquid-solid-bound- 
aries. This surface tension, which was evaluated by 
the equilibrium dihedral angle formed at the liquid- 
solid interfaces, was lower in the mercury-zinc 
system than in the mercury-copper system. 

The observations presented in this paper suggest 
that, although the grain boundary penetration of a 
liquid by the wetting effect may play a role in the 
initiation of cracks in static type of loading, it is 
not an essential requirement for rapid crack propa- 
gation neither in static loading nor in cyclic loading. 

It was noted that the stress cracking of polycrys- 
talline zinc was prevented below a critical tempera- 
ture range of -60°F to —70°F, appreciably lower 
than the freezing point of mercury (-38°F). At the 
temperature of say —60°F, the mercury film was 
completely solid and could not penetrate into the 
grain boundaries as a result of the wetting effect, 


nevertheless the specimens exhibited stress cracking. 


It was also noted that mercury coating caused em- 
brittlement in transcrystalline fractures. The mer- 
cury coated zinc single crystals fractured by cleav- 
age along the basal slip planes in tensile loading. 

The mercury coated copper had a fatigue life, less 
than 2 pct that of uncoated copper. This was about 
the same as the number of cycles required to de- 
velop persistent slip zones or fatigue crack embryos 
observed by Thompson ef al.* The examination of the 
actual fracture surfaces by electron microscope in- 
dicated that the mercury coated specimen did not 
have certain characteristic fatigue striations. These 
striations represent successive positions of the 
propagation front of the fatigue crack. Their ab- 
sence, and the appearance of flat domains, may be 
interpreted as an indication of rapid transcrystal- 
line crack propagation, and lowering of the energy 
absorption with crack growth. 

The grain boundaries or the basal slip planes of 
zinc, and the fatigue crack embryos of copper are 
more readily attacked by mercury than the surround- 
ing metal under a tensile load. The mercury com- 
pound or solid solution zones formed are extremely 
weak and are easily disrupted by mechanical action. 
If the zones are large enough to allow a crack to 
form, and the applied load is sufficiently high to 
build up a stress concentration, the chemical and 
mechanical processes are mutually accelerated and 
the crack may reach a critical velocity of propaga- 
tion so that the metal fractures in a brittle manner 
with little plastic deformation. This mechanism of 
mercury embrittlement is similar to the concept 
developed by Uhlig, Forty and others*’’’® for the 
stress corrosion cracking in metals. 

It is interesting to note that when NaCl or other 
salt crystals, which contain a surface crack, come 
in contact with their saturated water solution, 
precipitation occurs at the crack tip as the equilib- 
rium concentration of the solute in a crack gap is 
less than that on a plane surface. The rounding of 
the tip of surface cracks is associated with the in- 
ducement of ductility in these crystals.~” The for- 
mation of a weak and brittle zone in metals by any 
process tends, however, to build up stress concen- 
tration in the vicinity of the zone and induces em- 
brittlement instead of ductility. 
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The manner in which the embrittled zones are 
produced by mercury is not very clear. It appears 
that a chemical as well as an electrochemical proc- 
ess may be involved. The observation that the cath- 
odic polarization of the mercury film tended to im- 
prove slightly the fatigue life of copper and zinc, 
as well as the fracture stress of zinc, suggests that 
the chemical effect of mercury was somewhat re- 
duced by the electrochemical process involving the 
absorption of impurity ions on the mercury-metal 
interface, and that the crack propagation was slowed 
down. These chemical and electrochemical proc- 
esses appear to be responsible for extending the 
mercury embrittlement to temperatures below the 
freezing point of mercury in the sub-zero tension 
testing of zinc. 


CONC LUSIONS 


The mercury embrittlement of copper and zinc 
appears to result from the rapid propagation of 
cracks along an active path, such as grain bound- 
aries, basal slip planes or the tip of fatigue crack 
embryos. The lowering of the energy absorption 
with crack growth along these paths are due to the 
interaction of chemical and mechanical processes. 
The wetting effect attributed to a low equilibrium 
dihedral angle at grain boundaries plays a minor 
role. 
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The Effect of Arsenic and Tellurium on the 


Surface Tension of Lead 


The surface tension of lead-tellurium alloys (in the range 
0 to 6.70 at. pct Te) and lead-arsenic alloys (in the range 0 to 
10.53 at. pct As) has been examined by the maximum bubble pres- 
sure method. The surface tension of high purity lead can be ex- 
pressed over a range of temperatures (M.P. to 750°C) by the re- 
lationship y = 512 — 0.133t. Arsenic and tellurium were both found 
to be surface active in lead. The surface excess concentration at 
700°C was found to be constant at 0.74 x 107° moles per sq cm 
for tellurium, The surface excess of arsenic at 700°C varied 


between 0.26 x 1079 moles per sq cm at 0.16 at. pct to 1.5 x 10710 


moles per sq cm at 8.3 at. pct. 


Tue surface tension of lead has been investigated 
sporadically over the last 90 years. The first re- 
corded study was made by Quincke’ who used a 
rather crude application of the drop-weight method. 
Hogness’ obtained the first reliable value for the 
surface tension of lead by measuring the pressure 
necessary to force the liquid metal from the end 

of a small capillary of known radius. Hogness gives 
the empirical formula: 


y (surface tension) = 444 — 0.077 (¢- 327) 


which describes the relationship between surface 
tension and temperature (°C). This work was fol- 
lowed by that of Bircumshaw’ who applied the two- 
capillary maximum bubble pressure method of 
Sugden. The values published by Bircumshaw are 
in good agreement with those found by Hogness. 
Matuyama’ examined the surface tension of lead by 
the drop weight method. However, the values found 
are somewhat higher than those previously reported. 
More recent investigations by Greenaway’ and by 
Melford and Hoar’ have resulted in data which are 
not in close agreement, but which are well within 
the expected range at most temperature levels. 

The study of the surface tension of lead alloys 
began with Drath and Sauerwald® who examined the 
lead-bismuth system. They found that the surface 
tension values of the alloys in this system deviated 
only slightly from the ideal mixture rule. Matuyama 
examined the lead-antimony system, Bircumshaw® 
the lead-tin, and the lead-indium system was studied 
by Hoar and Melford.’° The results of these investi- 
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gations are summarized in Fig. 1. It may be seen 
that the data vary only slightly from the ideal mixture 
rule. As none of the metals studied and reported in 
the literature has a very interesting effect on the 
surface tension of lead,* the next logical step might 
*None of the alloying elements investigated are surface active, that 
is, they are not adsorbed on the surface to such an extent that they 
drastically lower the surface tension of lead even when added in very 
small amounts. 
be to examine the effect of metals of low solubility 
or nonmetals having some liquid solubility. Baes, 
and Kellogg” have pointed out that the elements most 
likely to be surface active in liquid metals are ones 
of limited solubility in the liquid state and possessing 
weak intermolecular bonding forces in the solid 
state. Therefore, Group V, VI and VII nonmetals are 
most likely to be surface active. It was decided to 
examine the effect of a borderline metal, arsenic, and 
a nonmetal tellurium. Arsenic forms a eutectic with 
lead having a melting point of 290°C and a composi- 
tion of 6.9 at. pct As.’ Pure arsenic sublimes when 
heated above 610°C. Even though alloying with lead 
lowers the vapor pressure, fumes containing arsenic 
are evolved at a very noticeable rate when lead- 
arsenic alloys are heated above 650°C. Tellurium 
raises the liquidus temperature of lead sharply to 
904°C,** the melting point of PbTe (lead-telluride ). 
The solid solubility of tellurium in lead was deter- 
mined by Greenwood and Worner’’ to be 0.0007 at. 
pct at room temperature. 


EXPERIMENTAL METHOD 


Surface Tension Measurement— The two capillary 
maximum bubble pressure method for measuring 
surface tension developed by Sugden, * and used later 
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100 


for liquid metals by Bircumshaw, ° was used in this 
work. 

The pressure required to form a bubble on the 
end of a tube immersed in a liquid depends upon the 
depth of immersion, density of the liquid, surface 
tension of the liquid, and the radius of the tube. The 
surface of such a bubble when the capillary is very 
small will be a segment of a sphere. According to 
the fundamental equation of capillarity,* the pres- 

*p = y(1/R, + 1/R,), where p is the pressure across a curved sur- 
face whose principal radii are R, and R, when the surface tension is y. 
sure difference between two sides of a spherical 
surface is directly proportional to the surface ten- 
sion and inversely proportional to the radius of the 
surface. It can be seen that as the pressure inside 
a bubble is increased, the radius of curvature of 
the surface of the bubble will decrease until the 
bubble becomes hemispherical and then it will in- 
crease. Since the pressure required to balance the 
surface tension is inversely proportional to the 
radius of the surface, the bubble pressure will be 
at a maximum when the radius of the bubble is at 
a minimum. Thus, ideally, the maximum bubble 
pressure occurs when the bubble is hemispherical, 
and any increase beyond this size allows further 
inflation of the bubble at increasingly lower pres- 
sures. After the maximum pressure is reached, 
the gas rushes in and forces the bubble from the 
end of the tube. 


When a tube of very small radius is used, the 
maximum pressure during bubble formation is ap- 
proximated by 


Puax. =ZY (D * [1] 


where y is the depth of immersion, D is the density 
of the liquid, d is the density of the gas, 7 is the 
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Fig. 2—View of the maximum bubble pressure equipment 
used for measuring surface tension. 


radius of the tube, g the acceleration due to gravity, 
and y the surface tension. However, since the pres- 
sure on the liquid side of the bubble varies with the 
head of liquid, the bubble is not spherical even though 
it may approach a spherical shape when the capillary 
is very small. Thus, Eq. [1] may not be used directly 
to calculate surface tension without introducing an 
error. 

Numerous methods of correction have been ap- 
plied to bubble pressure data. However, the one that 
appears to be the most exact is Sugden’s* clever ap- 
plication of Bashforth and Adams’'® analysis of the 
shape of a capillary surface. Sugden’s method makes 
use of two capillaries of different radii. The Sugden 
method offers many advantages over other methods 
of measuring surface tension. Even though the den- 
sity must be known, a10pct error in density will lead 
to an error in surface tension of less than one per- 
cent. No knowledge of the contact angle is needed. 

No calibration of the equipment is required, and the 
only measurements are the radii of the capillaries 
and the bubble pressures. Readings are always 
made on a fresh clean surface free of contamination. 

Description of Equipment—A semi-schematic view 
of the surface tension equipment is shown in Fig. 2. 
The liquid metal to be examined was held in a 1-in. 
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Composition of Lead Used, Wt Pct 


Table | Table II 
Composition of Tellurium Used, Wt Pct 


Table Ill 
Composition of Arsenic Used, Wt Pct 


Antimony 0.0001 pct Magnesium 0.00021 pct Aluminum 0.0006 pct 
Tin 0.0001 pct 

amie 0.0001 pet Silicon 0.003 pct Magnesium 0.0003 pct 
Bismuth 0.0001 pct Bismuth 0.3 pet Silicon 0.0009 pct 
Copper 0.0002 pct Lead 0.9 pet Antimony 0.001 pct 
Iron 0.0002 pct : 99 

Nickel 0.0001 pet ellurium 98.8 pct Arsenic .99+ pct 
Silver 0.00001 pct 

Lead 99.999 pct 


diam by 8-in. long vycor tube sealed into a steel re- 
tainer. Two stainless steel (316) bubble tubes were 
introduced through holes drilled in the stainless 
steel water cooled cover. The immersion depth of 
the capillaries could be changed by means of an 
adjustment wheel. These capillaries were turned 
from 0.125 in. (3.18 mm) OD by 0.025 in. (0.635 mm) 
ID 316 stainless steel tubing. The temperature of 
the liquid metal was measured by a 24-gage chromel- 
alumel thermocouple held in a fused silica protec- 
tion tube. It was found that when the furnace cham- 
ber temperature varied +3°C the temperature of 

the liquid metal in the vycor tube varied less than 
+1/2°C. Even though surface tension undergoes 
only a slight change with temperature, close tem- 
perature control was necessary to prevent therm: 
ally produced dimensional changes in the equip- 
ment. Any expansion or contraction of the liquid 
metal or bubble tubes would change the depth of 
immersion and alter the bubble pressure. 

It was found necessary to mount the liquid metal 
container and bubble tubes on a vibration free frame. 
This was accomplished by suspending the tube sup- 
port from 4 low rate springs and damping out oscil- 
lation with two oil filled dash-pots. Before mount- 
ing the equipment in this manner it was difficult to 
reach the maximum bubble pressure, as the bubbles 
were jarred from the ends of the tubes by building 
vibration before the maximum was reached. 

The pressure measuring equipment consisted of 
a pressure transducer with power supply used in 
conjunction with a strip chart recorder. The trans- 
ducer was of the full bridge type based on the un- 
bonded strain wire principle. Calibration of the 
transducer and allied equipment was accomplished 
with a 20-in. (50.8 cm) water filled Micro-Mano- 
meter. If the voltage to the transducer was care- 
fully controlled, the pressure readings were found 
to be reproducible with an error of less than 1/2 
pet, with a sensitivity of 0.01 cm of water, ona 
nonreversing reading. The pressure measuring 
equipment did have a moderate amount of hysteresis, 
but as the important readings were maximum read- 
ings and were always approached from the same 
direction, the hystersis did not lead to any signifi- 
cant error. 

Argon Purification— The argon used to form the 
bubbles was purified by equipment consisting of 
a dry ice and acetone cold trap for removing the 
major portion of the water vapor found in com- 
mercial argon. Hot titanium chips (700°C) held in 


a stainless steel tube were used to remove nitrogen, 
oxygen, and some water vapor. At this point argon 
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was drawn off and used as cover gas over the molten 
metal sample. The argon used for bubbling was 
purified further by passing it over an active copper 
preparation, described by Meyer and Ronge.’” It 
was then passed over P20; to remove water vapor. 
After this treatment the dew point of the argon was 
near —100°C. 

Operation of Equipment—The alloy to be examined 
was placed in the vycor tube in such a manner that 
the bubble tubes and thermocouple protection tube 
could be lowered to the operating position. The argon 
cover gas and bubble tube valves were opened and the 
equipment was allowed to purge for an hour. After 
purging, the bubble control valve was closed, the 
cover gas valve was adjusted to give a flow of 10 cc 
per min, the power to the furnace turned on, the 
charge melted and brought to the desired tempera- 
ture. With the pinch clamp open, the bubble valve 
was positioned to form bubbles at a rate of 5 to 10 
per min. The range selector on the bridge balancer 
was adjusted so the maximum bubble pressure of 
the large capillary was recorded on the low side of 
the strip chart. After 10 to 20 bubbles were formed 
and recorded, the pinch clamp was closed and the 
process was repeated with the small tube. The 
maximum bubble pressures for a given capillary 
did not vary more than +0.02 cm water. 

Accuracy— The absolute accuracy of most methods 
of measuring the surface tension of molten metals is 
low. This is supported by the wide variation in sur- 
face tension values published by various investiga- 
tors for the same system. The maximum bubble 
pressure method, and in fact any method requiring 
the measurement of small capillaries, is subject to 
considerable error. However, successive measure- 
ments made with the same capillaries may have very 
good relative accuracy. 

In this work it was estimated that the error in 
measuring the capillary tubes was +0.001 cm,* the 


*In reality the error was much less than this, but as the location of 
the effective radius is somewhat uncertain the larger more realistic 
value is used. 
error in the pressure readings was +0.2 mm water, 
and that the liquid metal density was accurate to 
+ 0.05 g per cm*. The absolute accuracy of the 
method was examined by varying the data through 
the ranges given above and solving for the surface 
tension. The results of such calculations show a 
+ 4 pet scatter in the surface tension values. The 
largest factor was the uncertainty of the capillary 
diameter which in itself led to an error of +3.5 pct. 
Thus, if it is assumed that the capillaries undergo 
no change with use, the data from a given set of 
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Fig. 3—The surface tension of lead arsenic alloys. 


equipment should have a relative error of not more 
than +0.5 pct. 

Preparation of Alloys—All the alloys were pre- 
pared from lead of a composition given in Table I. 
The tellurium used was of a composition given in 
Table II and the arsenic of a composition given in 
Table III. The higher tellurium alloys were weighed 
up allowing for some loss of tellurium during melt- 
ing. The 0.1 pct Te alloy was prepared by diluting 
a 5 pct alloy with lead. The arsenic alloys were 
prepared ina similar manner. All heats were an- 
alyzed for tellurium or arsenic by wet methods. 


RESULTS 


Lead Arsenic Alloys—Surface tension measure- 
ments were made on six lead-arsenic alloys con- 
taining 0.0, 3.77, 6.24, 8.35, and 10.53 pct (at. pct) 
As. The results of runs made on these alloys are 
plotted in Fig. 3. This plot shows the variation 
of surface tension with temperature. A plot illus- 
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Fig. 5—The surface tension of lead tellurium alloys. 
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Fig. 4—Effect of arsenic on the surface tension of lead at 
three temperature levels. 


trating the change of surface tension with increasing 
amounts of arsenic at three temperature levels is 
given in Fig. 4. 

Lead Tellurium Alloys--Six lead-tellurium alloys 
containing 0.0, 0.16, 1.39, 3.18, 3.76, and 6.70 pct 
(at. pct) Te were examined. The surface tension 
data for these alloys are plotted in Fig. 5; Fig. 6 is 
a plot illustrating the change of surface tension with 
tellurium content. 


DISC USSION 


The Surface Tension of Pure Lead— Values for the 
surface tension of lead found in this work are in good 
agreement with previous values. In Fig. 7 the results 
of this investigation are compared to those of Bir- 
cumshaw,”* Melford and Hoar,’ and Greenaway.° With 
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Fig. 6—Effect of tellurium on the surface tension of lead at 
three temperature levels. 
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a few exceptions the values shown here are within 
5 pct of the average as would be expected from an 
analysis of the errors inherent in all methods of 
measuring surface tension. However, it is difficult 
to account for the variation in temperature depend- 
ence of the surface tension values from one investi- 
gation to another. A possible explanation might be in 
the contamination of the lead by a surface active ele- 
ment or in the presence of a temperature dependent 
error in the method or apparatus. Even though most 
investigators used lead of high metallic purity such 
nonmetals as those from Groups V, VI, and VII have 
or may have a great influence on surface tension. 
The undetected presence of these elements could 
account for the differences seen in Fig. 7. 

The surface tension of lead as found in this work 
can be expressed as 


= 512 —0.133¢ 


where vy is the surface tension in dynes per cm and 
t is the temperature in °C. 

Gibbs’ Surface Excess—The excess surface con- 
centration of tellurium and arsenic in the alloys 
examined may | be calculated from the Gibbs adsorp- 
tion equation. 


RT dina 


T= 


where I is defined as the excess surface concen- 
tration in moles per sq cm, A is the gas constant, 
T is the absolute temperature, y the surface ten- 
sion and a*the activity. By assuming that a, the 


*Not to be confused with the capillary constant which customarily 
also has the symbol ‘‘a’’. 


activity, is very nearly equal to the mole fraction, 
Gibbs’ equation may be evaluated for a particular 
composition from the slope of the surface tension 
vs In mole fraction curve as plotted in Fig. 8. In 
the case of tellurium the surface excess concentra- 
tion was found to be constant at 0.74 x 107*° moles 
per sq cm over the range of compositions examined. 
In the case of arsenic no such constant value of sur- 
face excess concentration was found. The excess 
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and surface tension of lead alloys. 


varied from 0.26 x 107° moles per sq cm at 0.16 at. 
pet to 1.5 10° at 8.35 at. pct As. 

It appears in the case of tellurium in lead the 
amount adsorbed on the surface is proportional to 
the total tellurium concentration. In the case of 
arsenic in lead the amount adsorbed on the surface 
is dependent upon the concentration, but no clear 
relationship exists. 

Tellurium is most certainly surface active in 
lead as illustrated by its marked effect on the 
surface tension of lead. Arsenic, more metallic 
in nature, appears to be surface active, but does 
not have as great an effect on the surface tension 
of lead as does tellurium at equal atom concentra- 
tions. 

Addendum—Since the completion of this manu- 
script an additional paper pertaining to the subject 
has been published.*” Bradhurst and Buchanan dis- 
cuss the effect of tellurium on the surface tension 
of lead up to around 0.4 at. pct Te. Even though a 
different method was used (sessile drop) the data 
check well with those presented in this paper. 
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AH = 18,000 cal per mole and AS = 4.0 e.u. 


Recent developments in coating, brazing, and 
heat transfer have focused attention on specific 
cases of solid-liquid interaction in metal systems, 
particularly those involving dilute liquid solutions. 
One fundamental quantity of interest in such sys- 
tems is the equilibrium phase distribution between 
solid and liquid phases. In any effort to fully under- 
stand such interactions, one must be able to describe 
the equilibrium state precisely. Furthermore, in 
order to develop general relations for such sys- 
tems, one must know the equilibrium state in a num- 
ber of different cases. 

This investigation was devoted to a study of the 
equilibrium phase distribution in four binary sys- 
tems: solid iron-liquid lead; solid cobalt-liquid 
lead; solid chromium-liquid tin; solid nickel-liquid 
silver. The iron-lead system was previously studied 
by Shepard and Parkman’ and later by Fleischer and 
Elliott’ with differing results. Both investigations 
were carried out by sampling the saturated liquid, 
and analyzing it chemically. The cobalt-lead system 
was previously reported by Pelzel,* who noticed no 
discontinuity near the transformation. A limited in- 
vestigation of the chromium-tin system was made 
by Wlodek and Wulff* using a weight loss method. 
This work was done in conjunction with the develop- 
ment of a process for coating molybdenum with 
chromium from tin solutions. To more fully under- 
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Liquid-Solid Phase Distribution Studies in the Systems 
lron-Lead, Cobalt-Lead, Chromium-Tin, 


The solubility of iron and cobalt in liquid lead, the solubility 
of chromium in liquid tin, and nickel in liquid silver were de- 
termined up to 1300°C in an atmosphere of hydrogen. Liquid 
samples were taken at different temperatures and analyzed. 
The data obtained were plotted to show the relationship between 
log mole fraction of solute and the inverse of the absolute tem- 
perature. Resulting values for the differential heat of solution 
(AH) and the excess s partial molar entropy (AS) are: for the 
iron-lead system SH = 24,200 cal per mole and AS =5.0 e.u. 
for the a phase, and AH = 18,300 and 1 AS = -0.1 e.u. for the y 
phase; for the cobalt-lead system AH = 16,500 cal per mole 

and AS = 0.7 e.u.; for the chromium-tin system SH = 15,600 David A. Stevenson 
cal per mole and AS = 8.5 e.u.; for the nickel-silver system 


John Wulff 


stand the kinetics of the process, a more accurate 
determination of a solubility was desirable. No sig- 
nificant data were found in the literature on the 
nickel-silver system. Data on the latter system 
were, however, relevant to the investigation of the 
corrosion kinetics of copper-nickel alloys in liquid 
silver as carried out by Harrison and Wagner.” 


EXPERIMENTAL APPARATUS AND PROCEDURE 


Of the techniques available for the study of such 
systems the most effective appears to be that of 
liquid sampling,”°’” which is the method used in the 
present investigation. A schematic diagram of the 
sampling furnace is given in Fig. 1. Large pieces 
of solute metal, in excess of saturation solubility, 
were added to 200 g of the solvent metal, and the 
entire charge placed in an alundum crucible. Ana- 
lytical reagent or materials of chemically pure 
grade were used in all investigations. The crucible 
was contained in a zircon muffle tube positioned 
vertically in the uniform hot zone of a Globar re- 
sistance furnace. The tube was provided with a 
number of ports which permitted sampling at tem- 
perature and in controlled atmospheres or vacuum; 
the ports were also useful for evacuation and in- 
troduction of gases as well as for thermocouple 
measurements. A chromel-alumel thermocouple 
sheated in a porcelain tube was used for tempera- 
ture measurements. A purified hydrogen atmo- 
sphere was employed in all experiments reported 
in this paper. The hydrogen was purified by pass- 
ing it first over hot copper gauze to remove oxygen 
and then through a molecular sieve immersed in 
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Fig. 1—Schematic diagram of furnace. 


liquid nitrogen. A control thermocouple was posi- 
tioned between the Globar elements and the muffle, 
and was connected to a Wheelco controller. This 
provided a maximum temperature fluctuation of 
the melt of +1°C up to 1100°C, and +2°C at higher 
temperatures. Samples of the liquid were with- 
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Fig. 3— Log mole fraction iron vs 1/T x 104. 
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drawn using a vycor sampling tube and an aspirator 
bulb. In cases where a filtered sample was desired, 
a closed vycor tube was immersed in the liquid 
after evacuation of the muffle, and hydrogen was 
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Fig. 5— Log mole fraction cobalt vs 1/T x 104. 


readmitted forcing liquid into the sampling tube. 
The samples were then analyzed chemically to de- 
termine the solubility of the solid metal in the liq- 
uid metal at a particular temperature. 

There are three major problems in work of this 
kind: 1) attainment of equilibrium; 2) proper sam- 
pling of the liquid to avoid entrapment of solid; and 
3) proper analysis of a representative portion of 
sample. In these determinations, since points ob- 
tained on cooling and heating fell on the same curve, 
within the limits of experimental error, existence 
of equilibrium conditions was assumed. A number 
of samples were taken employing a quartz filter in 
order to preclude entrapped solid. Again, since the 
data fell on the same curve, it was assumed that 
the sampling procedure employed avoided the en- 
trapment of solid. In order to avoid any error 
arising from segregation during solidification, the 
whole sample was dissolved before analysis. 


RESULTS AND DISCUSSION 


The experimental results for the four systems 
are plotted in Figs. 2, 4, 6, and 8. Figs. 3, 5, 7, 
and 9 show plots of the log mole fraction solute vs 
the inverse of the absolute temperature which, 
according to solution thermodynamics, gives a 
straight line for a dilute solution. 

The results on the iron-lead system indicate a 
lower solubility of iron in lead above 1000°C than 
that obtained in both previous investigations. '’* 
There appears to be a consistent discrepancy cor- 
responding to about 70°C between the present work 
and that of Fleischer and Elliott.” At lower tem- 
peratures, the discrepancy is greater, and no con- 
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sistent difference is observed. One would expect a 
discontinuity at the a-y transition temperature of 
1183°K. This is evident from the curve of Shepard 
and Parkman, but is not apparent in this investiga- 
tion or that of Fleischer and Elliott (cf. Fig. 1). 

On the log vs 1/T curve there is a suggestion of a 
break in the curve at 1183°K as is indicated in 

Fig. 2, however, the reliability of the data below 
1183°K is questionable due to the greater scatter 
of the points at lower iron concentration. It is 
easily shown from free energy-composition dia- 
grams that the solubility of a metastable phase is 
greater than the solubility of a corresponding stable 
phase, thus the extensions of the solubility curves 
on the log mole fraction curves should be such as 
to indicate a higher solubility in regions were that 
phase is metastable. This is the case in Fig. 2. 

The data obtained on the solubility of cobalt in 
lead indicate lower values than those previously 
obtained by Pelzel.*’ Thus Pelzel finds 0.037 weight 
percent of cobalt soluble in lead at 327°C and 0.137 
weight percent at 727°C; this might be compared 
with 0.010 weight percent at 795°C and 0.150 weight 
percent at 1248°C in the present investigation. 
Obviously, a major discrepancy exists correspond- 
ing to 500° to 700°C error in temperature. Previous 
comparison with Pelzel’s work on copper-lead® and 
nickel-lead’ shows a similar, but smaller, discrep- 
ancy. 
The new data on the system chromium-tin should 

be more reliable than that previously obtained by 
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Wlodek and Wulff* due principally to the technique 
employed. The new silver-nickel measurements do 
not permit comparison due to absence of previous 
data in the literature. 

From straightforward thermodynamic reasoning 
it can be shown that the following relationship is 
valid for a dilute solution obeying Henry’s Law in 
which pure solid metal is in equilibrium with the 
solution:°® 


In N = - AH/RT + AS/R 
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Fig. 9—Log mole fraction nickel vs 1/T X 104. 
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Fig. 8—Solubility of nickel in silver. 


where N is the mole fraction solute, AH the sum of 
the differential heat of solution and heat of fusion, 
R the gas constant, T the absolute temperature, AS 
the sum of the entropy of fusion and the excess 
partial molar entropy. Figs. 3, 5, 7, and 9 indicate 
that the above relationship holds for the range of 
compositions encountered in this investigation and 
illustrate the self-consistency of the data. Table I 
gives the analytical representation of the data using 
an equation of the form: 


logioN= A/T + B. 


By equating identical coefficients in the two pre- 
ceding equations, values of AH and AS were de- 
termined and listed in the table. To ascertain the 
type of interaction between solvent and solute, ap- 
proximate values of the heats and entropies of so- 
lution may be obtained assuming that the heats and 
entropies of fusion are independent of temperature 
(i.e. that AC, for solid-liquid transformation is 
equal to zero). Using accepted values for the heat 
and temperatures of fusion,°® the following results 
were obtained for the differential heat of solution 


Table |. Analytical Representation of Experimental Data 


log,. Nsotute = ~3.303 R17 2.303 R 


A B AH (cal/mole) AS (e.u.) 
Fe in Pb) 6,100 1.5 27,900 7.0 
Fe in Phy) 4,800 0.4 22,000 1.9 
Co in Pb) 4,400 0.6 20,300 2.8 
Cr in Sry) 4,400 2.3 20,200 10.7 
Ni in Agi) 4,800 1.4 22,200 6.4 
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AH and the excess partial molar entropy AS: for 
the iron-lead system AH = 24,200 cal per mole and 
AS = 5.0 e.u. for the a phase and AH = 18,300 and 
AS =-0.1e.u. for the y phase; for the cobalt-lead 
system, AH = 16,500 cal per mole and AS = 0.7 
e.u.; for the chromium-tin system A H = 15,600 cal 
per mole and AS = 8.5 e.u.; for the nickel-silver 
system AH = 18,000 cal per mole and AS = 4.0 e.u. 

From the different values for AH for aand y 
iron, one should be able to calculate AH,_,. The 
data below 1183°K, however, are much too crude to 
allow a reliable value, particularly in light of the 
very small established value for the enthalpy change 
for the transition (220 cal). As a consequence the 
value calculated from the solubility data is too large. 

All of the above systems exhibit immiscibility in 
both the solid and liquid state. Such systems in 
general show a strong positive deviation from ide- 
ality which is quantitatively expressed as an ac- 
tivity coefficient greater than unity. This behavior 
is further reflected in a strongly positive differ- 
ential heat of solution which is exemplified by the 
above systems. 


SUMMARY AND CONCLUSIONS 


The equilibrium phase distribution of solid iron 
in liquid lead, solid cobalt in liquid lead, solid 
chromium in liquid tin, and solid nickel in liquid 
silver were determined over a 600°C range of 
temperatures up to 1300°C using a liquid sampling 
technique. The data obtained by chemically ana- 
lyzing the complete samples are graphically shown. 


High Temperatures 


Thermodynamic Properties of Cr,C, at 


The dissociation pressure of Cr3Cz has been measured in the 
range of 1908° to 2237°K by means of graphite Knudsen effusion 


The data obtained were also plotted to show the 
relationship between log mole fraction of solute and 
the inverse of the absolute temperature. From the 
solubility data obtained experimentally and accepted 
values for the heats and temperature of fusion, ap- 
proximate values for the differential heat of solu- 
tion AH were obtained. For the iron-lead system 
AH = 24,200 cal per mole and AS = 5.0 e.u. for the 
a phase and AH = 18,300 and AS = - 0.1 e.u. for 

the y phase; for the cobalt-lead system, A H= 16,500 
cal per mole and AS = 0.7 e.u.; for the chromium- 
tin system AH = 15,600 cal per mole and AS = 8.5 
e.u.; for the nickel-silver system AH = 18,000 cal 
per mole and AS = 4.0 e.u. 
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cells. It has been found that Cr,Cz vaporizes according to the 
following reaction: 1/3 Cr3C2 (s or 1) = 2/3 C (graph.) + Cr (g). 


The equilibrium pressure, P, of Cr (g) is found to be log P, 
= — (21,194/T) + 6.525 over solid Cr3Cz and estimated as log 


P, = -— (19,535/T) + 5.76 over liquid Cr,C,. 


Carpipes of chromium are of great importance 
in alloy steels and cemented carbides. The pub- 
lished data on their thermodynamic properties at 
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high temperatures, however, are meager. The heat 
capacity and change in entropy of Cr,C, were de- 
termined calorimetrically by Kelley and Moore’ in 
the range of approximately 50° to 300°K, and by 
Oriani and Murphy’ from 297° to 1188°K. The stand- 
ard entropy of Cr,C, at 298.15°K,obtained by Kelley, 
was later confirmed by DeSorbo.* Equilibrium in the 
reaction 3 Cr,0, + 13C = 9CO + 2Cr;C, was in- 
vestigated by Boericke.* A recent tabular summary 
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of the standard free energy and the entropy of for- 
mation of Cr3;C, at various temperatures up to 
3000°K has been presented by Elliott and Gleiser. ° 
The uncertainty in the thermodynamic properties 
of Cr,C, appears to be high. The purpose of this 
investigation was, therefore, to determine the pres- 
sure of gaseous chromium in equilibrium with 
chromium carbide and graphite by the Knudsen ef- 
fusion method, and from the resulting data, to com- 
pute the related thermodynamic properties of the 
carbide. In addition, it was necessary to establish 
the species in the gas phase and the stoichiometry 
of the carbide of chromium. 


EXPERIMENTAL METHOD 


The apparatus used in this investigation is shown 
in Fig. 1. A transparent silica furnace tube A con- 
tains a graphite Knudsen cell B, placed in an outer 
graphite crucible C with baffles which assure a 
uniform temperature chamber. The cell B, 1 in. in 
diam and 1 1/2 in. high, is made of the densest and 
the most impervious graphite rods supplied by the 
National Carbon Co. The crucible C is packed into 
A with —35 + 48 mesh insulating graphite powder D. 
The graphite crucible and the Knudsen Cell are 
heated by an induction coil E, connected to a 20-kce 
mercury-gap type converter. The furnace tube A 
is cemented to the pyrex glass head F at the tapered 
ground joint. A removable pyrex cap G has a flat 
sight window protected with a steel disc H held in 
place with a magnet I. The optical pyrometer J is 
calibrated by observing the melting point of pure 
platinum wire in a deep graphite crucible placed 
in A. The temperature correction has been ex- 
tended above and below the platinum point by using 
= constant, where the constant has 
been determined from the platinum point. The ac- 
curacy of optical temperature measurements is 
well within + 10°C. The system is kept under a 
vacuum of 5 X10°° mm Hg by means of a mercury 
vapor pump backed with a mechanical pump. Pres- 
sure measurements are made with a McLeod gage 
K. A trap L, cooled with liquid nitrogen in M, keeps 
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the furnace chamber free of mercury vapor. 
The experimental runs were made as follows: The 
cell was charged with granular Cr,C2, prepared by 
heating pure Cr in an ordinary graphite crucible 
under vacuum, then placed in the furnace tube as 
shown in Fig. 1 and degassed at 2200°C for 3 to 4 hr. 
The furnace was cooled and pure argon was admitted 
to break the vacuum. The cell was weighed accur- 
ately, placed in the furnace again, brought quickly 
to the desired temperature under vacuum, and the 
temperature was maintained constant within + 5°C 
for a period of 2 to 8 hr. After the cell was cooled 
as rapidly as possible down to room temperature, 
it was reweighed to determine the resulting weight 
loss. A second identical run was made with another 
cell containing Cr;C2, but without an orifice in order 
to determine the amount of Cr diffused out of the 
cell wall, mostly through the pores because even the 
densest graphite available is not free from porosity. 
A third identical run with an empty cell, 7.e. without 
Cr,C,, showed that the loss of graphite was less than 
0.001 g in 5 hr at 2300°K and much less at lower 
temperatures. The difference between the weight 
losses in the first and the second runs gave the 
amount of Cr (g) which had effused out of the orifice. 
The pressure P of Cr (g) in dynes per cm? was then 
obtained from’ 


W,/27RT 
kat 


where W is the weight of effused Cr (g) in grams; a, 


the area of orifice in cm” as determined with shadow- 


graphs before and after an experiment; ?, time in 
seconds; M, the molecular weight of the effusing gas; 
T, absolute temperature in °K;R, the ideal gas con- 
stant; k, a correction factor due to the thickness of 
orifice; it is known as the ‘‘Clausing factor’’® 
which is expressed by Rk = 1/(1 + 0.5/7) where h 

is the thickness, and 7, the radius of orifice. 

In order to ascertain whether the effused gaseous 
species is Cr (g) or a carbide of Cr, the following 
two experiments were carried out: 

(I) 0.3370 g of electrolytic chromium having 99.8 
pct purity was placed in a previously degassed cell 
with an orifice, and then maintained at 1830°C for 
8 hr. The resulting weight loss was found to be 
0.3368 g which is almost the entire Cr charged into 
the cell. Subsequent reheating of the cell for an ad- 
ditional period of 4 hr gave a weight loss of 0.0005¢g. 
Since the loss of weight is not more than the chro- 
mium charged in the cell it was concluded that there 
were no carbide species in the effusing gas. 

(II) 0.7272 g of Cr was charged in another degassed 
cell and heated to 1830°C for 4 hr. The weight loss 
was then found to be 0.1546 g. The cell was subse- 
quently crushed and its chromium content was de- 
termined by gravimetric analysis. The amount of Cr 
in the cell was found to be 0.576 g, which upon sub- 
traction from 0.7272 g, yielded 0.1512 g of Cr lost by 
effusion. In view of the fact that this value is in very 
close agreement with 0.1546 g found by reweighing 
the cell, the vapor phase over the carbide must be 
gaseous chromium within experimental errors. 
The stoichiometric composition of the liquid car- 
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Table |. Experimental Results for Cells without Orifice 
and Containing Cr,C. 


Table II. Variation of the Observed Vapor Pressure 
of Solid Cr,C, with Orifice Area 


Run Wt Loss, Run Effective 

No. Temp., °K Time, Hr Me/Hr No. Temp.,°K Time, Sec. WtLoss,Mg P (Atm) AH, Cal 

102 2220 2.00 39.70 a* x 100 = 0.255 mm?, k = 0.50 

142 2147 1.44 10* 50.2 3.96 x 107 103,344 

105 7972 1.83 52.14 143 2116 0.90 25.4 3.18 102,863 

106 2168 3.00 27.53 144 2085 1.80 41.8 2.60 102,276 

107 2351 2.00 75.05 a x 100 = 0.52 mm’, k = 0.66 

3.06 14.29 18 2085 «41.44 91.7 2.65 102,196 
115 2116 1.44 108.2 3.15 102,903 
116 2147 0.98 90.0 3.88 103,432 

bide phase was determined by analyzing three sam- F 

ples prepared at 1950°, 2000°, and 2050°C. Each 

sample was prepared by holding 20 g of pure chro- io be eo re 7 

mium at the desired temperature for 2 hr ina 124 2085 0.90 115.1 2.59 en 

graphite crucible under vacuum. The results showed 129 2116 0.90 128.6 2.91 “ 

that the atomic ratio of chromium to carbon is 3/2 125 2147 1.08 206.0 3.91 ~ 

within analytical errors. This conclusion is inagree- a x 100 = 1.98 mm’, k = 0.66 

ment with the phase diagram of Cr-C summarized by 132 2085 0.90 158.0 1.92 - 

Hansen and Anderko.® (See also Ruff and Foehr.’° ) 131 (0.90 217.0 2.65 - 
133 2147 0.90 248.5 3.06 - 


The stoichiometry of Cr,C, below its melting point 
of 1905°C is considered unchanged.° The reaction 
investigated herein is therefore 


4 Cr,C2(sor /)= C (graph.) + Cr (g) 


3 [2] 


RESULTS 


The experimental results are listed in Tables I, 

II, and III. Table I shows the loss of Cr through the 
cell wall by diffusion. The weight loss for inter- 
mediate temperatures was obtained by graphical 
interpolation. 

Table II shows the effect of orifice size on the 
observed vapor pressure. This effect has been dis- 
cussed in detail by Whitman” and Motzfeldt.’* Briefly 
it may be summarized by using Motzfeldt’s equation 
in the following form: 


Table Ill: Experimental Results for Cells with Orifice 
and Containing Cr,C, 


Run Effective 

No. Temp.,°K Time, Sec WtLoss, Mg P (Atm) AH®, Cal. 
a* x 100 = 0.52 mm?, k = 0.66 

113 2168 1.44 x 10° 190.0 5.60 x 10-* 102,800 
114 2043 1.44 63.9 1.83 101,754 
117 2189** 1.44 207.8 6.15 - 

a x 100 = 0.656 mm’, & = 0.50 

150 2043 1.80 66.8 1.60 102,300 
151 2043 1.62 64.3 1.71 102,030 
152 1944 1.62 13.6 0.35 103,500 
153 1996 1.62 24-1 0.71 103,293 
154 2095 1.62 98.9 2.66 102,645 
155 2001 1.62 34.6 0.91 102,553 
158 1908 2.88 20.8 0.30 102,276 
160 2237** 0.90 186.8 9.35 ~ 

Av.: 102,678 
+1000 max. 

a x 100 = 1.07 mm’, k = 0.66 

126 2142 0.90 159.6 3.68 _ 


*a and k are the Orifice area and the Clausing Factor, respectively. 
**Liquid Cr,C,, all others are solid. 
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*a and k are the Orifice area and the Clausing Factor, respectively. 


3 
obs 
In this equation P,,, and P., are the observed and 
equilibrium pressures, respectively, & and a repre- 
sent the same quantities as before, a is the accom- 
modation coefficient, and A, the surface area of 
Cr,C2in cm”. When 1/P,,, is plotted vs k-aas 
shown in Fig. 2, extrapolation to zero orifice area* 


*The more exact value of 1/P.q can be obtained when the extrapola- 
tion is also made to zero diffusion rate through the wall by using cells 
with various wall thickness. Since the slope at a < 1 mm’ is rather small, 
further extrapolation is not likely to yield a substantial refinement of the 
data. 


2085°K 


T 


_ 


1 
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| ] 
26 0.5 
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Fig. 2—Variation of the observed pressure of Cr (g) over 
Cr3C, + graphite with orifice area. 
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Fig. 3— Variation of the equilibrium Cr (g) pressure over 


Cr3C, + graphite with temperature. Solid line, for solid 
Cr3C.; broken line, for liquid Cr3C». 


gives 1/P,,. The relationships in Fig. 2 are linear 
when P,,, and P,, do not differ greatly. The slopes 
of the lines at small values of orifice areas repre- 
sent 1/aAP., which should be as small as possible 
for the existence of equilibrium vapor pressure in 
the cell. Fig. 2 Shows that when the orifice area is 
less than 1 mm’ this condition is satisfied within 
experimental errors. When the orifice area is too 
large the surface of solid Cr;C2 is probably depleted 
of Cr, and therefore Motzfeldt’s equation is not fol- 
lowed. 

Table III shows the additional data at various tem- 
peratures with orifice areas small enough for the 
determination of equilibrium vapor pressures. The 
fourth column shows the effective weight loss which 
has been obtained by subtracting from the total weight 
loss, the corresponding loss from a cell without 
orifice, but containing Cr,C2, (see Table I). The table 
also contains two runs for liquid Cr;C,. The results, 
together with the equilibrium runs in Table II, are 
represented in Fig. 3. The most probable lines ex- 
pressing log P(atm.). 

Thermodynamic calculations are carried out in the 
following manner. The standard free energy change 
for each run with solid Cr,C2 is obtained by substi- 
tuting the equilibrium pressure of gaseous chromium, 
Pin AF°=-RT In Pand then AH? (at 0°K) for Reaction 

AF° 
[2] is computed by inserting into a( T ) 
the free energy functions for Cr (g) and C (graph. ) 
from Stull and Sinke,’ ° and that for Crs C2(s), from the 
data of DeSorbo,* Oriani and Murphy” after extrapo- 
lation from 1200°K to the experimental temperatures. 
The results are listed in the last columns of Tables 
II and III. The resulting average value is AH = 102,678, 
+1000 max. From this value and from the foregoing pub- 
lished data AH°29g,15 = 103,119 and AH “so9 = 96,982, 
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and AS°.o9 = 29.86 where 2000°K is takenas the aver- 
age rounded temperature for the experimental data. 
Assuming that AH° and AS° may be taken as con- 
stants in the range of 2000° + 300°K, then AF° may 
be expressed adequately in two terms, 7.e. by 


AF° = 96,982 - 29.867 [4] 


This equation may then be written as follows to 
represent the data at high temperatures: 


+ 6.525 [5] 


_ 21,194 
log R=- 
The solid line in Fig. 3 passing through the experi- 
mental points represents this equation. The corre- 
sponding line for liquid Cr,C,,7.e. the broken line, is 
drawn on the basis of the succeeding calculations. The 
melting point of Cr,C, is arbitrarily chosen as 
1895°C reported by Bloom and Grant’ rather than 
1850 + 20°C by Markovskii, Vekskina and Strikhman.’* 
The broken line cannot be drawn from only two 
points for the liquid, and the pressure at the melting 
point from the graph. In view of the fact that the 
vapor pressure of liquid Cr,C, is rather high and 
the orifice diameter has to be 1/10 of the mean free 
path of Cr(g)molecules, additional data at higher 
temperatures with smaller orifice sizes cannot be 
reliable because of the inaccuracy in measurements 
of the orifice area and thickness. Therefore, in 
drawing the broken line the authors were guided by 
the assumption that the entropy of fusion of Cr3;C2 
is roughly 10.5, hence its heat of fusion is 10.5 

X 2168 = 22,764 cal. This approximation known as 
Richards rule holds for many pentatomic and other 
substances, although there are notable exceptions. 
For the fusion of 1/3 mole of Cr;Cz, the standard 
free energy change can be expressed by AF° = 7,588 
-—3.5 7. Subtraction of this equation from Eq. [4] 
yields the standard free energy change for Reaction 
[2] for liquid Cr,C, z.e.: 


AF® = 89,394 — 26.36T [6] 
Hence the broken line in Fig. 3 is represented by 
log P(liq) = - 19,355. + 5.76 [7] 


COMPARISON WITH OTHER DATA 


Thermodynamic functions for Reaction [2] are 
computed from the published data in the following 
manner. For the reaction 


Cr,;C,(s) = 2 C (graph.) + 3 Cr (s) [8] 


wherein Cr is solid, the heat of reaction from 
Boericke’s 5 equilibrium study is 23,200 + 10, 000 cal 
with the error estimated by Elliott and Gleiser.° 
Extrapolation of this value to 0°K by using the tabu- 
lar data for C and Cr,C,”*?° and for Cr (s)®*® gives 
AH? = 23,410. For the sublimation of chromium, 


Cr (s) = Cr(g) [9] 


the data of Speiser et al.*” obtained by the Langmuir 
method, yield, after correction with new free energy 
functions. °!? AH? = 94 ,200 cal in close agreement 
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with AH = 94,600 cal from the similar data of Gul- 1976. The authors are indebted to Dr. R. J. Thorn 
bransen and Andrew,*® the average is AH° = 94,400 of Argonne National Laboratories for valuable dis- 
cal. Appropriate combination of Reactions [8] and cussions of their experimental procedure. 

[9] and their standard enthalpy changes give Reac- 

tion [2] and its AH¢ which is 102,203 cal. This is in 

excellent agreement with 102,678 cal of this investi- REFERENCES 

gation. Extrapolation of this value to 2000°K as in 


1K. K. Kelley and G. E. Moore: U. S. Bur. of Mines Tech. Paper 662, p. 6. 


the preceding section gives AH°s. = 96,507. The See also K. K. Kelley: U. S. Bur. of Mines Bull. 476, 1949. 
° = 2 » ?R. A. Oriani and W. K. Murphy: J. Amer. Chem. Soc., 1954, vol. 76, p. 343. 
value of AS°200 in the same section is 29.86. From 5K. K. Kelley: U. S. Bur. of Mines Bull. 477, 1950. See also Ref. 1. 
sas oO; “W. DeSorbo: J. Amer. Chem. Soc., 1953, vol. 75, p. 1825. 
these quantities, the calculated AF 1S expressed by 5F. S. Boericke: U. S. Bur. of Mines, Tech. Paper 662, 1944, p. 16. 
AF®* = 96,507 — 29.86T. (Ct. Eq. [4]. °J. F. Elliott and M. Gleiser: Thermochemistry for Steelmaking, Addison 
W Publishing Co., R ing, 0, 
The standard heat of formation of CrsCzfrom this “i Knudsen: Kinetic Theory of Gases, Methuen Lid., London, 1934. 
= ®P. Clausing: Ann. Physik, 1932, vol. 12, p. 961. See also Kennard: Kinetic 
investigation is ane 3x 94,400 3x 102,678 Theory of Gases, McGraw-Hill Book Co., New York, p. 307, 1938. 
= 24,834 and AH 208 =- 24,624, which is in excellent °M. Hansen and K. Anderko: Constitution of Binary Alloys, McGraw-Hill Book 
agreement with the reported value*’® of 23,200 °ii) Ruff and T. Foehr: 2. anorg. Chem., 1930, vol. 104, p. 27. 
+ 10,000. The agreement is, however, fortuitous 
. Motzfeldt: J. s. Chem., , vol. 59, p. 
since the authors’ value is obtained by subtracting 8D. R. Stull and G. c. Sinke: Thermodynamic Properties of the Elements, 


ACS, Washington, D. C., 1956. 
two large quantities extrapolated from high tempera 14D, S. Bloom and N. J. Grant: AIME Trans., 1950, vol. 188, p. 41. 


tures. 1SL. Y. Markovskii, N. V. Vekskina, and R. A. Strikhman: Ogneupory, 1957, 
vol. 22, p. 42. See also Chem. Abst., 1957, vol. 51, pp. 18, 526. 
*6Selected Values for the Thermodynamic Properties of Metals and Alloys, 


Minerals Research Laboratory, Institute of Engineering Research, University of 
ACKNOWLEDGMENTS California, Berkeley, California. Distributed in loose-leaf form. 
17R. Speiser, H. L. Johnston, and P. E. Blackburn: J. Amer. Chem. Soc., 1950, 
i vol. 72, p. 4142. 
This research has been sponsored by the U.S. 18F. A. Gulbransen and K. F. Andrew: J. Electrochem. Soc., 1952, vol. 99, 
Atomic Energy Commission, Contract AT (30-1) p. 402. 


The Solution Rate of Copper, Nickel, and Their 
Alloys in Lead 


The rates of solution of copper, nickel, and three copper- 
nickel alloys in liquid lead were studied at 527° and 727°C 
under dynamic conditions. The relative velocity at the solid- 
liquid interface was varied from 8.65 to 125 cm per sec. 
Analysis of the data for the pure metals indicates that the so- 

lution rate is transport controlled at lower velocities, but a David A. Stevenson 
transition to mixed control occurs at higher velocities, higher 

temperatures, and higher percent saturation. John Wulff 


Tue present work concerns the effect of relative uid metal corrosion. Here, however, the dissolution 


velocity at a solid-liquid interface on the dissolu- process is complicated by several interdependent 
tion kinetics of pure solid materials in liquid metals. processes. 
This general problem is of interest in electrode In general, one of two factors is considered to be 
kinetics, in electrolytic processes, and more re- rate limiting in the dissolution process: the trans- 
cently in the field of liquid metal corrosion. Con- port of material from the solid-liquid interface into 
siderable work has been done on dissolution kinetics the bulk liquid, or an activation process directly at 
in aqueous environments because of the obvious im- the interface. A number of studies of the dissolu- 
portance to electrolytic processes.”* In purely me- _ tion rates of solid metals in liquid metals under 
tallic systems investigation has been more limited. static conditions have been published.*~* Since the 
There are, of course, extensive data from loop tests attendant hydrodynamic conditions imposed by ther- 
which are used in an engineering evaluation of liq- mal gradient convection and concentration gradient 
DAVID A. STEVENSON, Junior Member AIME, is Assistant convection are difficult to analyze, it is doubtful if 
Professor of Materials Science, Stanford University, Stanford, a clear interpretation of the experimental findings 
Calif. JOHN WULFF, Member AIME, is Professor of Metal- of these papers in terms of the mechanism involved 


Luray on rg Institute of Technology, Cambridge, Mass. in the dissolution process can be made. A clearer 
nuscript submitted May 13, 1959. IMD, EMD picture of the dissolution process is provided by 
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Fig. 1—Apparatus for determining solution rate. 


dynamic solution rate studies, where the geometry 
of the specimen is controlled.*” A number of dif- 
ferent approaches have been taken in these investi- 
gations. In one, a rod of metal was rotated in the 
liquid metal and after a predetermined time, the 
entire quantity of liquid metal was analyzed chemi- 
cally.° This was repeated for a number of different 
elapsed times. In another investigation the con- 
tainer around the liquid metal was rotated while the 
metal rod was held stationary.” After a definite 
time, which was the same in each experiment, the 
entire liquid sample was analyzed chemically. 


100 
527°C 


bo) 10 15 20 25 50 
TIME (MINUTES) 


Fig. 3—Effect of temperature on the dynamic solution rate 
of copper into liquid lead. 
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Fig. 2—Dynamic solution rate of copper into liquid lead at 
527° C. 


WEIGHT 


EXPERIMENTAL 


Previous work on solubility studies indicates that 
reproducible results can be obtained using a liquid 
sampling technique. This technique appeared desir- 
able for the present solution rate studies since it 
maximizes the information obtained from one run 
as well as maintains the same condition for an en- 
tire series of samples. A considerable range in 
speeds from low to high appears desirable in order 
to better interpret results. 

Fig. 1 shows the apparatus used in determining 
the solution rates in the present work. A resistance 
wire furnace was contained in a gas-tight water- 
cooled steel bell jar. A number of ports, valves, 
gages, and seals permitted thermocouple measure- 
ment of the furnace temperature and the liquid metal 
bath temperature, measurement of the pressure in- 
side the bell jar, furnace power lead-through, liquid 
metal sampling, viewing, admitting gas to the bell 
jar, evacuation of the bell jar and immersing and 
stirring the cylindrical metal specimen. Inert mo- 
lybdenum caps were placed on each specimen to 
limit solution to the periphery of the cylindrical 
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Fig. 4—Dynamic solution rate of nickel into liquid lead at 
527°C, 
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Fig. 5—Dynamic solution rate of nickel into liquid lead at 


specimen. Hydrogen atmosphere was used in order 
to avoid any surface oxide layers which might slow 
down the initial rate of solution. 
To initiate an experiment, a vycor or alundum 
crucible was charged with a known amount of chem- 
ically pure lead and placed in the furnace. A cylin- 
der of metal of known dimensions (normally 1.27 cm 
OD and 1.27 cm in height) was fixed to the end of a 
molybdenum rod and capped with a molybdenum cap 
screw and molybdenum discs. The bell jar was 
bolted to a base as shown in Fig. 1 and the rotating 
shaft connected to a drill press. After evacuation, 
purified hydrogen was admitted to the bell jar, and 
the furnace heated to the desired temperature. 
Once the solid had melted, the bottom of the molyb- 
denum cap on the specimen was placed in contact 
with the liquid metal in order to similate the heat 
flow conditions during the dissolution process. When 
the temperature reached a steady value, the speci- 
men was Simultaneously immersed in the liquid and 
rotated. After a definite time, the specimen was 
withdrawn, and a sample of the liquid taken. The 
amount of liquid adhering to the specimen was neg- 
ligible compared to the bulk liquid. The sampling 
procedure consisted of attaching a double O-ring 
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Fig. 7—Log Cs/Cs-C vs time for dissolution of nickel into 
lead (527°C). 
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Fig. 6— Log Cs/Cs-C vs time for dissolution of copper 
into lead (527°C). 


400 


seal to the top of a sleeve which was located on the 
sampling port. A vycor sampling tube was placed 
in the sleeve and was connected to a steel drill rod 
which ran through the seal. The sleeve was previ- 
ously flushed with hydrogen. The sampling port 
valve was first opened, the entire system evacuated, 
and the sampling tube immersed in the liquid metal 
by sliding the steel drill rod through the O-ring 
seal. When hydrogen was readmitted, a portion of 
the liquid metal was forced into the sampling tube. 
The sample was then withdrawn into the sleeve and 
the sampling port valve closed, allowing subsequent 
runs to be made. The entire operation could be 
monitored with the aid of the sight glass. The sam- 
ple, once obtained, was analyzed chemically, copper 
being determined electrolytically and nickel gravi- 
metrically. 

Experiments were conducted at 527° and 727°C 
for times of from 1 to 32 min. Temperature was 
controlled by a Selectray temperature controller 
within + 5°C. The pulley system on the drill press 
permitted speeds from 130 to 1900 rpm, correspond- 
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Fig. 8— Log Cs/Cs-C vs time for dissolution of nickel into 
lead (727°C). 
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ing to peripheral velocities of 4.65 to 126 cm per 
sec for the standard sized specimen. High-purity 
grade OFHC copper and vacuum-cast electrolytic 
nickel were used for the pure metals. The vacuum- 
cast alloys of copper-nickel used in the alloy studies 
were hot-worked in air to achieve maximum den- 
sity. They were then heat-treated first in hydrogen 
and then in purified helium to achieve purification 
and homogenization. They were then strained by 
compression {1/2 to 1 pct strain) and reannealed in 
purified helium for 24 hr to achieve a coarse- 
grained structure. The rates of solution of the cyl- 
inders of copper, nickel, and three copper-nickel 
alloys into liquid lead were determined at 527° and 
727°C with peripheral velocities ranging from 8.65 
to 126 cm per sec. The experimental data for each 
system are represented in Figs. 2 to 15. In all 
cases, the data represent at least two sets of de- 
terminations. 
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Fig. 11—Dynamic solution rate of a 70-30 copper-nickel 
alloy into liquid lead at 727°C. 
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Fig. 10—Dynamic solution rate of a 70-30 copper-nickel 
alloy into liquid lead at 527°C. 


DISCUSSION AND CONCLUSIONS 


The process of solution in a binary system may 
be viewed as the result of two consecutive steps, 
namely the transfer of solute atoms from the solid 
to the liquid phase at the phase boundary, and the 
transport of the solute from the phase boundary to 
the bulk solution. By considering these two proc- 
esses, the following relation for the rate of solution 
may be derived.*”® 


Where: 

C = composition of the liquid solution at time ¢/ 

C, = saturation composition of the liquid 

5= the effective thickness of the boundary layer (cm) 


D = the diffusion coefficient of the solute in the 
solvent (cm7/sec. ) 


A = the area of the solid-liquid interface (cm”) 


= rate constant for the interface reaction 
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Fig. 12—Dynamic solution rate of a 55-45 copper-nickel 
alloy into liquid lead at 527°C. 
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Fig. 13—Dynamic solution rate of a 55-45 copper-nickel 
alloy into liquid lead at 727°C. 


V = the volume of liquid (cm*) 


t = the time in seconds 


For the extreme case where either the transport 
step or the interface step is rate limiting, the solu- 
tion process can be analyzed by the following ex- 
pression: 


C=C, (1-e7K(A/V)t ) [2] 


where K is the solution rate constant; K =k, for the 
phase boundary reaction controlled process and 

&K = D/6when transport in the liquid is rate limiting 
and a simplified boundary layer is considered. The 
relative velocity at the solid-liquid interface exerts 
a major influence on 6, and hence on K if the proc- 
ess is controlled by transport in the liquid. If, how- 
ever, the process is controlled exclusively by the 
phase boundary reaction, the rate should be inde- 
pendent of the relative velocity at the interface. 
Since Figs. 2, 4, and 5 show a strong dependence of 
solution rate velocity, the mechanism which obtains 
is either a transport controlled process or one of 
mixed control. 
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Fig 15—Dynamic solution rate of a 30-70 copper-nickel 
alloy into liquid lead at 727°C. 
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Fig. 14—Dynamic solution rate of a 30-70 copper-nickel 
alloy into liquid lead at 527°C. 


Eq. [2] may be rearranged into the form: 
log C,/(C, — C) = K (A/V) [3] 


Thus, a plot of log C,/(C,- C) vs ¢ should be a 
straight line, if the process is exclusively transport 
controlled. From such a plot, K values can be de- 
termined. At this juncture it is necessary to inject 
a comment concerning the accuracy obtainable in 
determination of the solution rate constants. For 
low values of log C,/C,;- C) (less than 0.05) and for 
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Fig. 16—Effect of 
grain size on the 
type of attack of 
copper-nickel 
alloy (55 Cu-45 
Ni; 527°C; peri- 
pheral velocity 
42.5 cm per sec.) 
(2) Fine grain 
size; (b) coarse 
grain size. X150. 
Reduced approxi- 
mately 46 pet for 
reproduction. 


FINE GRAIN SIZE 


COARSE GRAIN SIZE 


VOLUME 221, APRIL 1961-283 


/ 
“~@ 4 @ a 2 
865 CM SEC. 
126 CM SEC 
: 


high values (greater than 1) errors may arise as a 
result of the small magnitude of change in (C,; — C). 
Values of K corresponding to log C,/(C, - C) ranging 
from 0.1 to 1.0 are most significant since the effect 
of experimental error is least in this range. In 
calculating the A values, correction was made for 
any change in volume of the solution due to sampling, 
and any change in area of the sample due to solu- 
tion. The effect of the latter on the peripheral veloc- 
ity was also considered and maximum decreases in 
peripheral velocity of 7 and 4 pct were calculated 
for the cases of the copper-lead and nickel-lead 
systems at 527°C. These changes in velocity were 
not considered in any subsequent calculations. 

Figs. 6 to 8 show plots of log C,/(C,;- C) vs ¢ for 
the systems studied. Fig. 6 shows the appropriate 
plots for the copper-lead system at 527°C, with the 
velocity and corresponding solution rate constant 
noted on each line. At the highest velocity there is 
a deviation from the straight-line relationship at 
higher percent saturation indicating a deviation 
from the law derived assuming only transport con- 
trol. Using the values of the diffusion coefficient for 
copper in liquid lead, recently determined by Gorman 
and Preckshot,*° values for the effective boundary 
thicknesses can be calculated. These values range 
from 0.006 cm to 0.0008 cm for the lowest and 
highest velocities encountered and may be consid- 
ered reasonable values for boundary layer thick- 
nesses. This is consistent with the interpretation 
that the solution process is transport controlled, 
except at the highest velocity. The deviation from 
the simple transport controlled process is more 
marked in the nickel-lead system, as may be seen 
from Figs. 7 and 8. In the nickel-lead system at 
527°C, Fig. 7, deviation occurs at higher percent 
saturation for the higher velocities, while at 727°C, 
Fig. 8, deviation occurs at all velocities. Values of 
the solution rate K for nickel in lead (noted in Fig. 
7) show results essentially the same as for copper 
in lead, indicating that there is little difference in 
the diffusion coefficient for the two metals in lead. 

From this analysis it is clear that the following 
factors contribute to a transition from a purely 
transport controlled process to a mixed controlled 
process: higher velocities, higher percent satura- 
tion, and higher temperature. From the last fact, 
it is apparent that the activation energy of the phase 
boundary reaction is lower than the activation en- 
ergy for the transport process, a fact which is not 
inconsistent with the related investigation of Lommel 
and Chalmers.” Also, it is clear that the phase 
boundary reaction for the solution of nickel is 
slower than that of copper. 

A phenomenological correlation for the solution 
rate constant which is commonly made considers 
the solution rate constant to be an arbitrary func- 
tion of velocity v, characteristic dimension L, vis- 
cosity of the liquid n, density of the liquid p and 
diffusion coefficient of solute in solvent D.’ 


K=f(v, L, Up D) 
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Dimensionless groups, including the solution rate 
constant, may be related as follows: 


KL/v = C (Lu/v)* (v/D)® = C (Re) (Sc)? 


where v = n/p, LU/v = Re, the Reynolds number and 
v/D = Sc, the Schmidt number. When velocity is 

the only variable, as is the case at constant tem- 
perature in this investigation: 

K= 

and the exponent of the Reynolds group can be de- 
termined by plotting log K vs log v. Fig. 9 shows 
such a plot. The exponent a, determined from the 
slope, is equal to 0.59, or essentially the same value 
obtained in a study of the dissolution of lead and tin 
into mercury by Bennett and Lewis’ who obtained a 
value of 0.6. The value is also reasonably close to 
the value of 0.7 found for similar studied in aqueous 
systems in which the solution process was con- 
sidered to be transport controlled.” 

Figs. 10 to 15 summarize the data for some of the 
copper-nickel alloys. The interpretation of the solu- 
tion rate of the alloys is much more complex than in 
the case of the pure metals. The solution rate equa- 
tions which were applied to the pure metals can not 
be applied to the alloys. In addition to the interface 
reaction and transport in the liquid, one must con- 
sider transport in the solid state. If the respective 
rates of solution dictate that one component in the 
alloy becomes depleted near the interface more 
rapidly than the other component, a solid-state 
barrier forms and the solution rate of this com- 
ponent is decreased. This would expose a solid 
alloy composition to the liquid different from the 
bulk composition. The surface composition would 
be slowly altered towards the bulk composition by 
solid-state diffusion, and as the surface composi- 
tion alters, the equilibrium composition of the liquid 
would change. Such a process would have a strong 
temperature dependence as dictated by solid-state 
diffusion as well as no dependence on stirring rate, 
since stirring should not have any influence on 
solid-state transport. In all the alloys studied there 
was a Significant dependence on stirring rate and 
there was not a strong temperature dependence. 

The solid-state transport problem does not domi- 
nate, at least in the initial stages of solution. 
Equilibrium was not reached in the same times as 
for the pure metals. As a consequence it appears 
that solid-state diffusion is significant in the latter 
stages of the solution process. 

A recent study by Harrison and Wagner” analyzes 
the conditions under which one obtains uniform 
attack or localized attack, when one component of a 
solid alloy is preferentially attacked by a liquid 
metal. The conclusion was reached that a much 
greater mobility in the liquid, compared to the solid, 
would favor localized attack. In the current investi- 
gation of copper-nickel alloys, the mobility in the 
liquid could be increased in a controlled manner by 
stirring, and it was observed, in accordance with 
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the Harrison and Wagner work, that the increased 
mobility in the liquid favored localized attack. It 
was also seen that the grain size is an important 
variable in determining the type of attack. Fig. 16 
shows the tendency of intergranular attack in the 
case of fine grained alloys. Fine grain size leads 
to an irregular interface since whole grains are 
systematically removed during dissolution. In order 
to obviate this problem, a grain coarsening proce- 
dure was developed. Fully annealed alloys were 
strained in compression (1/2 to 1 pct), then sub- 
jected to 24-hr anneals just below the liquidus line 
of the phase diagram. This material was used for 
the alloy studies. Intergranular attack, although 
still discernible, did not lead to a rough interface 
unless the peripheral velocity was very high, and 
even in the latter case, grains were not removed. 

It was at first though possible that such localized 
attack was due in part to the presence of grain 
boundary impurities. Since vacuum-melted and 
vacuum heat-treated alloys exhibit the same be- 
havior in this regard as air-melted alloys, it can- 
not be a significant cause. 


SUMMARY 


The rates of solution of Cu, Ni, and three Cu-Ni 
alloys in liquid lead were studies at 527° and 727°C 
Solid cylindrical specimens of these metals with 
molybdenum-capped ends were rotated in the liquid 
metal in a hydrogen atmosphere at peripheral vel- 
ocities from 8.65 to 126 cm per sec. Analyses of 


Oxidation of Niobium (Columbium) in the 
Temperature Range 500° to 1200°C. 


The oxidation behavior of niobium (columbium) has been 


the data for the pure metals indicated that for most 
velocities transport control obtains. The transition 
from purely transport control to mixed control oc- 
curs at higher velocities, higher percent saturation 
of liquid, and at higher temperatures. The type of 
attack of the alloys was found to depend on the grain 
size of the specimens. Fine-grained material was 
much more prone to intergranular attack, whereas 
the coarse-grained material, which was predomi- 
nantly used in this investigation, was prone to in- 
tergranular attack only at the highest velocities. 
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studied in the temperature range 500° to 1200°C and at oxygen 
pressures of 760,100, 10, 1, and 0.1 mm of Hg. The work com- 
prises kinetic studies of the oxidation as well as structural 
investigations of the oxidized specimens by means of X-ray 
diffraction, electron diffraction, electron microscopy, and 
metallographic techniques. The oxidation reaction has a 

highly irregular temperature dependence and is unusually 
sensitive to changes in the oxygen pressure. The complex 
oxidation behavior is suggested to be due to formation of dif- 
ferent Nb2O; modifications in different temperature regions. 


During oxidation oxygen is also dissolved in the metal. For- 
mation of oxide whiskers take place on the oxide surface at 


temperatures above approximately 800°C. 
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Various aspects of the oxidation of niobium have 
been studied.’’* The investigations show that niobium 
has a complex oxidation behavior, and the oxidation 
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mechanism at high temperature (> 500°C) is not well 
understood. The complicating factors are possibly 
due to formation of different modifications of Nb20, 
in different temperature intervals and to oxygen dis- 
solution in the metal during the oxidation process. 

In the present investigation oxidation of niobium 
has been studied in the temperature range 500° to 
1200°C and at oxygen pressures of 760, 100, 10, 1, 
and 0.1 mm of Hg. The work comprises kinetic 
studies coupled with structural investigations of the 
oxidized specimens by means of X-ray diffraction, 
electron diffraction, electron microscopy, and 
metallographic techniques. 


LITERATURE SURVEY 


The Niobium-Oxygen System— Oxygen is dissolved 
interstitially in the niobium metal lattice, and ac- 
cording to Seybolt** the solubility limit varies from 
1.38 to 5.52 at. pct at temperatures from 775° to 
1100°C. Internal friction measurements give a mean 
value of the diffusion coefficient of D = 0.0212 exp 
(-26900/RT) 

Recently both Brauer and Miiller*° and Hurlen 
et al.’ have found that niobium, under certain con- 
ditions, may take up more oxygen than that corre- 
sponding to the saturation values. The cubic niobium 
lattice is thereby transformed into a closely related 
tetragonal lattice, termed NbO,,** which by Brauer 
and Miller is suggested to be a suboxide of compo- 
sition Nb,O. In addition Hurlen e¢ al.”* identified 
another phase, termed NbO,, also closely related to 
the Nb structure. 

Several additional niobium oxides have been de- 
scribed in the literature, but only NbO, NbO,, and 
Nb,O, will be discussed in this connection, as these 
are the only ones which with certainty have been 
established as definite phases. NbO has a defective 
sodium chloride structure,’”’*® while NbO, has a 
structure closely related to the rutile structure. 

Nb,O, exhibits polymorphism and several modifi- 
ciations termed 5, »(T), B(M), o( and a’ have been 
reported in the literature.’’*”°”" Holtzberg et al. 
showed that the form most probably is a poorly 
crystallized state of the y phase, and that the 8 phase 
is a disordered form of the a@ phase, the £ modifica- 
tion existing as a two-dimensional array.*° 

The transformation temperature for y ~ @ has 
been found to be approximately 830°C.*° It is prob- 
able, however, that no specific transformation tem- 
perature can be assigned to this transformation, as 
Goldschmidt has shown that the transformation tem- 
perature is largely dependent upon the heating rate.’ 
The transformation is furthermore irreversible sug- 
gesting that the y modification is metastable. 

Both the y and a modifications have been indexed 
on the basis of a monoclinic unit cell."’*"°°* 

Nb-O; is nonstoichiometric and may according to 
Brauer’’ have an oxygen deficiency within the limits 
NbO2.50—Nb2.40 at temperatures of 1350° to 1400°C. 
According to Kling” Nb,O, is an n-type conductor. 
Recent studies in this laboratory” have shown that 
both weight change and conductivity of sintered 
samples of Nb2O; are proportional to Po, 4 at 900° 
and 1000°C. This relationship may suggest a defect 


17, 20, 21 
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structure involving oxygen ion vacancies, although 
the same oxygen pressure dependence is obtained 
assuming Nb*‘ions in interstitial positions. Changes 
in the oxygen pressure in these studies produced 
almost instantaneous changes in both the weight and 
the conductivity, suggesting a fast diffusion of ionic 
species. 

Oxidation Studies— High-temperature oxidation 
of niobium has been studied by Inouye* (400° to 
1200°C), Bridges and Fassell” (400° to 800°C), Klopp, 
Sims, and Jaffee® (600° to 1200°C), Gulbransen and 
Andrew’ (<700°C), and Hurlen, Kjéllesdal, Markali, 
and Norman” (800°C). The oxidation has at tem- 
peratures above 500°C mostly been interpreted as 
following a linear rate law. 

Oxidizing niobium in dry air Inouye‘ found acti- 
vation energies of 13.4 and 4.35 kcal per mole for 
the temperature ranges 600° to 900°C and 900° to 
1200°C, respectively. The oxide scale was found to 
consist of y Nb.O, at temperatures below 900°C, at 
900°C a mixture of Band a, and at 1200°C only a. 

Bridges and Fassell° studied the oxidation as a 
function of oxygen pressure (1 to 41 atm), and found 
the oxidation rate to be extremely pressure sensi- 
tive above 550°C. In addition a reversal in the tem- 
perature coefficient of the oxidation reaction was 
found at 575°C. Gulbransen’ found no corresponding 
reversal when oxidizing niobium at an oxygen pres- 
sure of 7.6 cm of Hg, but found the rate of oxidation 
to be nearly constant in the temperature region 550° 
to 625°C. X-ray diffraction studies of the oxides 
formed in the temperature region 500° to 700°C gave 
values which could best be correlated with the y form 
of Nb.O,,’ although important deviations were found 
in the measured interplanar spacings. 

Oxidizing niobium in 1 atm Klopp, Sims, and Jaffee® 
found an activation energy of 5.4 kcal in the tempera- 
ture range 600° to 1100°C. The oxide formed at all 
temperatures consisted of a thin black subscale of 
oriented Nb,O,; and NbO and an outer layer of white 
porous Nb2O;. The oxidation of niobium in undried 
air was slower than in oxygen, and the correspond- 
ing heat of activation was 10.1 kcal per mole in the 
range 600° to 1200°C. Microhardness indentation 
measurements also showed that oxygen dissolved in 
the metal during oxidation. 

Hurlen et al.** found that the oxide formation at 
low temperatures (< 500°C) was proceeded by an 
incubation period during which oxygen was dissolved 
in the metal. Both the rate of oxidation and the oxide 
scale formation were found to be very dependent 
upon oxygen pressure. The nature and composition 
of the oxide scale was found to be dependent upon 
temperature, oxygen pressure and length of oxida- 
tion. The niobium oxides NbO,, NbO,, NbO, NbO,, 
and Nb,O; were identified in the oxide scale depend- 
ing upon the experimental conditions; the oxide 
scale was, however, under most conditions above 
500°C found to consist mainly of Nb,O,. At tempera- 
tures above 800°C Nb2O; whiskers were formed on 
the surface of the oxide scale.’” 


EXPERIMENTAL METHODS 
Materials— The niobium metal was obtained from 
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Fig. 1—Oxidation of niobium in the temperature range 500° 
to 1200°C in oxygen at 760 mm of Hg. 


Murex Ltd., England, and estimates of the impur- 
ities present were as follows: Fe and Al-each 
0.03 pct; Si 0.02 pct; Cr, Pb, Hg, and Cl—each 0.01 
pet; C 0.1 pct. No analysis was made of gaseous 
impurities. The hardness of the as-received bar 
was Vhn 75 (10 kg), which after polishing and an- 
nealing in high vacuum for 2 hr at 1200°C increased 
to Vhn 120 (10 kg). In a few cases electron beam 
melted niobium with a hardness of Vhn 55 (10 kg) 
was employed in order to study possible effects of 
impurities on the oxidation behavior. 

The niobium bar was cut into specimens with 
dimensions 1 by 1 by 0.2 cm. Prior to use the speci- 
mens were polished with alumina, rinsed in dis- 
tilled water and acetone, and finally, annealed in 
high vacuum at 1200°C for 2 hr. Metallographic in- 
vestigations showed that recrystallization took place 
employing this procedure. 

Experimental Methods— The rate of oxidation of 
niobium was measured by means of gravimetric 
methods employing both microtorsion balances and 
quartz helix type apparatus. Prior to start of each 
run the oxidation apparatus was evacuated overnight 
to a pressure 10°° mm of Hg. A detailed description 
of both the apparatus and the procedure employed 
has been given elsewhere.” The oxidation was fol- 
lowed for 5 hr, except in cases where oxidation rates 
were too fast to permit studies of this length of time. 
In no cases was oxidation allowed to consume more 
than 50 pct of the specimen. Two or three runs were 
made at each set of experimental conditions. 

The X-ray diffraction investigations of the oxi- 
dized specimens were carried out by means of 
A GE XRD-3 recording X-ray diffractometer. 

The metallographic and microhardness indentation 
testing were performed with a Reichert universal 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Po? 100mm of Hg 

1200°C 
—E 

f[ 810°C] 

~ 100-- 902°C 
a 
y, 4 
= 
708°C 


60 120 180 240 300 
Time (min) 


Fig. 2—Oxidation of niobium in oxygen at 100 mm of Hg. 


camera microscope (model MeF) and a Reichert 
microhardness tester (No. 1109) using a Vickers 
pyramid. The electron microscope studies were 
made with an RCA EMU 2D electron microscope. 
The procedure for preparing specimens for such 
studies have been described elsewhere.** 


EXPERIMENTAL RESULTS 


Kinetic Studies— The results of the oxidation rate 
measurements are presented in Figs. 1 to 7. The 
effect of temperature on the rate of oxidation at 
different oxygen pressures is shown in Figs. 1 to 5. 
Oxidation of niobium has a highly irregular tem- 
perature dependence. At oxygen pressures of 760 
and 100 mm of Hg a reversal in the temperature 
dependence is found at approximately 600°C. This 
effect is much larger at 1 atm as seen in Figs. 1 and 
2. A distinct reversal is also observed between 800° 
and 900°C at oxygen pressures of 100,10, and 1 mm 
of Hg as seen in Fig. 2, 3, and 4. At 1 atm there is 
no reversal in this temperature interval, although 
the temperature dependence is very small. As shown 
in Fig. 5 there are no corresponding reversals at an 
oxygen pressure of 0.1 mm of Hg. 

The rate of oxidation is highly dependent on the 
oxygen pressure, but this dependence is not equal in 
different temperature intervals. The effect of oxygen 
pressure at 600° and 700°C is shown in Figs. 6 and 7, 
respectively. As seen the oxygen pressure depend- 
ence is much larger at 600° than at 700°C. 

The oxidation curves presented above have not 
been corrected for decrease in surface area during 
oxidation. Such corrections will only be approximate 
due to dissolution of part of the reacting oxygen in 
the metal, and they will only effect the results at the 
highest temperatures. The reproducibility of the 
curves was with but a few exceptions within 10 pct. 
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Fig. 3—Oxidation of niobium in oxygen at 10 mm of Hg. 


Analyzing the results shown in Figs. 1 to 7 it ap- 
pears in many cases difficult to interpret the rate 
curves in terms of definite parabolic or linear oxi- 
dation rates. At temperatures above 600°C and at 
oxygen pressures higher than 1 mm of Hg the initial 


oxidation shows a tendency to follow a parabolic rate. 


At low pressures it is difficult to evaluate any 
general tendency. The duration of the parabolic rate 
period appears to increase with decreasing oxygen 
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Fig. 5— Oxidation of niobium in oxygen at 0.1 mm of Hg. 
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Fig. 4— Oxidation of niobium in oxygen at 1 mm of Hg. 


pressure. After longer periods the oxidation at the 
higher oxygen pressures tends towards a linear oxi- 
dation rate. These features are shown in Fig. 8, 
which shows a double-logarithmic plot of the results 
at 1100°C. 

At 500° and 600°C and at the highest oxygen pres- 
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Fig. 6—Oxidation of niobium as a function of oxygen pres- 
sure at 606°C. 
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Fig. 7—Oxidation of niobium as a function of oxygen pres- 
sure at 708°C. 


sures the oxidation initially follows an approximate 
linear rate. This suggests that the oxide scales 
formed under these conditions have very poor pro- 
tective properties. 
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Fig. 9—Oxidation of niobium. The weight gain after 100 min 
of oxidation vs temperature at oxygen pressure of 760, 100, 
10, 1, and 0.1 mm of Hg. 
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Fig. 8—Double logarithmic plot of kinetic studies of oxida- 

tion of niobium at 1100°C and at various oxygen pressures. 


Due to the irregular oxidation behavior of niobium 
it is not possible to determine the temperature de- 
pendence over large temperature and oxygen pres- 


Intensity 


700° latm O,, 30min 


600° latm O,, 30min 


500° latm 0,, 345min 
1 1 1 1 
28° 29° 30° 36° 37 
Fig. 10—Partial X-ray diffraction patterns of powdered 
oxide scale after oxidation at 500°, 600°, and 700°C, respec- 
tively. 
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Oxygen Length of 
pressure, oxidation, 
Temp °C mm Hg Min Phases identified 
500 760 to 10 300 y-Nb,O,, possible traces of 
NbO at 10 mm Hg 
0.1 300 NbO, 
0.1 1440 y-Nb,O,, traces of NbO, 
NbO,, NbO, 
600 760 to 10 300 y-Nb,0, 
1 to 0.1 300 y-Nb,O,, traces of NbO 
700 760 to 0.1 300 y-Nb, 0, 
800 760 to 10 159 to 300 y-Nb, 0, 


1 300 y-Nb,O,, traces of 4-Nb,O, 
0.1 300 mixture of y- and @-Nb,0, 
900-1200 760 to 0.1 60 to 300 Nb,O,*; at 900° C and 760 


mm Hg traces of y-Nb,O, 


*The X-ray diffractograms of specimens oxidized in the temperature 
region 900° to 1200°C sometimes showed evidence of possible traces of 
y-Nb,O, at the metal/oxide phase boundary. It is believed, however, that 
any such possible traces have been formed during the period the speci- 
mens were cooled down to room temperature. 


sure ranges in terms of activation energies. To show 
the effect of temperature and oxygen pressure we 
have chosen to plot the weight gain after 100 min of 
oxidation, %9., vs temperature. This is shown in 

Fig. 9. The shape of these plots is a function of 
length of oxidation, but the same general trend is 
independent of time after 10 min of oxidation. The 
graph clearly shows both the effect of oxygen pres- 
sure and the reversals in the temperature depend- 
ence at approximately 600°and 800°C. 

In a few cases corresponding oxidation rate studies 
were carried out employing electron-beam niobium. 
This specially purified niobium exhibited no signifi- 
cant differences as to oxidation rates and oxidation 
behavior compared to results described above. 

Marker Studies— Gold evaporated on niobium 
specimens was situated at the oxide/oxygen phase 
boundary after oxidation at 800° and 900°C at oxygen 
pressures of 760 and 0.1 mm of Hg. This suggests 
that oxidation proceeds through a movement of oxy- 
gen through the oxide scale, in agreement with simi- 
lar results by Klopp al.°® 

X-ray Studies—A number of X-ray diffractions 
were taken of oxidized specimens after cooling to 
room temperature. The structure of the oxide was 
determined both at the outer surface layer of the 
oxide and at the phase boundary metal/oxide. The 
results are shown in Table I. 


Fig. 12—Metallographic cross section of specimen oxidized 
_ for 300 min at 650°C in oxygen of atmospheric pressure. 

* Oxide scale removed. X500. Reduced approximately 23 pct 
for reproduction. 
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ee 
Fig. 11—Niobium specimen oxidized for 120 min at 900°C 
in oxygen of atmospheric pressure. 


A general result is that y Nb2O, is formed at tem- 
peratures of 800°C and lower, while a Nb,0O, is 
formed at higher temperatures. In agreement with 
the results of Goldschmidt” there is no specific 
transition temperature with regard to the formation 
of y-vs a-Nb20,. Low oxygen pressures favor the 
formation of @-Nb20; as seen from the results ob- 
tained at 800°C. The suboxides NbO, and NbO, are 
absent at temperatures above 500°C, while the lower 
oxide NbO is not found above 600°C. 

In referring above to Nb.O,, distinctions have only 
been made between the y and @ modifications. The 
possibility still exists that minor variations within 
the two phases—such as the 6 — y transition—may 
also be of importance for the oxidation reaction. A 
detailed study of the Cu X-ray diffractograms of 
oxides formed between 500° and 700°C at an oxygen 
pressure of 760 mm of Hg shows a gradual increase 
in the splitting of the double peaks at the diffraction 
angles 28 to 29 deg and 36 to 37 deg with increasing 
temperature. These results are shown in Fig.10 and 
are indicative of the above mentioned 6 ~ y transi- 
tion.”* It is believed that this transition is respon- 
sible for the unusual oxidation behavior in this tem- 
perature region. 

X-ray diffraction studies directly on oxide scales 
formed in the temperature region 900° to 1200°C 
show that the a Nb,O; is more oriented at the lowest 
temperatures in this region. Furthermore, corre- 


« 


Fig. 13—Metallographic cross-section of niobium specimen 
oxidized for 300 min at 700°C and in oxygen at 0.1 of Hg. 
Polarized light. X500. Reduced approximately 23 pct for 
reproduction. 
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sponding studies of the powdered oxide scale show 
that the a Nb,O,; has an increasingly better develop- 
ment crystallinity in going from 900° to 1200°C. 

Oxygen dissolution in the metal was in a few cases 
studied by measuring the interplanar (200) spacings 
at the metal/oxide interface. For pure niobium this 
parameter has a value d= 1.650A. After oxidation 
for 300 min at 500°C in oxygen at 0.1 mm of Hg the 
interplanar spacings had increased to d = 1.668A. 
Corresponding oxidation at 600° and 700°C gave 
values of d=1.658A and d = 1.657A, respectively. 
These results suggest that the oxygen concentration 
at the metal/oxide phase boundary under these con- 
ditions decreases with increasing temperature. 

Surface Appearance of Oxidized Specimens— Oxi- 
dation at the highest oxygen pressures gave thick, 
porous, and largely poorly adherent oxide scales. 
The color of the oxide was yellowish white. The 
edges of the metal cores were preferentially oxi- 
dized as seen by a rounding off of originally square 
edges of the specimens. At decreasingly lower oxy- 
gen pressures oxidation resulted in more compact 
and better adherent oxide scales having increasingly 
dark blue color. The color change probably reflects 
increasing departure from stoichiometry.’ 

The growth habits of the oxide scale were de- 
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Fig. 15—Average micro indentation hardness traverses for 
niobium specimens oxidized at 700°C in l-atm O for 10, 30, 
60, and 240 min, respectively. (33 g load). 


pendent upon the temperature and oxygen pressure. 
Oxidized specimens show cleavages at the edges. In 
the temperature region 800° to 1100°C and at the 
highest oxygen pressures splitting and curling occur 
at the edges of the oxide as shown in Fig. 11. At 
higher temperatures (>1100°C) the oxide grows in 
blocks on each surface of the specimen. 

During or after cooling the specimens to room 
temperature, the oxide would in many cases spall 
off. * This left the metal with a thin, adherent layer 

*At 575°C and 1-atm O spalling of the oxide even occurred during 


the oxidation. As indicated in Fig. 1 this effect made kinetic studies 
for longer periods of the time impossible at this temperature. 


of oxide. 

Studies of Metal/Oxide Interface—A character- 
istic feature of oxidation of niobium was an uneven 
oxidation of the metal surface. A characteristic 
picture of the resultant metal/oxide interface is 
shown in Fig. 12, which refers to a specimen oxi- 
dized for 300 min at 650°C in oxygen at atmospheric 
pressure. Generally the results indicate a faster 
oxidation of localized areas which often may be cor- 
related with the individual grains in the metal. It 
seems plausible that this effect is associated with 
the orientation of the individual grains and a more 
rapid oxidation of certain crystal planes. 

Another feature was the formation of oxide wedges 
or platelets extending inward into the metal from 
the metal/oxide interface. This effect is also clearly 
evident in Fig. 12. It seems that this internal oxi- 
dation is orientation dependent. Furthermore, there 


was no preferential oxidation at the grain boundaries. 


This oxidation behavior is seemingly of the same 
type as found by Bakish” for oxidation of tantalum in 
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Fig. 16—Electron micrograph (replica) of niobium sheet 
oxidized for 30 min at 900°C in oxygen at 10 mm of Hg. 
X3300.!2 Reduced approximately 23 pct for reproduction. 


air at 750°C. In the present case we were unfortu- 
nately unable to determine the structure of the in- 
terpenetrating oxide. 

The interpenetrating oxide platelets were most 
abundant in the temperature region 500° to 650°C 
and at the higher oxygen pressures. The length 
and size of these are a function of both oxygen pres- 
sure and length of oxidation, although no simple 
correlation is apparent. The effect of time on the 
formation and growth of oxide platelets were studied 
at 600°C oxidizing in oxygen at atmospheric pres- 
sure. Already after 10 min the platelets reached 
relatively deep into the metal and were of compar- 
able size to those in Fig. 12. However, after 30 min 
the length of the platelets decreased with increasing 
oxidation, and they were hardly visible after 240 min. 
At other temperatures the occurrence and length of 
these platelets were more independent of time. Cor- 
responding formation of interpenetrating oxide 
platelets were also found in electron-beam melted 
niobium. 

Studies of Oxide Scales—Both X-ray diffraction and 
metallographic studies on specimens oxidized in the 
temperature region 700° to 1000°C and at an oxygen 
pressure of 10 mm of Hg showed that the oxide next 
to the metal/oxide interface had a somewhat pre- 
ferred orientation. There was a gradual transition 
to a more random orientation with increasing dis- 
tance from the interface. 

At the lowest oxygen pressures studied one gener- 
ally obtained rather adherent, seemingly compact 
oxide scales. The oxidation resulted in more even 
and smooth metal/oxide interfaces than found at 
higher oxygen pressures. When viewed in polarized 
light, the oxide scale was found to be composed of 
irregularly shaped columns of oxide perpendicular 
to the metal as shown in Fig. 13. This refers toa 
specimen oxidized for 300 min at 700°C and in oxy- 
gen at 0.1 mm of Hg. Fig. 13 also reveals the edge 
effect. 

With regard to the reversal in the temperature 
dependence of oxidation at about 600°C, special 
effort was made to see if marked differences could 
be observed between specimens oxidized at 600° 
and 700°C. Large differences could not be observed 
between such specimens, although the oxide close 
to the metal seemed more dense and had better 
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adherence at 700° than at 600°C. In addition no for- 
mation of interpenetrating oxide platelets could be 
observed at 700°C. 

Micro-Indentation Hardness Studies— The hardness 
of niobium increases with the amount of dissolved 
oxygen.'* Hardness traverses across metallographic 
cross sections thus give a measure of the oxygen 
gradient into the metal. 

The effect of time on the oxygen penetration into 
the metal was studied at 600° and 700°C oxidizing 
in 1 atm of oxygen. The results are shown in Figs. 
14 and 15, respectively, where microhardness is 
plotted vs distance from the metal/oxide interface. 
As shown in Fig. 15 oxygen penetrates at 700°C in- 
creasingly deeper into the metal core relative to 
the metal/oxide interface with increasing length of 
oxidation. At 600°C oxygen penetrates increasingly 
further into the metal core relative to the metal/ 
oxide interface during the first 30 min of oxidation. 
After this initial period the relative oxygen pene- 
tration decreases with increasing oxidation, as 
shown in Fig. 14. As will be discussed below this 
somewhat unexpected behavior is probably directly 
related to the reversal in the temperature dependence 
of the oxidation at approximately 600°C, and to the 
relative rates of oxide formation at the two tem- 
peratures. 

At low oxygen pressures and 600°C oxygen pene- 
trated increasingly further into the metal relative 
to the metal/oxide interface with increasing length 
of oxidation. Compared to the results at 1 atm, there 
seems to be a Slightly smaller oxygen penetration 
into the metal core at an oxygen pressure of 0.1 mm 
of Hg during the initial 30 min. 

Electron Microscopy Studies—Specimens oxidized 
at oxygen pressures ranging from 760 to 10°? mm of 
Hg and at temperatures below 1000°C were studied 
by electron microscopy techniques. A very pro- 
nounced occurrence of whiskers was found on the 
oxide surface at temperatures at which @ Nb2O; is 
formed.’” High temperatures and low oxygen pres- 
sures favored the formation of fewer, but larger 
whiskers. An example of the whisker growth is 
shown in Fig. 15, which refers to a specimen oxi- 
dized for 30 min at 900°C in oxygen at 10 mm of Hg. 
Electron diffraction patterns showed that these whis- 
kers are single crystals of a Nb2O; oriented with its 
monoclinic axis parallel to the whisker axis.*” * 


DISCUSSION 


Effect of Temperature— Oxidation of niobium at 
temperatures above 500°C shows an irregular tem- 
perature dependence. The present studies confirm 
the results of Bridges and Fassell® as to the reversal 
in temperature dependence at approximately 600°C. 
An additional reversal is observed at approximately 
800°C depending upon the oxygen pressure. The 
X-ray studies suggest that these reversals are as- 
sociated with the formation of different modifications 
of Nb2Os. In the temperature region 500° to 700°C 
and at the highest oxygen pressures the X-ray results 
indicate a gradual transition from the 6 to the y form 
of Nb,O, with increasing temperature. In the tem- 
perature region 800° to 900°C one observes a transi- 
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tion in the structure of Nb,O, from the yto the a 
modification. We conclude that the different modifi- 
cations of Nb,O; vary in ability to form oxide scales 
with different protective properties. 

The importance of plastic properties of oxide 
scales has become increasingly appreciated during 
recent years. The irregular temperature dependence 
may be related to different plastic properties of the 
different Nb20; modifications. Such differences may 
consequently cause differences in degrees of com- 
pactness and protective ability of oxide scales. The 
reason for this behavior may be assumed to be due 
to different disorder structures and correspondingly 
different ion and dislocation mobility in the Nb20, 
modifications. The Nb20, whiskers are believed to 
grow through a plastic flow mechanism as a result 
of growth stresses in the oxide scale.” The fact that 
the whiskers consist of @ Nb,O, only, supports the 
interpretation that a Nb,O, may yield more easily to 
growth stresses than y Nb,O,. 

Effect of Oxygen Pressure— Evaluating the rate 
constant for the linear part of the oxidation curves 
at 600°C, Fig. 7, one finds that K, is approximately 
proportional to Po, at the highest oxygen pressures. 
At the ae oxygen pressures the data suggest 
K, @ fp,”*. The results at 700°C suggest the latter 
oxygen pressure dependence over the whole pres- 
sure region. Evaluation of the linear rate constants 
at temperatures above 900°C suggest that K, a fe.” ‘ 
at the highest oxygen pressures. This latter pres- 
sure dependence may indicate that the rate deter- 
mining process is preceded by chemisorption of 
oxygen. 

The data also clearly suggest an oxygen pressure 
dependence of the initial, approximate parabolic 
period. However, too large uncertainties are in- 
volved for a quantitative evaluation. If the initial 
oxidation proceeds through a Wagner mechanism, 
theoretically no oxygen pressure dependence should 
be observed for an n-type oxide such as Nb,O,. This 
is not borne out by the results. This may suggest 
that ion migration does not involve volume diffusion 
but may take place through another diffusion mecha- 
nism such as grain boundary diffusion. 

The surface appearance of the oxidized specimens 
and the metallographic studies also suggest effects 
of oxygen pressure on the growth habits and nature 
of the oxide scales. While the oxide scales at high 
oxygen pressures are porous and have poor adher- 
ence to the metal, the oxide scales become more 
dense and compact with decreasing oxygen pressure, 
especially when considering the part of the oxide 
scale next to the metal. At the lowest oxygen pres- 
sures the oxide is furthermore found to grow as 
columnar crystals on the metal surface, Fig. 13. 

We conclude that the oxide has better ability to 

form compact and better protecting scales with 
decreasing oxygen pressure. The large and vary- 

ing oxygen pressure dependence is qualitatively 
interpreted in such terms. The increased protec- 
tive ability may be considered in terms of increas- 
ingly better plastic properties with decreasing 
oxygen pressure. This may be related to the effect 

of oxygen pressure on the defect structure of the 
different modifications of Nb,O;. 
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Oxygen Dissolution in the Metal—The relative im- 
portance of oxygen dissolution in the metal is a func- 
tion of temperature, oxygen pressure and length of 
oxidation. As has previously been described and dis- 
cussed by Hurlen et al.’* oxygen dissolution in the 
metal constitutes a predominating part of the total 
oxidation reaction during initial periods at tempera- 
tures below approximately 500°C. 

Combining solubility and diffusion data for oxygen 
in niobium estimates may be made of the relative 
importance of the dissolution process at higher tem- 
peratures. Assuming that oxygen penetration into 
the metal is governed by diffusion of oxygen, the re- 
lationship x* = 2D¢ may be used for estimates of 
penetration distances.” In this relationship ¥ is the 
mean square displacement, D is the diffusion coef- 
ficient, and ¢ is time. The corresponding relation- 
ship x“ = Dt gives an estimate of the penetration 
distance, x, for 95 pct saturation. The above re- 
lationship assumes that D is independent of oxygen 
concentration. 

Comparison between calculated and measured 
penetration at 700°C, Fig. 15, shows good agree- 
ment. This indicates that oxygen dissolution is 
governed by oxygen diffusion in the metal. Combin- 
ing the solubility data and the measured penetration 
distance an estimate may be made of the amount of 
oxygen in solution. Comparison with the total weight 
gain after oxidation for 300 min at 700°C in oxygen 
at atmospheric pressure shows that only about 1 pct 
of the reacted oxygen is dissolved in the remaining 
metal core. An estimate of the amount of oxygen 
dissolved at an oxygen pressure of 0.1 mm of Hg may 
by comparing the measured oxide thickness, Fig. 13, 
and the total weight gain. These results show that 
approximately 10 pct of the reacted oxygen is dis- 
solved in the remaining metal core after oxidation 
for 300 min at 0.1 mm of Hg. These estimates 
clearly show that the relative importance of oxygen 
dissolution increases with decreasing pressure. The 
same conclusion may be drawn from the microhard- 
ness Studies at 600°C. These latter results show 
that oxygen penetration during the initial 30 min of 
the oxidation is only slightly reduced by a decrease 
of the oxygen pressure by almost a factor of 10%. 

The activation energy for oxygen diffusion in 
niobium (26.9 kcal per mole) is larger than an aver- 
age activation energy for the total oxidation reaction. 
In addition the solubility increases with increasing 
temperature. The relative importance of oxygen dis- 
solution should therefore increase with increasing 
temperature. Estimates show that at 1100°C a speci- 
men of 2 mm thickness should be at least 95 pct 
saturated after 90 min of oxidation. If no oxide for- 
mation took place this would amount to a weight gain 
of 8.5 mg per cm’. The total weight gains after 90 
min amounts to 150 and 10.5 mg per cm’* at oxygen 
pressures of 760 and 0.1 mm of Hg, respectively. 
Although the amount of oxygen dissolved in the re- 
maining metal core amounts to less than 8.5 mg per 
cm’ due to simultaneous oxide formation, the results 
show that oxide scale formation is by far the most 
important process at high oxygen pressures at 
1100°C. At the lowest oxygen pressures and during 
initial periods when the metal is being saturated 


VOLUME 221, APRIL 1961-293 


i 2 

- 

| 


with oxygen, oxygen dissolution is the most impor- 
tant part-process. 

Estimates may also be made as to the relative 
importance of oxygen dissolution during the very 
initial stage of the oxidation. If the rate of oxide 
formation at 700°C in oxygen at 760 mm of Hg is 
taken as the average oxidation rate during the first 
100 min, the oxide may be estimated to grow ata 
rate of about 150A per sec. Use of diffusion equa- 
tions suggest that oxygen will reach a saturation 
of at least 95 pct in a layer of 1450A thickness dur- 
ing the first second. These estimates indicate that 
oxygen dissolution is of greater importance during 
the very initial stage than later in the oxidation. 
These initial effects are however probably too small 
to be observed experimentally at the highest oxygen 
pressures. 

The microhardness studies at 600° and 700°C, 
Figs. 14 and 15, also illustrate the interplay be- 
tween oxide formation and oxygen dissolution in 
the metal over longer periods of time. During an 
initial part of the oxidation diffusion of oxygen may 
be the faster process. This decreases approxi- 
mately according to a square root of time relation- 
ship. After an initial period, the rate of oxide for- 
mation may become the faster process. This 
process follows an approximately linear rate and 
this may decrease the relative oxygen penetration 
as measured from the metal/oxide interface. This 
is observed at 600°C. At 700°C the oxide forma- 
tion is slower and the oxygen diffusion in the metal 
is faster than at 600°C. This permits for the time 
intervals studied an increased oxygen penetration 
into the metal at 700°C. 

Mechanism of Oxidation— The total oxidation re- 
action involves two main processes: oxide forma- 
tion and oxygen dissolution and diffusion in the 
metal. With regard to oxide formation factors such 
as effects of temperature and oxygen pressure upon 
defect structure, ion mobility and oxide plasticity of 
the Nb2O, modifications have to be taken into con- 
sideration. 

As discussed above the relative importance of 
oxide formation and oxygen dissolution is a function 
of temperature, oxygen pressure, and length of oxi- 
dation. However, under most conditions in the 
present study a migration of ions through the whole 
or part of the oxide scale is suggested to be the rate- 
determining step in the reaction. The reasons for 
this conclusion are that the rate of oxidation is de- 
pendent upon the Nb,O, modification being formed, 
and that the total oxidation rate and the rate of oxide 
formation is highly dependent upon oxygen pressure. 
The marker studies and the nature and growth habits 
of the oxide scale suggest that oxidation proceeds 
through a migration of oxygen. This conclusion is 
also in accordance with considerations of the defect 
structure of Nbd2Os. 

The oxidation is suggested to involve an initial for- 
mation of a protective oxide scale. The mol. volume 
of Nb,O,/Nb ranges from 2.2 to 2.5 depending upon 
the Nb2O, modification. This will cause large growth 
stresses which may gradually transform the oxide 
into a porous outer scale after reaching a critical 
thickness. The linear kinetics is thus believed to 
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represent a rate-determining transport of oxygen 
ions through an oxide barrier next to the metal hav- 
ing an approximately constant thickness. Due to 
variations in oxide plasticity the thickness of the 
barrier layer is suggested to be a function of tem- 
perature, oxygen pressure and Nb2O,; modification 
being formed. The larger oxygen pressure depend- 
ence is suggested to be partly due to increased oxide 
plasticity, e.g. increased barrier scale thickness 
and compactness with decreasing oxygen pressure. 
However, any quantitative evaluation seems difficult 
due to lack of knowledge of the relevant properties 
of the Nb,O, modifications. 

From the above discussion it is evident that no 
clearcut rate-determining process is operative 
over large temperature and oxygen pressure ranges. 
Correspondingly, it is not possible to determine the 
temperature dependence on terms of activation ener- 
gies over large temperature ranges. At high oxygen 
pressures at temperatures above 900°C, e.g. under 
conditions of a-Nb2O; formation, an evaluation of 
the apparent activation energy associated with the 
linear oxidation gives a value of approximately 11 
kcal per mole. In terms of the discussions above 
this apparent activation energy may be in some way 
associated with migration of oxygen through the oxide 
barrier. The very low apparent value may reflect 
volume diffusion through an oxide barrier which in- 
creases in thickness with increasing temperature 
due to improved plastic properties. Another or ad- 
ditional explanation may be that the oxygen migra- 
tion occurs through a grain boundary diffusion. 

With regard to whisker growth it is believed that 
it is of no or minor importance for the mechanism 
of oxidation of niobium as the whiskers grow on the 
surface of mostly porous oxide scales. Rather the 
whisker growth is believed to be a result of stress 
and resulting plastic flow in the oxide. ™ 
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A Thermodynamic Study of Dilute Solutions 
of Sulfur in Liquid and Lead 


By the use of radiochemical methods for the study of the gas- 
liquid equilibria at low temperature, and for the determination of 


the sulfur contents of metal beads which had been equilibrated with 


H2S/H2z mixtures of known sulfur potential, it has been possible to 
obtain the liquid solubility and the free energy of solution of sulfur 
in liquid tin and lead at temperatures between 500° and 680°C. 


Tue gas-liquid equilibrium method has proved in 
the past to be most successful in the determination 
of the thermodynamic behavior of dilute solutions of 
sulfur in liquid metals.’’* One of the basic require- 
ments for success with this method is that the vola- 
tility of both the metal and its lowest sulfide should 
be small, otherwise sulfide will be deposited at the 
cool end of the furnace, where it may react with the 
outgoing gases to form either sulfur-rich lowest sul- 
fide or higher sulfides. The resultant value of the 
apparent equilibrium constant 


= pH, atomic %S in metal 


will then be lower than the correct one. This argu- 
ment applies even at sulfur potentials below that in 
equilibrium with a separate condensed phase of the 
lowest sulfide at the reaction temperature, 7. 

The mass of sulfide which is deposited at the cold 
end of the furnace, and hence the extent to which 
further reaction occurs with the outgoing gases, de- 
pends on the time taken for equilibrium to be reached 
between metal and gas. Since this will depend prin- 
Cipally on the bulk of the metal phase which is used, 
one should clearly attempt to use as small metal 
samples as possible. These considerations are im- 
portant in the study of dilute solutions of sulfur 
dissolved in liquid tin and lead which both have mod- 
erately high vapor pressures as metals and form 
volatile sulfides. 

The limit on the size of the metal samples which 
may be used is set chiefly by the difficulties of 
analysis for very small amounts of sulfur.The oxy- 
gen or carbon dioxide combustion method, followed 
by iodimetric determination of the sulfur dioxide 
which is formed,has been found to be successful for 
the determination of small amounts of sulfur in cop- 
per, iron, cobalt and nickel.* This method was un- 
satisfactory for sulfur dissolved in tin and lead, 
mainly because the sulfur dioxide was to some ex- 
tent absorbed by the copious tin or lead oxide de- 
posits which were formed on the walls of the com- 
bustion tube. Furthermore some of the sulfur was 
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found to segregate on the surface of the beads as 
flaky sulfide crystals which would easily be lost in 
the transfer of a bead from a boat in the gas equi- 
libration apparatus to one in the combustion appara- 
tus. 

Oxidation in aqueous media to sulfate ion followed 
by precipitation as barium sulfate was, therefore, | 
adopted as the analytical procedure. The gas-metal 
equilibrium experiments were all carried out with 
radioactive sulfur (S*, 74=87.1 days) and thus the 
analysis involved the counting of barium radiosulfate. 
Furthermore the use of the radioisotope meant that 
the approach to the gas-metal equilibrium could be 
followed continuously by gas counting.° 

The metal beads were held separately in glass 
crucibles during equilibration and were transferred 
from the furnace to the beaker for dissolution in 
nitric acid still in the crucibles, and thus the pos- 
sibility of sulfur loss by detachment of the sulfide 
segregates was eliminated. 

The temperature range of this investigation was 
500° to 680°C. 


EXPERIMENTAL APPARATUS AND METHOD 


The apparatus consisted of two furnaces placed 
in series in a gas recirculation system, Fig. 1. 
One furnace F1, which was vertical was used to 
heat the alumina crucible, A, holding six metal beads 
in separate glass crucibles. The beads weighed 
between 300 and 700 mg each. The crucible assem- 
bly was introduced and removed from the furnace 
mechanically under a stream of oxygen-free argon. 
The other furnace, F2, was horizontal and was used 
to heat a cobalt /Co,S, mixture, held in an alumina 
boat, and made with radiosulfur containing about 3 
millicurie S* per g of sulphur. This mixture, which 
was finely powdered, was used as a source of known 
H,S/H2 mixtures® for a given furnace temperature. 
The recirculation system also contained a gas re- 
circulation pump (P), an end window Geiger- Miller 
counter (N)—placed downstream of F1 so as to moni- 
tor the H2S pressure in the gas leaving this furnace— 
a sample volume for chemical analysis of the gas 
phase (G), gas drying tubes (D), filling taps and 
other standard ancillary equipment. The gas 
sampling volume was principally used in the cali- 
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Fig. 1— 
A—Metallic beads for equilibrium studies. 
B—Mullite supporting rod. 


C—Water cooling coil. 

D—Drying agent (anhydrone). 
E—Glass wool. 

F,—Equilibrium reaction furnace. 
F,—H,S-gas producing furnace. 
G—Gas sampling volume. 

H—Zn( Ac) » solution. 

I—Flow-rate meter. 

J—Hg manometer. 

K—Gas bubbling bottle. 
L—Collapsible Hz - gas reservoir. 
M—Gas counting chamber. 
N—Geiger-Mliller. 

O—Alumina tube. 

P—Gas circulation pump. 
Q—Co/Co,S,* for generating H,S* gas. 
R—Gas flushing unit. 
S—Double-screw clamps on P.V.C. joint. 
T—Glass-Mullite joint ( Araldite). 
U—Remote-controlled motor. 
V—Mechanical device for discharging 
samples. 

W—Dibutyl phthalate. 

X—Strong NaOH solution. 
Y—Electro-magnet. 


bration of the counter for counting rate as a function 
of pressure. 

Each furnace was controlled by a Kelvin- hughes 
electronic temperature controller and could be set 
accurately to any desired temperature. The even 
zone in each furnace was long enough to enclose 
the reactants at a temperature which was uniform 
to +1.5°C. The mean temperature of each even 
zone could be measured to within +1°C. The dura- 
tion of the experiments was between 6 and 14 hr, 
and in most of the experiments three pure tin and 
three pure lead beads were brought to equilibrium 


simultaneously. 


ANALYSIS OF THE BEADS 


Tin-Sulfur Alloys— For the determination of 
the sulfur content of a tin bead, the bead was dis- 
solved in 25 ml hot concentrated nitric acid when 
SnO, was deposited as a microcrystalline deposit, 
and the sulfur was converted to sulfate. Two ml of 
20 pct sulfuric acid were added to the radiosulfate 
as carrier and after diluting to 250 ml volume with 
water, the solution was boiled for 10 min. The solu- 
tion was then filtered and the filtrate was neutralized 
with dilute ammonia. Barium sulfate was precipitated 
by addition of 5 pct Ba (NO, ), solution and the pre- 
cipitate was allowed to stand overnight before filtra- 
tion. The sulfate was collected in a special metal 
filtration apparatus, Fig. 2, and thus always had the 
same surface area. The wall of the filtration appara- 
tus could be detached, enabling the filter cake to be 
brought into close contact with the end window of an 
EHM 2S G.M. counter. The precipitate was dried for 
> hr at 130°C. The count obtained from this filter 
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cake was directly proportional to the sulfur content 
of the original metal bead. 

The ‘‘carrier’’ sulfuric acid was added prior to 
filtration for the following reason. It was found that 
the SnO, precipitate adsorbed sulfate from the aque- 
ous phase. The amount of this adsorption, and hence 
sulfate loss from the solution, would probably vary 
from experiment to experiment. The addition of car- 
rier and the subsequent boiling before the removal 
of SnOz ensured that isotopic equilibrium was 
achieved between the sulphate on the surface of the 
SnO, precipitate and the solution. Thus the specific 
activity of the resultant solution was directly pro- 
portional to the sulfur content of the original bead. 


Sintered glass dish 
ered glass dish 
Stainless steel cone. 


Fig. 2—Metal filtra- 
tion apparatus for 
preparing BaS*O, 
cakes. 


B24 Glass socket 


Rubber bunq. 


suction 
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This method is an adaptation of the standard radio- 
chemical technique’ where a stable carrier is added 
to a small amount of radioactive material to give a 
bulky precipitate whose specific activity is measured. 
The method applies well to soft 8 ray emitters such 
as sulfur. Since the ‘‘infinite thickness’’ for total 
absorption of the radiation is very low (ca. 31 mg 
per cm’),” only a small amount of carrier is re- 
quired. The infinite thickness of BaSO, for S** radia- 
tion was checked by preparing filter cakes in the 
metal filtration apparatus from aliquots of a master 
radiosulfate solution and varying amounts of carrier, 
Fig. 3. 

The relation between counts from a filter cake 
when 2 ml 20 pct acid had been added as carrier, 
and the weight of radio sulfur in each bead was es- 
tablished in two ways. First, weighed amounts of 
radiosulfur were dissolved in Br-CCl, to which HNO, 
was added to complete the oxidation to sulfuric acid. 
Carrier was then added and BaSO, precipitated and 
collected on the filtration apparatus. Secondly weighed 
amounts of sulfur and excess tin or lead were fused 
together in evacuated pyrex ampoules, and the alloys 
were treated in the manner described above. The 
compositions of these alloys were chosen so as to be 
in the range of the compositions of the equilibrated 
beads. 


3-20}— 
3-00-— 
A 
at 
3 
4 
7 
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Fig. 5—Results for the system Co,S,;—Co between 530° and 
675°C. 
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Fig. 4—Calibration of standard BaS*Q, cakes. (@ — BaS*O, 
solid was precipitated from solution containing S*O, = ions; 
(] — BaS*O, solid was precipitated from solution containing 
S*O,= ions in the presence of Pb** ions; and A- BaS*O, 
solid was precipitated from solution containing S*O, = ions 
in the presence of SnO, crystals. 


In both cases, the linear relationship between sul- 
fur content and counts from the ‘‘infinitely thick’’ 
filter cake was adequately established, Fig. 4. 

Lead-Sulphur Alloys— These were analyzed by 
slowly dissolving each bead in 1:1 hot nitric acid, 
adding ammonia until pH 4 was reached, and then 
adding the carrier and Ba(NO,), solution to obtain 
barium radiosulfate free of lead sulfate which is 
soluble in dilute nitric acid.® 

Calibration experiments were again made from 
lead-sulfur alloys of known sulfur contents and the 
results from these fitted the same straight line for 
counts vs sulfur contents which was described above 
for tin-sulfur alloys 


TEST FOR EQUILIBRIUM ATTAINMENT 


Since the H,/H2S mixture in each experiment was 
established by temperature setting of the furnace F2 
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Fig. 6— Log K’ as a function of 1/T in liquid’Sn-S system 
between 500° and 680°C. 


containing the Co/Co,S, mixture, the attainment of 
equilibrium could be approximately checked by com- 
paring the H,/H,S ratio measured with the counter at 
the end of each run at the known temperature of F2, 
against those established for the equilibrium. 


Co,S, + 8H, = 9Co + 8H,S 


Our results are shown in Fig. 5 compared with the 
best straight line through Rosengqvist’s data.° It ap- 
pears that the metal/sulfur ratio decreases at lower 
temperatures in the Co,S, phase, but in the tempera- 
ture range where a direct comparison is afforded 
between our measurements and those of Rosenqvist, 
the agreement is satisfactory. 


RESULTS 


Using one atomic percent as the standard state 
for sulfur the results for the equilibrium constant 


for the reaction 


Sin + Hz 
atom % Ss 


can be expressed as 


log = — 9? 1.461 


and the free energy change is then given by 

AG° = 3362 + 6.68T cal/mole 

The results are shown in Table I and a graph of log 
K' vs 104/T°K in Fig. 6. 

For the corresponding equilibrium in liquid lead as 
solvent 


where K’'= 


Table I. Experimental Results for the Equilibrium [S],, +H, = H.S 


210 
2:10 
8 
0 
x 


x 10 


Fig. 7—Log K’ as a function of 1/T in liquid Pb-S system 
between 500° and 680°C. 


log K’ = _ 1.578 


AG° = 1564 + 7.22T cal/mole 


The results for lead are shown in Table II and the 
graph of log K’ vs 10*/T°K in Fig. 7. 

Fig. 8 shows the conformity to Henry’s law of 
these dilute solutions at 600°C. 


DISCUSSION 


These results do not agree with the only previous 
work which has been carried out on these two sys- 
tems, that of Sudo.°’?° He found lower values of the 
equilibrium constants than would be expected from 
our results. His experiments were made in the tem- 
perature ranges 727° to 873°C for the liquid lead 
solutions. They consisted of passing fixed H,S/H, 
mixtures over alloys of sulfur and metal having a 
range of sulfur contents, and measuring the effluent 
H.S/H, ratios when a steady state had been achieved. 
In some experiments the effluent gas contained a 
higher partial pressure of H,S than the ingoing gas 
and vice versa in others, depending on the sulfur 
contents of the alloys. The alloys were made by 
premelting metal and stannous or lead sulfide to- 
gether in a quartz tube—through which hydrogen was 
passed—at a temperature just above the sulfide melt- 
ing point, quenching and then introducing the alloy 
into the reaction tube. It is difficult at present to say 
exactly why these measurements led to different re- 
sults from ours but two possible sources of error 
should be considered. Firstly, at the high tempera- 
tures used by Sudo, the volatilization of the sulfides 
would be significant. Secondly, we have found that 
the rate of dissolution of these sulfides in the liquid 
metals is very slow in the temperature range of our 
investigation and if this applies under the conditions 
of Sudo’s experiments, then the slowness of the re- 
dissolution of sulfide after the preparation and 
quenching of the alloys might have influenced his re- 


Table Il. Experimental Results for the Equilibrium [S] p, +H, 


T°K pH,S/pH, x 10° At. Pct [Slop 

3 
773 0.54 0.143 0.139 At. Pet 
823 1.00 0.222 0.261 0.225 773 0.54 0.0547 0.0565 0.0538 
838 1.06 0.228 0.195 0.233 «823 1.00 0.103 0.098 0.101 
873 2.18 0.439 0.438 0.430 873 2.25 0.197 0.210 0.219 
933 1.25 0.222 0.212 0.210 913 2.81 0.252 0.236 0.251 
953 1.06 0.186 0.181 0.175 953 1.06 0.0855 0.0975 0.0965 
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Fig. 8—Plots showing the ‘‘Henry’s law’’ behavior of sulfur 
in liquid tin and lead at 600°C. 


sults. Finally if the results are given for atomic 
percentage of sulphur, rather than weight percentage 
as appears to be implied, the difference between the 
results of the two investigations is considerably re- 
duced. 


THE Sn-S AND Pb-S PHASE DIAGRAMS 


These have not been studied accurately until very 
recently, and the early thermal analysis data for the 
metal-rich liquidus might well be suspect. How- 
ever, Willis and Blanks” have recently determined 
the solubility of sulfur in lead in equilibrium with 
lead sulfide and the results may be correlated with 
our measurements in the following manner. 

Stubbles and Birchenall’* have measured the equi- 
librium 


Pb + H,S = PbS + Hz 
and found for the standard free energy change 
AG° = — 17,060 + 8.84 T cal (620° to 920°C). 


By adding this to the free energy change for the re- 
action 


S in + Hz = H2S 


one obtains the free energy change and hence the 
equilibrium constant for the process 


S in Pby) = PbS (solid) 
and thence the solubility of sulfur in liquid lead in 
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Fig. 9—Sulfur solubility in liquid lead between 477° and 727°C. 
(x—Willis and Blanks’ data; and O—calculated from present 
results). 


equilibrium with solid lead sulfide may be calculated. 
We find 


log atom in Pb = 3388 3.511 


At the middle of our temperature range the solubility 
is therefore expected to be 0.42 at. pct. Willis and 
Blanks find 0.34 pct and their results in the tempera- 
ture range 500° to 700°C are shown compared with 
i — we have obtained from our results in 

g. 9. 

Our own preliminary measurements indicate that 
the solubility of sulfur in liquid tin in equilibrium 
with solid stannous sulfide is approximately the same 
as that which can be deduced by combining our re- 
sults for the equilibrium 


S in + H, = 

with Richards’*’ results for the equilibrium 
Sn + H,S = SnS + 

AG° = — 18,100 + 8.867 cal/mole. 


whence 
-3225 


3.40 


log atom % S in Sn = 
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Free Energies of Formation of Gaseous 


Metal Oxides 


The standard free energies of formation of some gaseous 
metal oxides together with those of their condensed oxides 
have been plotted against temperature. The heats of formation 
of the gaseous oxides are tabulated. An explanation is given of 


the use of the data to predict the importance of the gaseous 


metal oxides at high temperatures. 


Recent mass spectrometric work’ has resulted 
in the detection of several hitherto unknown gaseous 
oxides and the measurement of their free energies 
of formation. 

Of especial interest is the fact that several of the 
refractories in common use either as crucibles or 
furnace tubes, and metals used in Knudsen cells and 
in furnace windings, have been found to have one or 
more stable gaseous oxides. In view of the present 
emphasis on high-temperature techniques, the de- 
velopment of vacuum metallurgy,” heating by elec- 
tron bombardment and plasma jets, and the resultant 
shift to ever higher temperatures, it is no longer 
possible to plan experiments without taking into con- 
sideration the significance of the presence of these 
gases in the system, the reactions they undergo, and 
their contribution to the vapor pressure. 

A good example of what went wrong in earlier 
work, when the existence of these gaseous mole- 
cules was not yet known, is presented by the work 
of Hoch, Nakata, and Johnston.* Hoch and coworkers 
attempted to measure the vapor pressure of solid 
ZrOz by letting the vapor in equilibrium with zir- 
conia effuse from a tantalum Knudsen cell. The free 
energies of formation of solid zirconia and tantala 
are such that a short calculation showed that the 
reaction 


5ZrO2(c) + 4Ta(c) = 5Zr(c) + 2Ta205(c) [1] 
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does not occur.* Since addition of zirconium to the 
*(c) indicates a condensed phase, liquid or solid; (g) indicates a gas- 

eous phase. 

zirconia did not enhance volatilization, they assumed 

that decomposition to ZrO(g) via the reactions 


ZrO2(c) = ZrO(g) + 1/2 O2(g) [2] 
and 
Zr(c) + ZrO.(c) = ZrO(g) [3] 


did not take place either. They concluded that the 
reaction in the cell was simply 


ZrO2(c) = ZrO2(g) [4] 


Actually, as could now be predicted, their system 
was dominated by the reaction 


Ta(c) + ZrO2(c) = TaO(g) + ZrO(g) [5] 


and although their experimental work was sound the 
calculation they made was not the one applicable. 


FREE ENERGY OF FORMATION OF THE OXIDES 


The standard free energy of formation AF7 of a 
compound is related to the equilibrium constant A7 
at a temperature 7°K by the equation: 


AFF = - 4.575 T log Kr [6] 


This expression indicates that the more negative the 
value for AF 7 the greater the value for A 7, and the 
more favored the product of the reaction. 

In the case of the formation of the condensed 
oxides from condensed metals, the entropy of for- 
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mation AS7 (the difference between the entropy of and their corresponding condensed oxides. In gen- 


the products and the reactants) for the reaction eral, with the exception of SnO(g) and SnO(s), which 
are included only for the sake of an example, those 


condensed metal + oxgen = condensed oxide [7] oxides which vaporize to give only gases of the 
must always be negative since the disorder, and same molecular formula, with the occurrence neither 
hence the entropy, of a gas is much greater than of polymerization nor disproportionation, have been 
that of a solid or liquid. Since AF 7 is related to omitted since they crowd the diagram, making it ~ 
A 2 y includes the lead oxides, the titanium oxides, and so 
AF 7 = SH - TAS7 [8] forth. The free energies of formation of these, and 
independent of temperature for reaction [7], AF 7 from handbooks. 
will increase with rising temperatures. Sufficiently Fig. 1 shows the standard free energies of forma- 
high temperatures will not favor the formation of tion of the oxides per g mol of oxygen, where the 
condensed oxides and in fact lead to their decom- standard state of the gases is the gas at 1-atm pres- 
position. sure, and the standard state of condensed metals and 
In the case where the product is a gaseous oxide oxides is the pure phase. 
however, the entropy of the product is also large. Since some of the measurements for the gaseous 
If the number of gaseous molecules of the product oxides are not very accurate, the positions of these 
exceed those of the reactant gases then AS? becomes _ ines can be regarded as only approximate and in 
positive. This leads to decreasing values of AF some cases extrapolation to higher temperatures is 
with rising temperatures, so that the formation of Table | 
gaseous oxides is favored. Such gaseous oxides 2 
ence more important at higher temperatures. 
Because recent experimental work has shown this 
to be true, it has been thought fruitful to plot on an 2000 27,456 cal 54,912 cal 
Ellingham diagram,* Fig. 1, the standard free en- 3000 41,184 cal 82,368 cal 
4000 54,912 cal 109,826 cal 


ergies of formation of some gaseous metallic oxides 
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not warranted, The accuracy of the data has not 
been indicated in Fig. 1 because the accuracy varies 
with temperature, and the reader is referred to the 
original papers. A crude indication of the accuracy 
may be obtained by examining the limits set on the 
heats of formation presented in Table II. 


USE OF FIG. 1 


The general use of this type of diagram in the 
case of the condensed oxides has been well described 
in great detail by Ellingham* and Richardson,’ and 
will not be repeated in this paper. It will only be 
mentioned in review that if AF 7 is positive for a 
given chemical equation, then the reaction does not 
occur; if AF is negative, the reaction proceeds to 
the right-hand side of the equation. Solely points of 
especial interest which involve the gaseous oxides 
are to be discussed here. 

A condensed oxide in equilibrium with its metal 
at constant activity has a fixed decomposition pres- 
sure, Po,, which may be calculated at any tempera- 
ture from the equation 


AF yp = 4.575 T logio Po, [9] 


If the oxygen pressure over a metal is greater than 
this critical value Po,, then the condensed oxide 
forms. If it is less, then the metal remains stable. 
However, if a gaseous suboxide of the metal exists, 
then at pressures below the decomposition pressure 
the metal will volatilize in the form of the suboxide 
if the suboxide is stable at that temperature. 

In the case where a gaseous and condensed oxide 
of the same element exist, as for example SiO(zg) 
and SiO2(c), the following equations may be written 
and the corresponding AF7 values read from the 
diagram: 


2Si(c) + O2(g) = 2S8i0(g) AF$ [10] 
Si(c) + O2(g) = SiO2(c) AF3 [11] 
Subtracting Eq. [11] from Eq. [10] 

Si(c) + SiO2(c) = 2SiO(g) AFy = AF; -AF2 [12] 


From the diagram it can be easily seen that below 
the point of intersection at 2100°K, AF{— AF3 is 
positive, so SiO(g) at 1-atm below 2100°K must be 
unstable and decompose to silicon and silica. Above 
2100°K, AF? - AF3 is negative and silicon monoxide 
remains stable. 

The diagram may be used as above by combining 
AF? values for appropriate equations to predict 
which reactions in a system under a given set of 
circumstances will occur. An example of the type 
of reaction which may unexpectedly take place was 
given in the introduction. 

The position of the lines in Fig. 1 is fixed by the 
condition that the gases are at 1-atm pressure. It 
is common in many experimental systems to work 
at reduced pressures. A correction to the position 
of the lines can be applied as follows: 


yM(c) + O2(gas at 1 atm) = y/xM,O2 x), (Cc) AF? [13] 
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Table II 
Gaseous 
Polymer Reaction AHS Keal per Mol® 
AlO Al(s) + 20,(g) = AlO(g) + 17,030+ 5,000 
ALO 2Al(s) + %40,(g) = Al,O(g) - 42,500+ 7,000 
BO B(s) + 40,(g) = BO(g) > 6,100 
2B(s) + O,(g) B,0,(g) -108,000 + 3,000 
BeO Be(s) + 40,(g) = BeO(g) + 31,100 
(BeO), 2Be(s) + O, = (BeO),(g) -100,000 + 8,000 
(BeO), 3Be(s) + 140,(¢) = (BeO),(g) -248,600 + 7,000 
(BeO), 4Be(s) + 20,(g) = (BeO),(g) -372,100 + 9,000 
(BeO), 5Be(s) + 240,(g) = (BeO),(g) -496,600 + 13,000 
(BeO), 6Be(s) + 30,(g) = (BeO),(g) -625,100 + 16,000 
MoO Mo(s) + 440, (g) = MoO(¢) + 99,300 + 15,000 
MoO, Mo(s) + O,(g) = MoO,(¢) + 12,800 + 1,500 
MoO, Mo(s) + 120,(g) = MoO,(g) - 78,200 + 8,000 


(MoO,),  3Mo(s) + %40,(g) = (MoO,),(g)  _-446,400 + 2,500 (850°K) 
(MoO,),  4Mo(s) + 60,(g) = (MoO,),(g) 609,000 + 3,000 (850°K) 
(MoO,), 5Mo(s) + '°,0,(g) = (MoO,),(g)  -772,600 + 5,000 (850°K) 


SiO Si(s) + 40,(¢) = SiO(g) - 21,700+ 1,000 

TaO Ta(s) + 40,(g) = TaO(g) + 48,300 

TaO, Ta(s) + O,(g) = TaO,(g) - 41,900 

vo V(s) + %40,(g) = VO(g) + 33,100 + 5,000 

vo, V(s) + O,(g) = VO,(g) - 56,800 

wo Ws) + 40,(g) = WO(g) +104,300 + 10,000 

wo, W(s) + O,(g) = WO,(g) + 21,200+ 7,000 

wo, W(s) + 140,(g) = WO,(g) - 67,200+ 8,000 

(WO,), 3W(s) + 40,(¢) = (WO,),(g) -458,300+ 4,000 (1368°K) 
(WO,), 4W(s) + 60,(g) = (WO,),(g) -632,600 (1400°K) 
ZrO Zr(s) + 40,(g) = ZrO(g) + 23,300+ 7,000 


As a good approximation, the activities of the gases 
may be taken as equal to their pressures. 


Oz (gas at 1 atm) = O2 (gas at P atm) 
AF = 4.575T log P — 4.575 T log 1 
= 4,575 T log P [14] 
Combining Eqs. [13] and [14] 
yM(c) + O2(gas at P atm) = ¥/XMyO, xy (c) AFr 
= AF? -4.575T log P [15] 


If P is less than 1, then RT log P is negative and so 
the position of the line is raised on the diagram, 
i.e. AF > AF,. Similarly a correction may be ap- 
plied if the pressure of a gaseous product is less 
than 1 and this lowers the AF7 value. Some idea of 
the importance and size of the correction factor 
4.575 T log P is given below in Table I. 

It should be noted that because of the different 
number of molecules involved on certain reactions, 
this raising and lowering of the lines will not always 
cancel each other out. 

SiO(gas) is formed according to the equation 
2Si(c) + O2(g) = 2SiO(g) so that reducing the pres- 
sure of both oxygen and silicon monoxide gases 
results in lowering the line twice as much as it is 
raised. The importance of the SiO molecule, there- 
fore, increases and the temperature at which SiOz 
becomes unstable in the presence of silicon is 
lowered. In the case of the formation of B202(gas), 
however, since the same number of gaseous mole- 
cules occur on either side of the equation 2B(c) 

+ O2(g) = B202(g), pressure has no effect, as might 
be predicted from LeChatelier’s Law. 

When the chart shows that only one gaseous oxide 
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exists for a given metal and that has the same for- 
mula as the condensed phase, then the intersection 
of the lines gives the normal boiling point of the 
oxide at l-atm. Tin monoxide for example (assum- 
ing it can be kept stable without decomposition to 
higher oxides) boils at 1-atm to a gas of the same 
composition at about 1760°K. The vapor pressure 
of solid tin oxide at any other temperature may be 
obtained by subtracting the free energies of forma- 
tion of the two lines 


é.g. 2Sn(c) + O2(g) = 2SnO0(zg) 


Free energy = AF; at T°K [16] 
2Sn(c) + O2(g) = 2SnO(c) 
Free energy = AF2 at T°K [17] 


giving 
2SnO(c) = 2SnO(z) 
Free energy = AF;}-AF?2 at T°K [18] 


The free energy AF, — AF>2 is connected to Ps,0, 
the vapor pressure of tin monoxide, by the equation: 


AF? - AF? = - 4.575 T log (Psno)* [19] 


and this equation may be easily solved for Ps,o. 
When an oxide boils to give mixtures of several 

gaseous oxides beryllium for example boils to give 

various gaseous polymers, ° BeO(g), (BeO)2(g), 
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(BeO)s (g), (BeO)4(g), (BeO)s(g) and (BeO).(g), the 
boiling point cannot be obtained by simply reading 
off the intersection point for two lines. The inter- 
section of the solid line with that for one of its 
gaseous polymers is merely the point at which the 
partial pressure of that polymer is 1-atm, a point 
of no special interest. The partial pressure of each 
polymer may be obtained by the same method as 

has already been described for SnO, and the total 
vapor pressure of the oxide is the sum of these 
partial pressures. The polymer with the lowest free 
energy at any given temperature is always the pre- 
dominant one, and that with the highest free energy 
is the least important. 


USE OF FIG, 2 


Fig 1 answered directly the questions a) what 
metal under a given set of circumstances will reduce 
another oxide, b) at what temperature and pressure 
will a gaseous oxide dissociate to the corresponding 
condensed oxide and metal and c) at what tempera- 
ture and pressure will a condensed oxide dissociate 
to the metal and oxygen. 

A fourth point which is quite as important for a 
refractory oxide, is the temperature at which it 
decomposes to give oxygen and a gaseous oxide. 

Fig. 2 gives a plot of the free energies of formation 
of some oxides” per g-atom of metal against tem- 
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perature, the standard states being as before. On 
Fig. 2 the intersection point for a condensed oxide 
with its gaseous oxide gives the temperature above 
which the condensed oxide vaporizes to oxygen and 
the gaseous oxide at one atmosphere. For example, 
at 1 atm of oxygen SiO2(c) is stable up to 3200°K. 
Above this temperature it decomposes according to 
the reaction 


SiO2(c) = + 1/202 (g) [20] 


This can be very easily proved by combination of 
equations as in previous examples. A correction for 
pressures other than atmospheric may be applied in 
the way described above. It can be quickly seen that 
in every case plotted in Fig. 2 a decrease in pres- 
sure results in a decrease of the temperature at 
which the refractory decomposes to give the gaseous 
oxide. 


APPENDIX 


The most accurate values for the standard free 
energy of formation of a gaseous oxide, M,Oy, can 
be obtained as follows: 


xM(c or £) +y/2 O2(g) = M,O, (2) [21] 
Fe. ~ ag Fr - Ho 
AF coy yi2 
__ (FR- 
x( T [22] 


AHo is the heat of formation of reaction [21] at 0°K. 
is the free energy function. Free energy 
functions for gaseous monoxides® and the gaseous 
dioxides® have been tabulated by Brewer. Free en- 
ergy functions for the metals and oxygen have also 
been tabulated. ° 

The best values of AHo for the gaseous oxides of 
interest in this paper are presented below in Table 
II and combination of these with the appropriate free 
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energy function where available leads to values for 
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Yield Point and Easy Glide in Silver Single Crystals 


Experiments on latent hardening were performed by com- 


pressing single crystals along a direction perpendicular to the 
tension axis. The slope and length of easy glide in the tension 
test were found to depend only on prior deformation in the same 
slip plane. Prior deformation on a different slip plane changes 
the stress level of the resulting stress-strain curve, The yield 


points appearing upon reloading after prior extension and unload- 


ing were related to the end of easy glide. 


SEVERAL researchers have studied the latent hard- 
ening due to deformation of a crystal by slip ona slip 
system after prior deformation. These experiments 
can be divided into those in which the prior deforma- 
tion was on the same plane as the subsequent and 
those in which the two deformation processes were 
in different planes. In the former category are the 
experiments of Buckley and Entwistle,’ Parker and 
Washburn,” and Haasen and Kelly.* The latter case 
has not been studied systematically; it was the main 
purpose of this investigation to produce this type of 
latent hardening and explain the results in terms of 
the existing theories of work hardening. In general, 
tension producing slip on a certain slip system can 
be preceded by tension, transverse compression or 
longitudinal compression, each with predictable dis- 
location movement and intersection. The intersec- 
tion of dislocations can lead to glissile or sessile 
jogs, Cottrell-Lomer locks and other sessile dis- 
locations. The effect on the stress-strain curve 
could depend on which combination of the former 
mechanisms is operating. 

Haasen and Kelly* have studied the yield points 
which occur in aluminum and nickel single crystals 
upon reloading after prior unloading in a tension ex- 
periment. They attributed this effect to the anchoring 
of dislocations occurring during unloading. As 
Cottrell and Stokes* have shown that dislocations 
cutting through the ‘‘forest’’ could only lead to re- 
versible changes, they attributed the anchoring to 


the formation of sessile dislocations during unloading. 


However, different kinds of sessile dislocations could 
be formed during unloading, and it was the purpose 
of this experiment to determine whether Cottrell- 
Lomer locks are responsible for the yield effect and 
for the end of easy glide. 

The case where a longitudinal compression is 
followed by tension along the same axis is commonly 
referred to as a Bauschinger test. This type of effect 
was studied by Buckley and Entwistle’ on aluminum 
single crystals and by Parker and Washburn’ on zinc 
single crystals. In such a test, the tension and the 
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compression activate the same slip plane with oppo- 
site slip directions. The use of sideways compres- 
sion in the present experiments permits the activa- 
tion of different types of slip systems and the study 
of their effect on the easy glide region and on the 
transition between the elastic and easy glide region. 
The theory of Seeger” for the flow stress in fcc 
materials is applied to explain the latent hardening. 


EXPERIMENTAL PROCEDURE 


All the single crystals used in this investigation 
had an axial orientation close to <210>, called the 
‘0.5’? orientation. This is the orientation for which 
the tensile axis is 45 deg from both the slip plane 
and the slip direction. The single crystals were 
grown from the melt under a helium atmosphere 
using milled graphite boats,°at a rate of 8.6 mm 
per min. The silver used in the experiment was 
99.98 pct pure. The single crystals had a square 
cross section about 0.9 by 0.9 cm and a length of 
14 cm. The orientation of the specimen was deter- 
mined within + 2 deg by the Laue back-reflection 
method. The specimens were annealed at 940° 
+ 2°C ina helium atmosphere for 24 hr and then 
furnace cooled over a period of 7 hr. The specimens 
were electropolished in a solution of 9 pct KCN in 
water. 

The specimens were tested in a soft-type tensile 
machine (the load is prescribed) up to 3 pct strain. 
The stress was increased continuously at approxi- 
mately 30 g per mm” per min. The strain was 
measured over a 5 cm gage length with a mechanical 
extensometer employing an optical lever. The strain 
and stress were measured with accuracies of + 2 
x 10 °and + 2 g per mm’, respectively. The re- 
mainder of the stress-strain curve up to 20 pct 
strain was obtained in a hard-type tensile machine 
(the strain rate is prescribed). The strain and the 
stress were measured in that machine with an ac- 
curacy of +2 pct. 

The compression tests were performed in the 
hard-type machine using accurately machined steel 
blocks without lubrication. The blocks were used 
so as to apply a uniform compression over a length 
of 13 cm. The strains were measured on the hard- 
type machine and with a micrometer. 
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compression. 


DIEHL’S NOTATION 


To describe conveniently the compression experi- 
ments, it is useful to introduce the notation used by 
J. Diehl.” This notation is applied to the deformation 
of an fcc material. Such a material can deform on 
12 slip systems, 7.e., 4 slip planes each containing 
3 slip directions. In the <100>stereographic projec- 
tion described in Fig. 1(a), each triangle is denoted 
by two letters. The four letters, 2 9, K, U, refer to 
the 4 octahedral planes: Prefers to the primary 
plane, Q to the cross-slip plane, K to the conjugate, 
and U to the unexpected slip plane. If the tension 
axis of the specimen lies in the triangle denoted by 
PQ, it will deform on the PQ slip system as this is 
the system with the highest resolved shear stress. A 
combination of two letters describes completely the 
slip system: The first letter represents the {111} 
slip plane, and the combination of the two letters 
represents the<110>slip direction which is the in- 
tersection of the two {111} planes described by the 
two letters. The slip system denoted by two letters 
with an upper bar and the slip system denoted by the 
same two letters without the bar have the same slip 
plane but opposite slip directions. 


EXPERIMENTAL RESULTS 


The type of yield point effect that occurs upon 
reloading after previous unloading is sketched in 


STRESS 


f 


Fig. 2—Yield point 
effect “Ao” meas- 
ured at the level o. 
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tations of the crystals and the axes of 


systems that can be activated by side- 
ways compression when the axis of the 
specimen lies in triangle PQ. 


Fig. 2. The specimen was unloaded completely be- 
fore being reloaded. The yield point effect is the 
amount by which the stress, upon reloading, differs 
from the stress that would have been obtained if 

the specimen had not been unloaded. This effect is 
plotted vs the stress o before unloading, and the 
result is shown in Fig. 3. This plot shows that at 
the beginning of easy glide Ao is zero, and it is only 
towards the end of easy glide that a finite Ao is ob- 
served; Ao then increases continuously until o = 5kg 
per mm? which corresponds to a deformation of 20 
pct. This result is similar in nature to the one ob- 
tained by Haasen and Kelly with aluminum single 
crystals. 

The two orientations used in the transverse com- 
pression experiments are shown in Fig. 1(b). The 
two crystals are isoaxial, their common axis being 
denoted by S, and the normal to one of the lateral 
faces is denoted by X, for crystal A and Xg for 
crystal B. Crystal B was obtained from crystal 
A by a 45-deg rotation about the specimen axis. If 
the primary system in tension is denoted by PQ, 
crystal A was compressed along X, which activated 
KP and along a direction 90 deg from X,, namely 
Xj, which activated KU. Crystal B was compressed 
along X, which activated system PU. The results of 
these experiments are shown in Fig. 4 and 5. Com- 
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curve of silver single crystals in the easy glide region. 


pression along X3 was not performed because this 
would have activated system UK, and as will be shown 
below KU and UK give rise to the same interaction 
with PQ 

Compression along X, and along X,4 gives rise to 
the same results as shown in Fig. 4 and 5. The 
stress level of the curve is raised proportionately to 
the amount of compression, but the slope and the 
length of the easy glide region remains unchanged. 
The yield point is raised by a factor of 4 for a com- 
pression of 1.1 pct. The transition between the 
elastic region and the easy glide region, which is 
sharp in the annealed single crystals has been 
broadened considerably by the sideways compres- 
sion. 

When crystal B is compressed along Xx, the re- 
sults are quite different. The slope of easy glide is 
increased slightly, the amount of easy glide is de- 
creased and the yield point is increased. However, 
while in the previous case a compression of 1 pct 
raised the yield point by a factor 4, now the same 
compression only raises the yield point by a factor 
of 2. 

Finally a Bauschinger test was performed. Be- 
cause of the buckling problem encountered in com- 
pression the length of the specimen had to be changed 
to 3.7 cm. The result of this test is shown in Fig. 6. 
One notices that after the compression test, the 
specimen experiences an initial softening when pulled 
in tension. However, after the longitudinal compres- 
sion of 1 pct, the yield point in tension has been 
raised by approximately a factor of 2. The length 
of easy glide which is about 3 pct strain in tension 
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has been reduced to 2 pct by the prior longitudinal 
compression. 


DISCUSSION 


It is usually accepted that the end of easy glide is 
caused by the onset of slip on a secondary slip sys- 
tem. It is also known, that the secondary slip sys- 
tem causing the end of easy glide makes Cottrell- 
Lomer locks with the primary slip system. The 
primary system PQ forms Frank sessile disloca- 
cations with the slip systems KU and UK. Because 
of the small number of sessile dislocations that 
could be formed during unloading, it is doubtful that 
they would be strong enough to cause a yield point 
effect. The fact that sessile dislocations in small 
number lead to a weak interaction has been evidenced 
by U. F. Kocks® who tested in tension a single crys- 
tal with <210> axial orientation. The tension curve 
obtained during that test was one of the lowest single- 
crystal stress-strain curves. This fact will also be 
shown later in this investigation by the sideways 
compression test which activates primarily sessile 
dislocations. Consequently, the yield point effect 
could be due to the additional formation of Cottrell- 
Lomer locks during unloading. Then, one would not 
expect a yield point effect in the beginning of the 
easy glide region; and this fact is observed experi- 
mentally. The yield point effect is found to appear 
towards the end of the easy glide, when the secondary 
slip system is activated and starts to interact with 
the primary system to form Cottrell- Lomer locks. 

If the primary slip system in tension is denoted 
by PQ, the cross-hatched area in Fig. 1(c) repre- 
sents all the possible systems that can be activated 
by sideways compression: 

Class I. PQ, PU, PK, PU represent slip systems 
with the same slip plane as system PQ, but witha 
different slip direction. Consequently, dislocations 
in these systems react with the dislocations in PQ 
to form glissile dislocations. 

Class Il. QU, KP, UP, QU represent slip systems 
having for slip planes Q, K, U and Q, respectively, 
which all intersect the slip plane Pof slip system 
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PQ. Dislocations in these systems form glissile dis- 
locations with the dislocations of PY. But QU and @U 
intersect with PQ to form glissile jogs on PQ only, 
while KP and PQ form glissile jogs on KP and UP 
intersects with PQ producing glissile jogs on UP. 


Class III. KU, UK, KU represent slip systems 
having for slip planes K, U, and K, respectively, 
which intersect plane P, but these slip systems 
form sessile dislocations with PQ. Furthermore, 
any of these slip systems intersects with PQ to 
form jogs which are sessile on both slip systems. 

The reactions between slip systems were obtained 
from U. F. Kocks.® When a crystal A is compressed 
along X,, slip system KP is activated and this cor- 
responds to an interaction of Class II. 

The case where crystal A is compressed along 
XA corresponds to Class III as this activates sys- 
tem KU. The experimental results are identical 
to the ones obtained by compressing along X,. Con- 
sequently, the fact that Class III leads to the forma- 
tion of sessile dislocations and sessile jogs does 
not seem to be important. The important factor 
seems to be that the slip plane activated by com- 
pression intersects the slip plane activated by ten- 
sion. No Cottrell-Lomer locks were formed in any 
of the above mentioned dislocation interactions. 

A possible explanation for the above results could 
be that the dislocations activated by compression, 
intersect the dislocations lying in the slip plane that 
will be activated by the subsequent tension and change 
the node distribution in that plane. This would result 
in a shortening of the Frank- Read sources available 
for tension and consequently would explain the in- 
creased stress level of the stress-strain curve. How- 
ever, Seeger’ has refuted the ‘‘length of Frank- Read 
sources’’ hypothesis. Furthermore, it seems that 
it is generally accepted that the flow stress in heavily 
cold-worked metals is of the type proposed in Tay- 
lor’s’® modei of work hardening, namely that due to 
the elastic interaction of nearly parallel dislocations 
superimposed on a ‘‘forest’’? cutting contribution. 
This is the same picture as the one adopted by See- 
ger* to explain the critical resolved shear stress. 
Consequently, if one used the ‘‘critical length of 
Frank- Read sources’’ hypothesis to explain the 


critical resolved shear stress, there should exist a 
critical strain at which a change over to the high 
strain mechanism would occur. If this were true, 

it should manifest itself as a break in the flow 
stress-temperature relation as a function of pre- 
Strain. Cottrell and Stokes* never observed such 

a break in pure aluminum. Consequently, it seems 
that such an explanation contradicts many estab- 
lished facts of the work-hardening theory. 

When the transverse compression activates the 
slip system KU which forms sessile jogs, with PQ, 
there is a possibility of creating new nodes in the P 
Slip plane. But, when KP is activated by the trans- 
verse compression, only glissile jogs are formed on 
KP which can slip on the P slip plane. The theory 
that seems to fit at present most of the experimental 
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evidence was advanced by Seeger.°® The flow stress 
is the sum of two terms. The first contribution 
comes from the dislocations which are roughly 
parallel to the moving ones. If these dislocations 
are randomly distributed and the density per unit 
area is N’, tg = abGVN’. tc has only the slight 
temperature dependence of the shear modulus G. 

The other contribution to the flow stress comes 
from dislocations threading the slip plane and these 
have been called the ‘‘forest’’. Ignoring the detailed 
mechanism of the dislocation intersections Seeger 
obtains the following expressions: 


when T < i, 
when 7'> 7, 


U, 
where To = (NAbv,/é) 


The relation for 7 <7, canbe written 7(T) + 
It has been pointed out by Seeger that there is a sub- 
stantial contribution of 7s at room temperature for 
metals such as silver which have low stacking fault 
energy. Ts is temperature dependent. 

Both KU and KP contain dislocations that will act 
as forest dislocations for the dislocations in PQ. As 
the amount of compression is increased, the forest 
density increases and consequently so does 7s. 
Therefore, the stress level of the stress-strain 
curve in the subsequent tension test is raised be- 
cause of an increase in Ts. The hardening of the 
primary slip systems is mainly due to an increase 
in Tg, and not in Ts, because during deformation 
many more dislocations are created lying in the 
glide plane than threading the glide plane. Thus, al- 
though KP or KUchanges the Ts of system PQ, the 
TG is unchanged, and therefore the slope of easy 
glide remains the same in the subsequent tension 
test. An analysis by Jackson and the author” has 
shown that the easy glide of a single crystal de- 
pends primarily on a grip effect related to the tend- 
ency the crystal has to shear in a plane normal to 
the tensile axis. Thus, as long as the compression 
and the tension activates different slip planes the 
grip effect in tension is the same as for an uncom- 
pressed single crystal of the same orientation. 
Consequently, although the stress level has been 
raised, one expects the same length and slope of 
easy glide. Therefore one would expect a break- 
down of the previous results, either if the amount 
of transverse compression were so large that stage 
II had set in, or if the slip system preceding PQ 
is one that forms Cottrell- Lomer locks with PQ. 
However, as is evidenced by Fig. 1(c), if PQ is the 
system activated by tension, it is impossible to 
activate by transverse compression either KQ, KQ, 
or UQ, UQ which are the systems forming Cottrell- 
Lomer locks with PQ. It is also obvious that cross- 
slip system QPcannot be activated by transverse 
compression. These types of latent hardening will 
have to be studied by other means. 
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When crystal B was compressed along Xz, the PU 
system was activated which corresponded to aninter- 
action of Class I. The sideways compression acti- 
vates the same slip plane that will be activated by 
tension, but along a different direction. The yield 
point is raised, the slope of the easy glide region is 
increased slightly, and the amount of easy glide is 
decreased as shown in Figs. 4 and 5. The transition 
region between elastic and easy glide regions has 
been broadened again. In this case, the flow stress 
was increased because the activation of PU increased 
Tc for the PQ system that will be activated by the 
subsequent tension. The result of this experiment is 
quite similar to the Bauschinger test described in 
Fig. 6. 

If the tension curve obtained after a previous axial 
compression of 1 pct in the Bauschinger test were 
translated parallel to the strain axis, back to the 
origin, the following results would ensue. The yield 
point would be raised because a certain amount of 
easy glide has already been used up by the compres- 
sion experiment; the slope of the remaining easy 
glide in tension would be higher because the slope 
increases continuously during easy glide and the 
latter part of easy glide is now taken into account; 
finally, the amount of easy glide is smaller by the 
amount already exhausted in compression. The 
sideways compression of Class I yields only ap- 
proximately the same results because the axis of 
compression Xz is not the same as the axis of 
tension S. 

An effect which is common to all the experi- 
ments with transverse compression, is the widen- 
ing of the transition region between elastic and 
easy glide regions. The transverse compression 
is probably inhomogeneous as the single crystals 
were compressed along a length of 13 cm using 
machined steel biocks. Consequently, the increase 
in flow stress, whether it is due to 7g or Ts, will 
not be entirely uniform throughout the specimen, 
and certain parts of the specimens will yield before 
others, thereby explaining the widening of the 
transition region. 

The inhomogeneities of deformation are neverthe- 
less small enough so that the effect of compression 
can be adequately described by one slip system. The 
large difference between the crystals type A and type 
B as shown in Fig. 4 is taken as good evidence for 
this assumption. Furthermore, the predicted slip 
Systems were observed microscopically on the crys- 
tals, 


CONC LUSIONS 


The yield point effect observed after reloading of 
@ Specimen previously unloaded is connected with the 
formation of additional Cottrell- Lomer locks during 
unloading. The yield point effect starts to appear at 
the end of easy glide and increases progressively 
during second stage. A sideways compression that 
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activates a different slip plane from the one acti- 
vated in tension, raises the general level of the 
easy glide part of the stress-strain curve, without 
changing the slope or the length of easy glide. This 
effect was explained by the fact that such a com- 
pression does not create additional fences in the 
Slip plane activated by tension, but simply increases 
the forest density. This experiment also led to the 
conclusion, that the formation of sessile jogs is 
relatively unimportant as compared to the elastic y 
energy associated with intersecting dislocations. ne Vem 

A sideways compression that activates the same a 
slip plane that will be activated by tension, trans- 
lates the stress-strain curve along the strain axis 
by the amount of compressive strain. Consequently, 
in this case the yield point is raised, the length of 
easy glide is decreased and the slope of easy glide is 
increased slightly. This is explained by the addi- 
tional number of fences created by the transverse 
compression. If the compression axis had been the 
same as the tension axis, this would have been a 
Bauschinger test, and approximately the same re- 
sults would have been observed. However, in the 
Bauschinger test, the yield point in tension would 
be equal to the maximum stress attained in com- 
pression before unloading. This is not exactly ob- 
served in the transverse compression case, be- 
cause the compression axis is not the same as the 
tension axis. 

Thus, the only deformation that will affect the 
slope or the length of easy glide in a subsequent 
tension test, is one that will cause pile-ups in the 
primary slip plane of the tension test. Any other 
deformation will only change the general! stress 
level of the stress-strain curve. The one exception 
is of course a deformation that will introduce a 
Cottrell-Lomer locking system. Unfortunately, 
it was impossible with the use of sideways com- 
pression to activate either the Cottrell-Lomer 
locking or the cross-slip system. 
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Creep and Creep-Rupture Relationships in an 


Austenitic Stainless Steel 


Constant-load creep-rupture tests at 1100°, 1300° and 1500°F 


were made ona Type-316, 18 Cr-8 Ni-2Mo, austenitic stainless 
steel to determine the relationship between rupture life and other 
aspects of creep behavior. The test program was designed ona 
statistical basis to check the variability of various creep proper- 
ties and to determine empirically the dependence of minimum 
creep vate and rupture life on initial stress. The dependence of 
the rupture life, t,, on the initial stress, 0), is found to be related 
to the stress dependence of the minimum creep rate, €,,, and 


secondary creep strain. The instabilities or breaks found in the 
conventional log 0, — log t, plots can be traced to either a change 
in the linear dependence of log €m on log 0, or toa change in 
secondary creep strain. In the alloy tested, rupture is found to be 
predominantly of the intercrystalline type. For this material, the 
secondary creep strain is found to depend on the nature of the 
grain boundary precipitate, which affects grain boundary migration, 


It has been shown for a variety of metals and al- 
loys’’* tested at elevated temperatures under creep 
conditions that the empirical relationship 

C 
exists between rupture life, ¢,, and minimum creep 
rate, é,,. This relationship, in which C and a are 
in some cases independent of stress or temperature, 
shows in a general way that creep rupture depends 
on creep behavior prior to tertiary creep stage. To 
determine more fully the factors which control creep 
rupture requires, therefore, more knowledge of the 
relationship between rupture and creep behavior. 

To obtain such information, constant-load creep- 
rupture tests have been made on a Type-316, 

18 Cr-8 Ni-2 Mo, austenitic stainless steel at 1100°, 
1300°, and 1500°F. These tests were designed on a 
statistical basis to determine the variability of the 
various creep properties measured and to determine 
empirically the stress dependence of minimum creep 
rate and rupture life. 

As a result of this work, various empirical re- 
lations have been established defining more closely 
the factor, C, in the relation between rupture life 
and minimum creep rate. This factor is found to be 
proportional to the amount of strain during secondary 
creep. The variation of secondary creep strain with 
rupture life and temperature is determined and its 
effect on rupture behavior discussed. The variability 
in minimum creep rate and rupture life is also dis- 


F. GAROFALO, Member AIME,R. W. WHITMORE, W. F. 
DOMIS, and F. von GEMMINGEN are associated with Edgar 
C. Bain Laboratory for Fundamental Research, U. S. Steel 
Corp., Research Center, Monroeville, Pa. 

Manuscript submitted September 30, 1960. IMD 


310-VOLUME 221, APRIL 1961 


F. Garofalo 


R. W. Whitmore 
W. F. Domis 


F. von Gemmingen 


cussed and the dependence of these quantities on 
initial stress is interpreted. 


TEST MATERIAL AND TEST PROCEDURES 


The material tested is an austenitic stainless steel, 
AISI Type 316, of the following composition: C, 0.07 
pet; Mn, 1.94 pct; P, 0.01 pct; S, 0.021 pct; Si, 0.38 
pet; Cr, 18 pct; Ni, 11.4 pct; Mo, 2.15 pct; Al, 0.003 
pet and N, 0.043 pct. The material was received as 
a hot-rolled 0.5-in. diam bar which was sectioned 
into 3.25 in. long blanks. Each blank was heat treated 
by holding 1/2 hr at 2000°F followed by water 
quenching. A 3/8-in. coupon was removed from each 
heat-treated blank and the microstructure was ex- 
amined, the grain size determined, and the hardness 
measured. The microstructure was found to be uni- 
form from blank to blank and the grain size was found 
to range from 4 to 6 ASTM numbers. Hardness, 
measured using a 20-kg load, varied between 127 and 


148 Vpn. 

Tensile creep-rupture specimens having a 0.25 in. 
diam within a 1.5-in. reduced section were machined 
from the heat-treated blanks. Constant-load tests 
were made on these specimens at 1100°, 1300°, and 
1500 F. Six specimens were tested at each stress 
level. Three creep-rupture machines were employed 
for tests at each temperature, two specimens being 
tested in each machine for each stress level. To 
minimize any effect due to local inhomogeneities 
along the length of the as-received bar the specimens 
were randomized before test. 

Each specimen was tested to rupture and in most 
cases an autographic extension-time curve was ob- 
tained. For very low stress levels at 1500°F no auto- 
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Table I. Creep and Creep-Rupture Results Determined at 1100°F 


End of Primary 


End of Secondary Minimum 


End of Third 


Creep Stage Creep Stage = Rate Creep Stage Machine 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
43 28.84 305 13.6 1300 17.6 0.0040 — 1637 19 A 
90 28.84 140 8.5 1200 12:3 0.0036 1658 21 A 
123 28.84 220 7.9 1950 1232 0.0025 2437 16 B 
138 28.84 180 8.0 1300 13.0 0.0045 1709 20 B 
47 28.84 300 10.2 985 14.0 0.0055 1267 20 Cc 
87 28.84 230 8.5 960 11.0 0.0034 1785 19 € 
16 31.63 88 8.8 546 45.7 0.015 779 30 A 
50 31.63 30 9:3 195 32.3 0.018 265 26 A 
60 31.63 30 9.3 204 13.0 0.021 257 16 B 
82 31.63 35 9.0 375 14.7 0.017 570 24 B 
17 31.63 72 8.5 480 15.3 0.017 594 27 Cc 
49 31.63 20 9.0 150 12:7 0.029 170 16 Cc 
3 34.68 17 9.6 99 14.4 0.059 132 23 A 
72 34.68 12 9.5 66 13.5 0.074 96 17 A 
56 34.68 14 10.4 60 13.8 0.074 76 18 B 
103 34.68 8 10.2 74 32:7 0.038 122 17 B 
5) 34.68 11 10.2 90 14.4 0.053 115 20 € 
155 34.68 #2 10.1 72 13.4 0.055 87 16 Cc 
1 38.02 4 ye | SI 16.9 0.20 43 24 A 
61 38.02 4 12.0 17 15.5 0.27 22 18 A 
104 38.02 6 13.0 3 17.4 0.18 39 25 B 
106 38.02 5 12.4 29 15.9 0.15 42 21 B 
2 38.02 3 EY.2 28 15.4 0.17 41 23 € 
62 38.02 4 ¥2:5 24 25.5 0.15 37 19 € 
36 41.69 0.9 13.9 6.2 16.9 0.57 9.6 23 A 
71 41.69 1.0 14.8 4 17.9 1.03 6.6 26 A 
109 41.69 1.9 14.8 Vite 18.1 0.59 11.2 25 B 
111 41.69 3 13.0 15 $7.5 0.38 20.4 26 B 
37 41.69 1 13.0 10 18.2 0.58 12.3 23 € 
iS 41.69 3.8 13.1 13.4 15.7 0.27 19.7 23 € 
38 45.71 0:5 14.2 2.4 17.0 1.47 3.9 32 A 
86 45.71 0.7 17.8 3.1 20.3 1.04 4.3 29 A 
113 45.71 0.4 16.8 3.0 20.0 1.23 4.6 32 B 
121 45.71 0.4 15.4 4.0 20.4 1.39 See 32 B 
39 45.71 0.3 18.0 E3 20.6 2.60 1.9 29 € 
76 45.71 0.5 16.2 6.2 21.6 0.95 9.0 31 (9 


graphic curves could be obtained. In the creep-rup- 
ture machines used,* a beam is employed which is 
not balanced and which imposes a limiting stress on 
the specimen without application of weights. Thus, 
for stresses less than the limiting stress the speci- 
mens were loaded directly. Since the autographic 
record is obtained through the drop of the beam such 
a record could not be obtained at low stresses. 


to 


TIME 
Fig. 1—Schematic diagram of creep-rupture curve. 
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EXPERIMENTAL RESULTS 


From each time-extension curve certain time and 
strain values were determined. These quantities are 
shown on a schematic diagram in Fig. 1. The strain 
values, €, and €,, and the times, ¢, and ¢,, were de- 
termined respectively from the beginning and end of 
the secondary creep stage. At rupture, the elonga- 
tion,€,, and rupture time, ¢,, were determined. The 
minimum creep rate, é,,, that is, the slope of the 
linear portion between ¢, and tz was also obtained 
from the creep-rupture curve. All values determined 
are given for the three test temperatures in Tables 
I, II, and III. 

Machine Variability—Since three test stands were 
employed at each temperature, the machine vari- 
ability was determined to indicate its contribution 
to the observed scatter. This variability was deter- 
mined by the analysis of variance method. For rup- 
ture life, ¢,, at 1100° F, the machine variability is 
insignificant. For tests at 1300°F the machine factor 
is again small but larger than at 1100°F. However, 
tests at 1500°F on machine G show consistently 
longer times to rupture than do those on machines 
H and I. Nevertheless, the machine factor accounts 
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Table Il. Creep and Creep-Rupture Reswts Determined at 1300°F 


End of Primary End of Secondary Minimum End of Third 
Creep Stage Creep Stage =— Rate Creep Stage a 
Speci- Initial Stress, ts €,, Em, tr, E,, Em- 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
150 9.55 250 3.4 1575 8.9 0.0042 3343 sl D 
154 9.55 200 1.7 1340 6.8 0.0045 3184 40 D 
149 9.55 200 A | 1315 8.2 0.0046 3122 49 E 
153 9.55 350 2.3 2400 11.0 0.0042 4500 46 E 
156 9.55 450 4.0 2500 12:5 0.0042 4414 40 F 
161 9.55 350 3.4 2150 11:2 0.0043 4087 47 | 
132 11.23 100 2.7 1050 13.0 0.011 2037 70 D 
141 11.23 50 3.4 1120 16.5 0.012 2045 86 D 
130 12-23 75 253 1075 13.0 0.011 2028 75 E 
140 11.23 100 2.0 1120 15:5 0.013 1873 61 13 
146 11.23 45 1.3 720 9.0 0.012 1542 52 F 
148 11.23 90 2.6 1140 15.0 0.012 2046 67 F 
44 13.19 45 Te 472 19.5 0.035 950 100 D 
117 13.19 30 2.0 550 17.0 0.029 996 77 D 
45 13.19 45 bi 470 18.0 0.035 867 89 E 
116 13.19 10 1.0 475 16.9 0.034 839 80 E 
135 13.19 60 3.4 575 22.0 0.036 902 91 F 
142 13.19 50 Sil 400 15.2 0.035 852 95 F 
34 15.49 20 3.6 184 20.3 0.102 326 102 D 
51 15.49 16 4.1 164 1754 0.088 376 113 D 
35 15.49 6 2.8 142 17.6 0.109 290 105 E 
SZ 15.49 8 3.6 150 17.1 0.095 357 111 E 
131 15.49 24 3.0 169 18.2 0.105 343 109 F 
133 15.49 8 2.2 152 16.0 0.096 346 108 F 
12 18.21 1 2:3 75 19.9 0.24 134 106 D 
64 18.21 Z 2.2 50 14.5 0.26 121 102 D 
13 18.21 1 3.6 62 20.2 0.27 116 105 E 
63 18.21 2 2.7 55 16.5 0.26 118 93 E 
65 18.21 2 3.8 40 19.2 0.41 95 94 F 
112 18.21 5 4.0 50 17.0 0.29 95 80 F 
6 21.38 1 4.1 19 16.3 0.68 40 100 D 
69 21.38 2 5.0 17 15.8 0.72 40 95 D 
7 21.38 3 9.0 18 22:5 0.90 32 87 E 
70 21.38 2 5.9 19 20.3 0.85 34 91 E 
114 21.38 0.3 5.4 10 15.0 0.99 29 112 F 
122 21.38 1 6.8 11 16.4 0.96 29 92 F 
58 25.12 0.5 8.6 5 14.9 2:31 10.7 78 D 
94 25.42 0.3 6.5 5 20.5 2.98 9.5 80 D 
57 25.12 0.5 1.4 5 20.5 2.84 10.0 80 E 
98 25.12 0.1 6.0 5 20.0 2.86 10.2 89 E 
97 25.12 0.1 6.5 332 WES 3259 8.1 90 F 
125 25.12 0.1 5.8 4.5 19.5 3312 9.6 79 F 
96 29.52 0.1 9.0 i3 2335 1251 2.4 79 D 
101 29.52 0.2 9.5 3 22.0 11.4 2s 60 D 
107 29.52 0.1 10.0 1.0 21-5 12.8 1.9 66 E 
110 29.52 0.1 8.5 0.9 19.0 1331 21 78 E 
127 29.52 0.1 8.5 1.3 23.5 12:5 2.3 74 12 
128 29.52 0.1 8.5 tou PAAR 13.0 2A 70 F 


for only a small part of the total variability, especi- 
ally at 1100°F. 

Variability in €,, and ¢,—Normally the quantities 
that are determined in a creep-rupture test are the 
minimum creep rate, €,,, and the rupture life, ¢,. 

In most instances these are determined from a single 
test at each stress level. However, because of the 
scatter observed in creep-rupture tests for various 
metals and alloys,*’* it is desirable to know the 
variability before attempting any analysis involving 
these quantities. 

By analysis of variance, the variability in €,, and 
t, was determined from the results of tests at 1100°, 
1300°, and 1500°F. The standard deviation for the 
logs of these quantities is given in Table IV. From 
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these values it is evident that the variability at 


1100°F is appreciably greater than at the two higher 
temperatures. For mean values of é,, and ¢,, of 10° 
pet per hr and 1000 hr, respectively, the spread cor- 
responding to one standard deviation is 7.9 x ww’, 

2 X107°, and 1.6 x 10 pet per hr and 500, 110, and 
120 hr, respectively at 1100°, 1300°, and 1500°F. 
Thus, for both ¢€,, and t, the variability is essenti- 


ally the same at 1300° and 1500°F and is much 


greater at 1100°F. 


Relationship between ¢, and the Quantities (t2-t,) 


and ¢,—In order to understand rupture behavior under 


creep conditions more fully, various correlations 


between rupture life and other quantities determined 
from the creep-rupture curve were attempted. An 
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Fig. 2—Relationship between rupture life and duration of 
secondary creep stage. 


empirical relationship was found between rupture 
life and the time within the secondary creep stage 
(t2-t,). As shown in Fig. 2 a linear relationship is 
observed in the log ¢, - log (¢2 —¢;) plot at the three 
test temperatures. The linearity in this plot was 
checked by a regression analysis. 

The results of Fig. 2 lead to the empirical rela- 
tionship 
ty = A(t2—t,)% [1] 
where A and a are constants. The values of these 
constants for the three test temperatures, based on 
the regression curves in Fig. 2,are given in Table V. 
The 95 pct confidence upper and lower limits, A,, 
a,, Az and az are also given in Table V. These re- 
sults show that A increases slightly with tempera- 
ture, but a is nearly unity and independent of tem- 
perature. An empirical relationship is also found 
between the rupture life, ¢,, and the time at the end 
of secondary creep, ¢,. As shown in Fig. 3 a linear 
relationship exists between log ¢, and log ¢2, leading 
to the relation 


= B 
ty = [2] 
T T TT TTTTyT T T T T T T te 
lJ 
i 
= 
a. 
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° 
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Fig. 4— Variation of secondary creep strain with rupture life. 
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Fig. 3—Relationship between rupture life and end of secon- 
dary creep stage. 


Values of B and £ based on Fig. 3, and their upper 
and lower limits, are given in Table VI. Again it is 
found that B increases slightly with temperature, 
but £ is nearly unity and independent of temperature. 

As may be observed from Fig. 1, the minimum 
creep rate may be defined by 


_ Eg —€ 
€ = 1 = 3 
Therefore relation [1] becomes 

2 
ty =A ; [4] 

Em 
and relation [2] becomes 

Eo — 

t= 
7B 5] 


Because both a and 8 are essentially unity, Eqs. 
[4] and [5] are similar to the relationship between 
rupture life and minimum creep rate found by Grant, 
Servi, and Monkman.”’” This relationship is 


t= C (6) 


where C within certain limits is found to be inde- 


F 500°F 


1000} 10,000} 
1300°F 
w 100; 1000; 10,000, 
2 % 1500°F 
w ° 
| ~ ~ 
108 F 


0.002 0.01 0.1 1.0 10 
MINIMUM CREEP RATE - % / HOUR 


Fig. 5—Relationship between rupture life and minimum creep 
rate. 
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Table Ill. Creep and Creep-Rupture Results Determined at 1500°F 


End of Primary 


End of Secondary 


Minimum End of Third 


Creep Stage Creep Stage Creep Rate Creep Stage Machine 


Speci- Initial Stress, ts 
men 1000 Psi Hr Pct Strain Hr 


Em» Er, Em- 
Pct Strain Pct per Hr Pct Strain ployed 


151 3.40* 
159 3.40* 
147 3.40* 
158 3.40* 
145 3.40* 
152 3.40* 


136 4.27* 
144 4.27* 
134 4.27* 
143 4.27* 
124 4.27* 
137 4.27* 


118 5.40 
129 5.40 
119 5.40 
126 5.40 
5.40 
5.40 


7.08 
7.08 
7.08 
7.08 
7.08 
7.08 


8.52 
8.52 
8.52 
8.52 
8.52 
8.52 


10.73 
10.73 
10.73 
10.73 
10.73 
10.73 


13.53 
13.53 
13.53 
13.53 
13.53 
13.53 


17.03 
17.03 
17.03 
17.03 
17.03 
17.03 


35 
36 
45 
35 
29 
39 


43 
47 


*Specimens loaded directly. 


pendent of stress and temperature and a is essenti- 
ally unity. Relation [6] thus implies that at constant 
temperature the quantities (€, —€,) and (€, — €,)should 
be independent of stress and the quantities A(e, -€,) 
and B(e, —€,) should be independent of both stress 
and temperature. As will be shown later these quan- 
tities depend largely on grain boundary precipitation 
and grain boundary behavior during creep. 
Variability of Secondary Creep, €2 —€,—The varia- 
tion of secondary creep strain, €,-—¢,, with rupture 
life for the three test temperatures is shown in Fig. 
4, Although some scatter is observed at 1100°F, the 
extent of secondary creep strain is found to remain 
essentially constant with rupture life, and therefore 
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with stress over the entire range investigated. The 
results of a factorial analysis give the extent of 
secondary creep strain at this temperature within 
95 pct confidence limits as 3.97 pct + 0.40. 

At 1300°F secondary creep strain does not remain 
constant, increasing somewhat until a rupture life of 
about 1000 hr is reached and thereafter decreasing. 
At 1500°F, the secondary strain remains essentially 
constant up to a rupture life of about 300 hr and then 
decreases. The level of secondary creep strain is in 
general greatest at 1300°F, slightly less at 1500°F, 
and appreciably less at 1100°F. The relative level 
of secondary creep strain is reflected in the elonga- 
tion values, €,, which are generally higher the higher 
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3.0 88 
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67 1 21 8.3 100 
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aes 92 3.0 3.4 17.1 . 9.4 98 | 

19 re 4.2 16.5 3.29 
0.1 4.5 11.5 2:5 
20 0.1 4.0 1535 2.1 98 

85 4.8 0.7 14.0 15.3 90 
89 0.7 14.9 19.8 
0.1 5.0 
4 


Table IV. Standard Deviation of Log € and Log f, 


Temperature, °F Log Em Log t; 
1100 0.2530 0.1741 
1300 0.0789 0.0484 
1500 0.0659 0.0501 


the second-stage creep strain, as may be observed 
from Tables I, II, and III. 

From relations [4] and [5] it is seen that (€, — €,) is 
proportional to (€, — €,). Thus the variation of (€2 - €o) 
should be expected to be similar to that of secondary 
creep strain. 


Relationship between ¢, and €,,, —The relationship 
between ¢, and é,, is given by Eqs. [4] or [5]. Since 
at 1100°F (e2 —€,) or (€2 — is independent of stress, 
a linear relationship should be expected between log 
t, and log €,,. Such a relationship is shown in Fig. 5. 
Thus, as found by Grant and his coworkers,”’” rela- 
tion [6] is satisfied at this temperature; moreover, a 
is found to be essentially unity and therefore the 
rupture life is inversely proportional to the minimum 
creep rate. For the 1300°F data up to a rupture life 
of 1000 hr, relation [6] is satisfied even though in this 
range the secondary creep strain increases some- 
what. As should be expected, at 1500°F relation [6] 
is satisfied up to a rupture life of 300 hr. For rup- 
ture lives beyond the point where secondary creep 
strain decreases, see Fig. 4, a deviation from the 
prediction of Fq. [6] would be expected. As shown in 
Fig. 5, a second linear portion is found for rupture 
lives greater than 1000 hr at 1300°F and 300 hr at 
1500° F. 

Relationship between €,, and o,—Constant-load 
creep results for steels as well as for many other 
metals are found to reduce to one or two linear 
segments in plots of log oo - log €,,,, where cy, is 
the initial stress. The results obtained in this study 
plotted in the conventional manner as log o, against 


45 o 
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1300" F 
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Fig. 6—Variation of minimum creep rate with initial stress. 
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Table V. Constants A and @ Obtained from the Relationship 


Temperature,°F A AL As a aL Oy 


1100 1.81 1.63 2.07 0.98 0.95 1.00 
1300 2.24 2.08 2.42 1.00 0.98 1.01 
1500 2.55 2.32 2.77 0.99 0.97 1.02 


log é,, are shown in Fig. 6. At 1100°F the relation- 
ship is linear over the entire stress range covered. 
At 1300° F, however, the results for the upper two 
stress levels lie on a second segment which also is 
assumed to be linear. A regression analysis sub- 
stantiates the linearity indicated at 1100°F and the 
linearity at low stress levels at 1300°F. At 1500°F 
indications of quadratic and cubic relationships were 
found; nevertheless, the variation including all stress 
levels does not depart greatly from linearity. Where 
linearity applies then the relation between fw and 0, 
becomes: 

Em = Doo” [7] 
At 1100° and 1500°F, Dand n are constants. At 
1300° F one set of values applies at low stresses 

and a second set at high stresses. 

Relationship between ¢, and o,—By substituting re- 
lation [7] in [4] the relationship between ¢, and o, can 
be established within the limits of application of re- 
lation [7]. This relationship is expressed by 


Do,” [8] 


The experimental results for tests made at 1100°, 
1300°, and 1500°F plotted in the conventional manner 
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RUPTURE LIFE -HOURS 
Fig. 7—Variation of rupture life with initial stress. 
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as log o, against log ¢,, are shown in Fig. 7. At 
1100° F where secondary creep strain remains con- 
stant a linear relationship between log ¢, and log oy 
is found in agreement with relation [8]. For the re- 
sults at 1100°F 95 pct confidence limits indicate a 
large range for the rupture life at any stress level. 
However, the range in stress at a selected rupture 
life is not excessive. At 1300°F relation [8] is satis- 
fied only within the middle range of the stresses em- 
ployed. The deviation at the high stresses is caused 
by the change in D and x as indicated by the log o,- 
log €,,, Plot shown in Fig. 6. The deviation at the 
lower stresses is caused by the measurable drop in 
€,-€,, with rupture life. Thus, at the upper and lower 
stresses, relation [8] should not apply and the devia- 
tions observed would be expected. Such breaks in 
log 0, — log t,, plots are common for many materials 
and have been ascribed to a number of factors. *~® 

As mentioned previously, relation [7] is satisfied 
at 1500°F. However, secondary creep strain is found 
to decrease appreciably at the lowest stress level. 
Therefore, relation [8] should be satisfied for only 
the upper five stress levels employed. This is found 
to be the case for the log o, — log ¢, plot in Fig. 7. 
The change from the first to the second linear seg- 
ment is thus related to the decrease in secondary 
creep strain at low stress levels. Although values 


Table VI. Constants B and B from the Relationship ft, = B(t,)4 


Temperature,°F B BL a, B BL Bu 


1100 1.48 37 1.60 0.98 0.97 1.00 
1300 2.09 1.94 2.26 0.99 0.98 1.01 
1500 2.30 2.12 2.49 0.97 0.95 0.99 
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Fig. 8—Electron photomicrographs show- 
ing grain boundary precipitation and grain 
boundary migration at (a) 1100°F, (b) 1300°F, 
(c) 1500°F, and(d) 1100°F after pretreat- 
ment at 1500°F. X17,200. Reduced approxi- 


mately 37 pct for reproduction. 


of €, — €, could not be determined at the two lowest 
stress levels, it is likely that at these stresses sec- 
ondary creep strain decreased further. 

Grain Boundary Precipitation and Migration—The 
austenitic stainless steel tested in this study is sus- 
ceptible to grain boundary precipitation at the three 
test temperatures. Typical micrographs of grain 
boundary precipitation observed in specimens tested 
at 1100°, 1300°, and 1500°F are shown in Fig. 8. At 
1100°F the precipitate* seems to be continuous and 


*Identification of the precipitated particles has been made from X-ray 
diffraction patterns. The complex carbide M,,C, is found at each tem- 
perature. At low stresses or long rupture times the ‘‘sigma’’ phase ap- 
pears at 1300° and 1500°F. Additional diffraction lines indicate that 
other minor constituents may also be present. 


envelops each grain. No evidence of any grain 
boundary migration at this temperature has been ob- 
served. After test at 1300° and 1500°F discrete pre- 
cipitated particles are found with evidence of bulging 
or migration of the boundary between the particles. 
This effect is similar to that observed in aluminum 
alloys.° 

As indicated by the results given in Tables I, II, 
and III, elongation values at 1100°F are in general 
much less than at the two higher temperatures. Since 
rupture is predominantly of the intercrystalline type 
in this material, the elongation values may indicate 
that in this steel grain boundary behavior at 1100°F 
differs from that at 1300° and 1500°F. To study this 
behavior a series of specimens were pretreated at 
1500°F for 24 hr before testing at 1100°F. Such pre- 
treatment produced discrete precipitated particles 
at grain boundaries, similar to the precipitates found 
upon testing at 1500°F. The results obtained for this 
series of tests are given in Table VII. In general, it 
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Table Vil. Creep and Creep-Rupture Results Determined at 1100°F after a Pretreatment at 1500° for 24 Hr 


End of Primary End of Secondary Minimum End of Third 
Creep Stage Creep Stage Creep Rate Creep Stage on 
Speci- Initial Stress, &, e,;, En- 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
6C 31.63 56 9.0 400 16.3 0.021 792 61 A 
8C 31.63 50 9.0 510 15.4 0.014 1065 66 A 
Te 31.63 48 8.8 560 14.4 0.011 1264 59 B 
10C 31.63 57 8.4 490 16.6 0.019 1158 60 B 
5¢ 31.63 80 8.7 530 16.7 0.016 1037 62 Cc 
9C 31.63 48 8.0 528 15.2 0.015 1111 61 € 
4C 34.68 12 10.0 188 16.2 0.035 408 58 A 
12C 34.68 24 EE-2 172 16.2 0.034 395 57 A 
41C 34.68 20 10.5 180 17.2 0.042 346 51 B 
42C 34.68 16 115 172 18.5 0.045 331 54 B 
26 34.68 16 9.6 158 17.0 0.052 340 58 € 
11C 34.68 30 10.2 240 16.5 0.030 529 70 Cc 
1¢€ 38.02 as E27 55 21.7 0.19 103 55 A 
3C 38.02 6.0 12.4 72 22.0 0.15 119 59 A 
39C 38.02 0 13 68 22.6 0.12 112 53 B 
40C 38.02 10.5 13.8 61.5 20.3 0.13 125 53 B 
13C 38.02 0 12.2 70 Th? 0.093 148 56 € 
14C 38.02 0 12.3 86 20.9 0.10 162 55 Cc 
35C 41.69 0 14.5 12 22.0 0.63 28 52 A 
36C 41.69 1 15.0 18.8 23.4 0.47 36 56 A 
37C 41.69 1 15.0 22 253 0.34 42 51 B 
38C 41.69 39 16.3 23.8 23.8 0.37 42 54 B 
15C 41.69 3 16.0 16 24.6 0.67 29 58 Cc 
34C 41.69 3 15.0 20 24.5 0.56 37 55 € 


is found that at equivalent stress levels there is no 
systematic change in minimum creep rate, but sec- 
ondary creep strain is increased. The rupture life 
and elongation to rupture are also increased. As 
shown in Fig. 9 the rupture life is greater after the 


pretreatment for any equivalent minimum creep rate. 


The effect of the pretreatment on the entire creep 
curve for an initial stress of 34,680 psi is shown in 
Fig. 10. By comparing the curves of the annealed 
and pretreated specimens it is seen that there is 
little difference in the initial portion of the two 
curves. The annealed specimen exhibits limited 
secondary and tertiary creep stages. By changing 
the grain boundary precipitate from essentially a 
continuous film to discrete particles as shown in 
the electron micrographs (a) and (@) in Fig. 8, both 
secondary and tertiary creep stages are extended. 
As shown by electron micrograph (d) in Fig. 8, grain 
boundary migration is observed during creep at 
1100° F after the pretreatment at 1500°F. 


104 
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= 
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10"! 5 
MINIMUM CREEP RATE- % / HOUR 
Fig. 9—Relationship between rupture life and minimum 
creep rate at 1100°F with and without a 24-hr pretreat- 
ment at 1500°F. 
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DISCUSSION OF RESULTS 


The experimental results in this study indicate 
that the stress dependence of rupture life under 
constant-load creep is related to the stress depend- 
ence of minimum creep rate and secondary creep 
strain. At 1100°F the linear dependence shown in 
Fig. 7 of log ¢, on log o, results from the linear de- 
pendence of log é,, on log o, and on the fact that sec- 
ondary creep strain remains essentially constant. 
At 1300°F the log o,-log ¢, plot shown in Fig. 7 is 
approximated by three linear segments. The change 
from the first to the second segment is related to 
the change in the stress dependence of the minimum 
creep rate. The change from the second to the third 
linear segment is a result of the pronounced drop 
in secondary creep strain. At 1500°F, the change 
from the first to the second linear segment is at- 
tributed also to the drop in secondary creep strain. 

The instabilities or breaks in the log o, - logt, 
plots are of particular practical importance. In de- 
signing equipment for elevated temperature service 
for operation over long periods of time, relatively 
low stresses are encountered. Thus at low design 
stresses the rupture life could be appreciably 
greater if the instabilities observed could be elimi- 
nated. In order to accomplish this, however, more 
knowledge about the factors causing these instabil- 
ities is required. 

As stated previously, the instabilities at 1300° and 
1500°F at the lower stress levels are a result of a 
drop in secondary creep strain. Of importance then 
is to determine the factors governing the inception 
of tertiary creep. The results of the effect of pre- 
treating at 1500°F on behavior at 1100°F indicates 
that the inception of tertiary creep may depend on 
grain boundary precipitation and therefore on grain 
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Fig. 10—Effect of grain boundary structure on creep curve 
of type-316 steel at 1100°F under a stress of 34,680 psi. 


boundary behavior during creep. The continuous 
precipitate observed after testing at 1100°F has ef- 
fectively prevented boundary migration but appar- 
ently not grain boundary shearing. The fact that 
wedge or w-type cracks’° are found in the material 
tested at 1100°F indicates that grain boundary shear- 
ing may have occurred. The occurrence of grain 
boundary shearing leads to stress concentrations at 
various points such as at the juncture of three grains. 
The inability of the grain boundaries near points of 
stress concentration to migrate prevents the dis- 
sipation of strain energy by increasing the grain 
boundary surface area. Such energy can be relieved 
in two ways. One method is by generating slip and 
increasing the strain rate and leading to tertiary 
creep. The second method is by the formation of 

new surfaces such as by the formation of intercrys- 
talline cracks. Apparently the lack of grain bound- 
ary migration at 1100°F has led to an early inception 
of tertiary creep and crack formation as indicated by 
the shape of the creep curve in Fig. 10. After 
spheroidizing the precipitate at the grain boundaries 
before testing at 1100°F,grain migration is observed, 
although not to the extent found at 1300° and 1500°F. 
Nevertheless, the increase in the magnitude of sec- 
ondary and tertiary creep stages shown in the creep 
curve in Fig. 10 indicates that inception of tertiary 
creep and crack initiation have been delayed by the 
recovery effect that results from grain boundary 
migration. 

The predominance of grain boundary migration at 
1300° and 1500°F leads to large secondary creep 
strains by delaying inception of tertiary creep. How- 
ever, beyond rupture lives of 1000 and 300 hr at 
1300° and 1500°F, respectively, secondary creep 
strain begins to diminish. This is found even though 
grain boundary migration is still observed. This be- 
havior may be related to the fact that grain boundary 
shearing becomes more prominent as a deformation 
process as the temperature is increased and the 
stress decreased."”’’* For example, the temperature 
and stress dependence of the rate of grain boundary 
shearing, y, has been shown to be of the type’® 


y = Ao exp (—AH/kT) [9] 


where A is a constant, o the stress resolved to 
maintain maximum shear stress in the direction of 
shearing, AH the activation energy and kT has the 
usual meaning. The stress and temperature de- 
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Fig. 11—Variation of time at end of secondary creep with 

initial stress. 


pendence of secondary creep rate, €,,, has been 
shown to be of the type’**”*> 


= B/kT(c)* exp (- AHkT) [10] 


where B and a are constants, o the normal stress, 
AH the activation energy and kT again has the usual 
meaning. The activation energy in both cases is found 
to be nearly equal to that for self-diffusion.*® By di- 
viding Eq. [9] by Eq. [10] one finds 


A kT [11] 


Since a is of the order of about 4, it is seen that as 
the stress is decreased the ratio 7/€,, increases 
very rapidly. Also this ratio increases linearly with 
temperature. Therefore, in the present study as the 
temperature is increased to 1300° and 1500°F, grain 
boundary shearing would be expected to become more 
pronounced. As the stress at these temperatures is 
decreased, the rate of grain boundary shearing de- 
creases less rapidly than does the secondary creep 
rate, and therefore grain boundary shearing becomes 
more prominent. 

At points of stress concentration the increase in 
the shear stresses causing slip should depend pri- 
marily on the magnitude of grain boundary shearing. 
Therefore as the stress is lowered and é,, diminishes 
more rapidly than 7, tertiary creep should begin at 
diminishing amounts of secondary creep. However, 
inception of tertiary creep occurs at longer and 
longer times as the stress is lowered, thus allowing 
more and more recovery by boundary migration and 
complicating the qualitative picture proposed. 

At 1100°F secondary creep strain remains es- 
sentially constant with variation in stress or rupture 
life without showing a drop. However, in this case, 
because of the high stress levels employed, high 
normal stresses are developed at points of stress 
concentration, leading to early rupture. Thus, in- 
ception of tertiary creep may be related in this 
case more to rupture initiation than to generation 
of slip. At this temperature extensive cracks have 
been observed at the end of secondary creep. These 
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cracks are of the wedge or We stype and are formed 
particularly at triple points, * ° presumably by the 
Zener mechanism.*” At 1300° and 1500°F, w-type 
cracks are also found to be predominant, although 
some round or r-type cracks”° are found. At this 
temperature some cracks are also found at the 

end of secondary creep, especially at lower stress 
levels. However, the breaks in the log o, - log?, 
graphs at these two temperatures are established 
before crack formation becomes predominant. This 
is indicated by results in Fig. 11 which show cor- 
responding breaks in the log o, — log /, plot. There- 
fore, the change in the dependence of /, on 0, at low 
stresses does not seem to be related to crack propa- 
gation or other effects occurring during tertiary 
creep, but is related to the drop in secondary creep 
strain. 

The rate of growth of cracks during tertiary creep 
should be related to the quantity, B, of Eq. [3]. Since 
Bis unity, B=t,/t,. As given in Table VI, B equals 
1.48, 2.09, and 2. 30 at 1100°, 1300°, and 1500° F, re- 
spectively. At 1100°F, then, crack growth or propa- 
gation is expected to be more rapid than at 1300°or 
1500°F. After the 1500°F pretreatment, the results 
at 1100°F give a B value of 2.0. This indicates that 
for a similar grain boundary structure crack propa- 
gation is independent of stress and temperature. Al- 
though after the pretreatment the constant B does 
approach closely the values found at 1300° and 1500°F 
this is not quite true of secondary creep strain or the 
total linear strain, €, -€,. Thus, the quantities 
A(€,—€,) and B(€,— €,), which are equal to the constant, 
C, of relation [8], do not approach the value found at 
1300° or 1500°F. At these temperatures this quan- 
tity is found to be 29.0. At 1100°F this value is 6.0 
for the annealed material and increases to 16.0 for 
the pretreated specimens. It can be concluded, how- 
ever, that relation [6] is substantiated at 1100°F and 
except for low stress levels at 1300° and 1500°F; 
however C is not truly independent of stress and 
temperature. 


SUMMARY 


Constant-load creep-rupture tests were made ona 
Type 316, 18 Cr-8 Ni-2 Mo, austenitic stainless 
steel at 1100°, 1300°, and 1500°F. The experimental 
results lead to the following conclusions: 

1) At any stress level at the three test tempera- 
tures a measurable amount of scatter is found in the 
minimum creep rate and rupture life. This is par- 
ticularly true at 1100°F. The spread in minimum 
creep rate and rupture time is essentially the same 
at 1300° as at 1500°F. 

2) The empirical relation, 

C 


between rupture life, ¢,, and minimum creep rate 
€», is substantiated within certain limits of tempera- 
ture and stress. It is found that a@ is nearly unity, as 
reported by Monkman and Grant. It is also found 
that, 


C=A (ez -&), 
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where A is independent of stress at constant tem- 
perature but increases somewhat with temperature, 
and where (€, —€,) is the secondary creep strain. 

For the material tested in this study, the breaks in 
the log oy — log ¢, plots, where 0, is the initial stress, 
are traced to either a deviation from linearity at high 
stresses in the log 0, — log €,, plot or to a decrease 
in the amount of secondary creep strain. 

3) Secondary creep strain is found to depend on the 
type of grain boundary precipitate, which affects 
grain boundary migration. At 1100°F, a fine and 
continuous precipitate is found at grain boundaries 
with no evidence of grain boundary migration. At 
this temperature, €,-—€,, remains essentially con- 
stant. Precipitation of large discrete particles at 
grain boundaries by heating to 1500°F for 24 hr 
before testing at 1100° F shows no systematic change 
in €,,, but secondary creep strain and rupture life 
are measurably increased and grain boundary mi- 
gration is observed. At 1300° and 1500°F secondary 
creep strain up to rupture lives of 1000 and 300 
hours, respectively, is appreciably greater than at 
1100°F. For longer rupture lives, corresponding to 
lower stresses, secondary creep strain decreases 
markedly. This drop is believed to be caused by the 
greater predominance of grain boundary shearing 
as the stress is diminished. At these two tempera- 
tures grain boundary migration is observed at all 
stress levels employed. 
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A Study of the Ti-Cu-Zr System and the Structure 
of TioCu 


The partial isothermal section of the Ti-Cu-Zr system at 


750°C has been studied. The crystal structure of Ti,Cu has 
been determined as tetragonal and when expressed as face- 
centered tetragonal, a = 4.164A,c = 3.611A, andc/a = 0.867. 


Tirantum systems in which £-titanium decom- 
poses eutectoidally into a and a compound rather 
readily are known as active eutectoid systems. Re- 
cently in active eutectoid alloys based on the Ti-Cu 
system, and containing additionally Al and Zr, it has 
been found that zirconium may produce both mode- 
rate weakening and marked strengthening at elevated 
temperatures.’ In order to obtain some insight into 
the behavior of zirconium, an attempt was made to 
determine whether compounds of the type Ti,Zr and 
Ti,Zr,Cu exist. Only results of the Ti-Zr-Cu stud- 
ies are reported here since data on Ti-Zr alloys 
will be presented in a separate publication. 


EXPERIMENTAL PROCEDURE 


Alloys were nonconsumably arc melted in argon 
atmosphere as 15-g buttons, prepared from materi- 
als of the following purities: 


Bureau of Mines electrolytic Ti — Bhn 63 


OFHC copper 
Reactor Grade Zirconium Bhn < 150 


Prior to alloy preparation the electrolytic titanium 
was premelted to avoid excessive spattering of the 
charges during melting. The weight losses during 
melting did not exceed 1 pct of the total weight of 
the charge. The alloys prepared are listed in Table 
I together with analyzed compositions in cases where 
they were determined. 

Specimens for heat treatment were wrapped in 
molybdenum sheet, annealed in argon-filled quartz 
capsules, and quenched by breaking the capsules 
under iced brine. About 1 to 2 sec are required to 
remove the capsule from the furnace, drop it into 
the iced brine and break it. Because of the insula- 
tion effect of the quartz, this delay in quenching 
should not produce a large drop in temperature. In 
many instances, no difference or little difference 
has been detected between the same specimen 
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quartz capsule quenched or directly quenched in 
vacuum by an impinging stream of water.” 
Ti-Cu-Zr alloys were homogenized for 48 hr at 
825°C prior to annealing at 750°C. Annealing for 5 
days at 750°C produced the same results as 11 days 
at temperature and it was therefore assumed that 5 
days was sufficient to establish equilibrium. Titan- 
ium-copper alloys were homogenized for 40 hr at 
900°C prior to heat treatment for 6 days at 750°C. 
Specimens for metallographic examination were 


electropolished and etched with the following solution: 


5-g Na-K-tartrate 

10-ml H,0 

5-ml KOH (40 pct) 

2.5-ml H2O2 (30 pct) Etching time 20 to 30 sec at 70°C 


Phase identification was also aided by the cumula- 


Table |. Nominal Compositions of Alloys Prepared and 
Chemical Analysis Data of Selected Alloys 


Chemical Analysis 


Nominal Composition Pct OQxygen* 


Ti—28 pct Cu 
Ti-—38 pct Cu 0.110 pct 


Pct Cu Pct Zrt 


Ti-—2 pct Cu—10 pct Zr - 
Ti-—4 pet Cu—10 pct Zr 3.34 pet 9.70 Pct 
Ti-—6 pct Cu-10 pct Zr 5.00 pct 9.70 pet 
Ti-10 pct Cu—S pct Zr - ~ 
Ti-10 pct Cu—10 pct Zr - - 
Ti-10 pct Cu—15 pct Zr - 
Ti-10 pct Cu—20 pct Zr 9.14 pet 19.15 pct 
Ti~10 pct Cu—25 pct Zr - 

Ti-10 pct Cu—30 pct Zr - 

Ti—20 pct Cu—5 pct Zr 18.75 pct 

Ti-—20 pct Cu—10 pct Zr - 

Ti—20 pct Cu—15 pct Zr - 

Ti—20 pct Cu—20 pct Zr 18.90 pct 

Ti—25 pct Cu—5 pct Zr 23.85 pet 

Ti-—25 pct Cu—7.5 pct Zr 

Ti-25 pct Cu—10 pct Zr 

Ti-—33 pet Cu—S pct Zr 

Ti-—35 pct Cu—5 pct Zr 

Ti-—37 pct Cu—5 pet Zr 

Ti—40 pct Cu—2 pct Zr 

Ti—40 pct Cu—4 pct Zr 


*Analyzed by National Research Corp., Cambridge, Mass. 
tAnalyzed by Academy Testing Laboratories, Inc., New York, N. Y. 
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Fig. 1— Partial isothermal section of the Ti-Cu-Zr system. 
(Square symbols indicate chemically analyzed samples. De- 
pending on the boundary, positions are accurate to within 1 

to 5 pet). 


tive stain-etching procedure® in which the following 
electrolyte was employed: 


15-g Na-K-tartrate 
50-ml 

15-ml NH,OH (conc.) 
30-ml ethyl alcohol 


If the stained surface appears violet, a is blue, 8 
brick color and Ti,Cu pale yellow. 

Powders for X-ray diffraction were prepared by 
crushing samples to 270 mesh. Powders wrapped in 
molybdenum sheet were quartz-capsule reannealed 
at 750°C for 1 hr and quenched in iced brine without 
breaking the capsule. The quench was not rapid 
since the powders maintained color for times in the 
vicinity of 10 sec. 

Photograms were obtained in a 114.6-mm diam 
Debye-Scherrer camera with CuK, radiation. In ad- 
dition, X-ray diffraction patterns were obtained 
from the surface of metallographic specimens with 
a Geiger Counter spectrometer. This method was 
used to demonstrate that data obtained from the 
crushed powders are identical in d-values to those 
obtained from the metallographic specimens and 
also to obtain data from samples which could not 
readily be crushed. 


EXPERIMENTAL RESULTS AND DISCUSSION 
Based on metallographic and X-ray data the 750°C 


Table Ill. Lattice Parameters of the TigCu Phase 


This Study Karlsson*® 
a 4.164A 4.127 to 4.158A 
c 3.611A 3.587 to 3.594A 
c/a 0.867 0.869 
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Table Il. X-Ray Diffraction Data of Binary Ti-Cu Alloys 
Annealed at 750° C 


Ti-—38 Pct Cu 
Structure at 750°C: 
Ti,Cu + less than 5 pet @ 


Ti-—28 Pct Cu 
Structure at 750°C: 4 + Ti,Cu 


Identification Identi- 
Intensity a-Ti- Intensity fication 
d,A I/l, Ti,Cu tanium d,A l/l, Ti,Cu 
2.59 0.2 a 
2.30 0.1 a 
2.278 1.0 * 2.277 1.0 111 ; 
2.245 0.3 a 
2.076 0.5 . 2.075 0.7 200 * 
1.795 0.3 1.795 0.5 002 
1.73 0.1 a 
1.472 0.2 * 1.472 0.2 220 * 
1.362 0.4 , 1.360 0.8 202 * 
1.338 0.1 a 
1.253 0.08 a 
1.236 0.7 * 1.237 0.9 311 * 
1.141 0.2 = 1.140 0.3 222 * 
1.110 0.3 * 1.110 0.4 113 * 
1.042 0.1 + 1.042 0.2 400 * 
0.992 0.00 a 
0.949 0.2 = 0.948 0.2 331 = 
0.932 0.1 * 0.932 0.2 420 * 
0.923 0.06 a 
0.902 0.2 * 0.901 0.3 402 * 
0.887 0.3 * 0.887 0.4 313 * 
0.827 0.4 * 0.827 0.5 422 * 
0.796 0.5 i 0.796 0.6 511 * 


section of Fig. 1 has been constructed. Appropriate 
data for the three binary systems at 750°C were 
taken from the literature.*~° The three-phase a + 8 
+ TizCu field of Fig. 1 is derived from the reaction 
B + a+TieCu at 798°C. It is of interest to note 
that the solubility of Cu in a-Ti diminishes as Zr 
is added and that there is considerable solution of 
zirconium in TizCu. 

The X-ray diffraction data for Ti,Cu containing Zr 
was found to differ from that reported by Laves and 
Wallbaum’ and Rostoker.® In order to ascertain 
whether this was due to Zr, the patterns of TizCu in 
Ti-28 pct Cu and Ti-38 pct Cu annealed at both 
900°C and 750°C were obtained. Metallographic 
examination of these alloys revealed a structure 
which was 8 + Ti,Cu at 900°C and a + Ti,Cu at 
750°C. The amounts of phases were in good agree- 
ment with the diagram of Joukainen et al.* and no 
evidence of a third phase was detected. 

Diffraction data of these alloys are given in Table 
II. The face-centered tetragonal space lattice, rather 
than the simpler body-centered tetragonal structure, 
has been used to index the pattern in order to facili- 
tate comparison with data in the literature. The 
c/a ratio of this structure is 0.867 with a = 4.164A 
and c = 3.611 A. 

Karlsson® has reported that the crystal structure 
of the first intermediate phase occurring in the 
titanium-rich portion of the Ti-Cu system to be 
face-centered tetragonal as shown below. 

Unfortunately, Karlsson designates this phase as 
Tiz3Cu. Because he melted his alloys in refractory 
material crucibles, his alloys were probably con- 
taminated, and since the existence of a Tiz3Cu phase 
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was not confirmed by Joukainen et al.,* Karlsson’s 
data were neglected. 

The present study based on materials of greater 
purity than that of Karlsson has yielded the same 
type of crystal structure as Karlsson, Table III, 
and zirconium dissolved in Ti,Cu does not change 
this structure. The oxygen content of the Ti-38 pct 
Cu alloy was found to be 0.11 pct. Rostoker® has 
reported that TizCu and Ti,Cu2O are both face-cen- 
tered cubic Fe3W3;C type structure with lattice pa- 
rameters of 11.24 and 11.47A, respectively. It is 
evident that the small amount of oxygen in the pre- 
sent study could not account for the observed dis- 
crepancy in structure identification. It is of inter- 
est to note that the portion of the Ti2Cu pattern 
presented by Joukainen et al.* also fits the tetrag- 
onal pattern of Ti2Cu. 

Undoubtedly the melting techniques used by 
Rostoker would not permit sufficient oxygen con- 
tamination to produce significant amounts of 
Ti,Cu,0* to form. Possibly the discrepancy indi- 
cates that two allotropic modifications of TizCu ex- 
ist and that one or the other will predominate as a 
function of processing. 

Karlsson’ has indicated that the phases which he 
designates as TisCu and Zr;Cu (actually TizCu and 
Zr2Cu) are isomorphous. The face-centered-tetra- 
gonal crystal structure of Zr2Cu has been confirmed 
by Lundin et al.° with a = 4.53 A, c = 3.716A, and 
c/a = 0.819. The fact that TizCu and Zr.Cu are iso- 
morphous implies their complete mutual solubility. 


SUMMARY 
1) A partial isothermal section of the Ti-Cu-Zr 
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system at 750°C has been constructed. The phase 
fields obtained are in agreement with phase rela- 
tions of the binary systems. 

2) The crystal structure of TizCu with and without 
zirconium has been found to be tetragonal and as a 
face-centered-tetragonal lattice the parameters of 
Ti.Cu are a = 4.164A, c = 3.611A, and c/a = 0.867. 
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The Austenite Solidus and Revised Iron-Carbon 
Diagram 


The austenite solidus of the iron-carbon system has been’ 
determined using a series of diffusion couples, each of which 
consisted of a specimen of austenite held in contact with a melt 
saturated with austenite. After the equilibrium distribution of 
carbon had been established by diffusion at a specified temper- 
ature, i.e. the austenite specimen had become austenite of the 
solidus composition, the diffusion couple was cooled, sectioned 
and analyzed for carbon. The solidus was found to be a straight 


line: 
t (°C) = 1528.4 — 177.9 X Wt Pct C 

oo M. G. Benz 
A revised iron-carbon temperature-composition diagram is . 
presented. J. F. Elliott 


ComposITIon has a marked effect on the tempera- methods and extensive laboratory tests, it was de- 


ture at which austenite begins to melt and the aus- cided that the use of a series of austenite-liquid = 
tenite solidus of the iron-carbon system describing diffusion couples would provide the most reliable ee 
this effect has been the subject of many investiga- results. This paper describes the method and its e 
tions.'"*° The significant results of these investiga- | results and also includes a complete iron-carbon eit 
tions are presented in Fig. 1. The experimental temperature-composition diagram based on what Nes 
methods and purity of the materials used in them are considered to be the best available data. 


are summarized in Table I. In plotting the data in 
Fig. 1 no attempt has been made to convert these 


results to the International Temperature Scale of EXPERIMENTAL METHOD 
5 
version de the diffusion couple used for this investigation 
y consisted of a small cylindrical pellet of austenite 


that exists as to the position and shape of the solidus. held in contact, at a specified temperature, with a 

A point of major concern in evaluating these data is saith The iti f 

that the alloys studied, except those used by Adcock, CEE: 
, ’ the cylindrical austenite pellet was chosen to be 


were not binary alloys of iron and carbon, Table I. ; ‘ 
Aes, approximately 0.1 wt pct C less than the estimated 


did not permit equilibrium to be established through 


the system being studied. All that can be said for 
the results of these investigations is that they in- ww CARPENTER AND KEELING"? 
dicate only approximately the location of the solidus w 1500 
with the uncertainty as to its location at 1 pct C 
The current investigation was undertaken to pro- > KAYA” 
vide reliable data by which the austenite solidus 
could be established. It was hoped that information 
time, but experimental limitations prevented this 
as austenite segregated from the liquid on cooling. | 
After a careful study of possible experimental / | 
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Table I. Austenite Solidus of the lron-Carbon System, 
Previous Investigations —Methods and Analysis of Materials Used 


Analysis of Materials Used, Weight Percent Impurities 


Author Year 


Method Mn 


Si 


Ss 


Cr Ni 


1958 Review of Past Work 


Hansen 


1 Carpenter and Keeling 1904 Thermal Analysis Trace 0.02 to 0.12 
2 Ellis 1926 Forging Tests 0,5 0.2 
3 Andrew and Binnie 1929 Thermal Analysis 0.08 to 0.68 0.02 to 0.44 
4 Jominy 1929 Microscopic Examination 0.5 
For Burning 
5 Adcock 1937 Thermal Analysis Trace 0.0006 
6  Gutowsky 1909 Quenching Method 0.125 to 0.181 0.028 to 0.091 
7 Kaya 1925 Electrical Resistance 0.5 0.3 
8 Hondo and Endo 1927 Magnetic Measurements 0.18 to 0.41 0.27 to 0.31 
9 Umino 1935 —Calorimetric Determination 0.034to0.210 0.019to0.101 


0.01 to 0.03 
0.04 


0.02 


0.0027 

0.005 to 0.007 
0.02 

0.017 to 0.023 
0.006 to 0.041 


0.02 to 0.04 

0.02 

0.006to0.112  0.01to1.31 0.12 
0.02 


0.022 to 0.030 
0.03 

0.020 to 0.031 
0.002 to 0.027 


solidus composition at the selected temperature. 
The composition of the iron-carbon melt was chosen 
to be very close to the liquidus composition, but 
within the two-phase liquid-austenite region at the 
selected temperature. The alloys were prepared in 
alumina crucibles in an induction melting unit under 
an argon atmosphere. Analyses of the materials 
used in alloy preparation are shown in Table II. 
Rods 0.475 in. in diam were cast from these alloys 
in an argon atmosphere. 

Pellets cut from rods of the compositions speci- 
fied for the diffusion couple were placed within high 
purity, 99.7 wt pct, alumina crucibles as shown in 
Fig 2. This assembly, referred to as the diffusion 
cell, was placed in the cooling tower of the heat 
treating furnace shown in Fig. 3. The entire system 
was evacuated and then refilled with argon. The 
argon had been purified of water vapor and oxygen 
by passing it through a column containing calcium 
chloride, a furnace containing copper gauze at 450°C, 
and another column containing calcium chloride. 
The diffusion cell was then lowered into the hot zone 
of the furnace and held at the selected temperature 
for a time sufficient for equilibrium to be estab- 
lished by the diffusion of carbon into the cylindrical 
pellet of austenite. It was assumed that equilibrium 
had been established when the chemical analyses of 
all sections of the cylindrical pellet of austenite 
agreed within + 0.02 wt pct C. This could only occur 
after the entire pellet of austenite had become aus- 
tenite of the solidus composition. Tlie time allowed 
for equilibration was equal to or, in some cases, 
twice the time estimated from the diffusion data 
assembled by Seith’* and using the method described 
by Darken and Gurry.’* This time ranged from 3 hr 
at 1493°C to 41 hr at 1168°C. The temperature of 


A-Alumino Crucibles 
B-Alumino Sond 
C-"Melt" Pellets 

D Austenite Pellet 


Fig. 2—The diffusion cell. 
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the heat treating furnace was kept constant by means 
of an automatic control system. After equilibration 


the diffusion cell was drawn into the cooling tower. 
This allowed the diffusion couple to cool rapidly 
(approximately 20 min down to 500°C), but not so 
fast as to make it too hard to be machined readily. 


cooling water, 
inlet and outlet 


control 
thermocouple — 


wilson seal 


Fig. 3—The heat treating furnace. 
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Table Il. Analysis of Materials Used 


A) Iron 
Lot Check 
Analysis, Analysis, 


Impurity Wt Pct Wt Pct 


<0.002 
<0.001 
<0.002 

0.004 


Mn <0.001 
0.003 
0.001 
0.004 

<0.001 
<0.003 
0.008 
<0,004 
<0.002 
0.005 
<0.003 
<0.003 
0.05 


B) Carbon 
Spectroscopically Pure. 


Temperature Measurement—A Pt-Pt + 10 pct Rh 
thermocouple protected by an alumina shield was 
used in conjunction with a Rubicon Type-B poten- 
tiometer to measure the temperature at the base of 
the diffusion cell during the heat treatment. Tests 
showed this temperature to be approximately 1/2°C 
lower than the mean temperature of the diffusion 
couple. All thermocouples used were calibrated in 
the furnace at the melting points of gold and palla- 
dium under an inert atmosphere by the wire tech- 
nique as described in the NBS Circular 590.** The 
conditions during calibration duplicated, as closely 
as possible, the actual conditions during the course 
of the heat treatment. The thermocouples were an- 
nealed frequently. The results of the thermocouple 
calibrations are presented in Table III. 

Several temperature measurements were made 
during each heat treatment. A temperature meas- 
urement consisted of a series of thermocouple 
readings (in some cases with different thermocou- 
ples) recorded at 2 min intervals, either for a cycle 
passing through a maximum and a minimum read- 
ing, or for 30 min, whichever came first. The me- 
dian observed temperature at the base of the diffu- 
sion cell, plus 1/2°C, was accepted as the tempera- 
ture of heat treatment of the diffusion couple. All 


Liquid plus 
Austenite Zone 


Austenite Pellet 


+--- Boundary Between the Austenite Pellet 
and the Surrounding Liquid Plus Austenite Zone 


Fig. 4—Sectioning of diffusion couple for chemical analysis. 
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Table Ill. Thermocouple Calibration 


Reference 

Table Emf, 

Tempera- NBS Circu- 
Thermo- ture, lar 
couple °C Ey, mv 


B 1063.0 10.304 
1552 16.148 


D 1063.0 10.304 
1552 16.148 


E 1063.0 10.304 
1552 16.148 


Observed Thermocouple Enmf, E Di 
ifference 
Determina- Determinae Accepted \e=F,—E, 
tion 1, mv tion 2,mv Value, mv mv 
10.282 10.281 10.281 0.023 
16.151 16.151 16.151 —0.003 


10.294 10.2% 10.295 0.009 
16.170 16.173 16.172 -0.024 
10.294 10.292 10.293 0.011 
16.171 16.174 16.172 -0.024 


Values on the 1948 International 
Temperature Scale** 


Freezing point of Gold 1063.0°C 
Freezing point of Palladium 1552 


Thermometric Fixed Point 


temperature measurements were recorded accord- 
ing to the International Temperature Scale of 1948." 

The probable uncertainty in the accepted tem- 
perature of any one datum point is +1.5°C. This 
estimate is based on the thermal gradient in the 
heat treating zone of +0.5°C and an uncertainty in 
measurement and calibration of +1.0°C. The peri- 
odic cycling of the heat treating furnace leading to 
the observed temperature fluctuation has not been 
included in this estimate of uncertainty as the me- 
dian observed temperature has been selected to 
represent the temperature of the heat treatment. 
This cycling should have had very little effect on 
the equilibration by diffusion as its amplitude was 
not large (average + 1.7°C) and the duration of its 
period (average 10 min) was short compared with 
the time necessary for the equilibration to be com- 
plete. 

Sampling and Analysis—After cooling, the diffu- 
sion couple was removed from the diffusion cell for 
sampling and chemical analysis. Flats were sanded 
along one side and across the bottom of the diffusion 
couple. It then was etched using a 1 or 3 pct nital 
solution, and the boundary between the cylindrical 
austenite pellet and the liquid plus austenite zone 
was viewed under a microscope. Chips for chemical 
analysis were machined from sections 1, 2, 3, 4, 
and 5 of the specimen as shown in Fig. 4. Duplicate 
analyses were made on the chips from each section 
by the standard combustion technique. Since the 
center of the austenite pellet was the last to become 
austenite of the solidus composition, it was assumed 
that the equilibrium solidus composition had been 
attained in a diffusion couple when chemical analyses 
of section 5, containing the central portion of the 
pellet, and section 4 agreed within + 0.02 wt pct C. 

The probable uncertainty in the accepted compo- 
sition of any one datum point is + 0.01 wt pct C. The 
average disagreement in analyses of sections 4 and 
5 was + 0.01 wt pet C. Data in which the disagree- 
ment exceeded + 0.02 wt pct C were not accepted. 
Metallographic examination of the austenite pellets 
indicated that they were homogeneous. The three 
possible impurity elements that could have been in- 
troduced during the experiments were aluminum, 
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Table 1V. Summary of Temperature and Composition Data 


Observed Length 
Median Cor- Accepted Temp. of Heat Compo- 
Cell Observed Thermo- rection, Corrected, Observed Solidus Fluctua-  Treat- Weight Percent Carbon in Sections sition tion in 
Number Emf, mv couple mv Emf, mv Temp.°C Temp.,°C  tion,°C ment, Hr 1 2 3 4 5 if Wt Pct Analyses 
C1480A = 15.3608 B +0.001 15.366 1486.2 1486.7 +1.45 3 0.209 0.203 0.21 +0.01 
15.3928 D -0.026 0.211 0.205 
C1480B = 15.4618 D -0.020 15.442 1492.6 1493.1 +1.25 6 0.374 0.494 0.193 0.194 0.19 +0.01 
0.390 
C1420A 14.6768 D -0.016 14.661 1427.1 1427.6 +125 4 0.573 0.555 0.56 +0.01 
C1420B = 14.6145 D -0.015 14.600 1422.0 1422.5 +1.20 7% 0.568 0.572 0.57 +0.01 
C1410B 14.6190 D ~-0.016 14.603 1422.2 1422.7 +1.60 6% 0.626 0.590 0.61 +0.02 
C1395A = 14.3305 B +0.005 14.336 1399.9 1400.4 +1.40 8% 0.681 0.680 0.68 +0.01 
C1395 B* 14.2489 B +0.006 14.255 1393.2 1393.7 +2.45 3% 0.629 0.723 0.67*  +0.04* 
0.665 0.682 
0.67 0.65 
C1395C 14.4735 B +0.005 14.479 1411.8 1412.3 +1.40t 10 0.746 0.642 0.64 +0.01 
0.760+ 0.643 
C1370A = 14.1195 B +0.006 14.126 1382.3 1382.8 +1.40t 11 1.747 1.728 0.805 0.792 0.80 +0.01 
15763 1.733 0.804 
+0.006 14.114 1381.3 1381.8 +1.40t 10 0.784 0.778 0.78 +0.01 


14.1075 


C1370B 


1.04* +0.06* 


0.982 1.108 


+0.009 13.649 1342.6 1343.1 +0.60 16 


C1340A* 13.6400 


C1300A = 13.1300 -0.006 13.124 1298.8 1299.3 +1.45 3% 2.980 2.973 2.744 1.3304 1.280 1.29 +0.01 
3.000 2.967 2.756 1.386% 1.296 
C1300B = 13.1885 D -0.007. 13.182.) 1303.7 1304.2 7™ 2.879 2.928 2.936 1.393t 1.307 +0.01 
2.870 2.941 2.950 1.397 1.312 
C1280A = 12.9295 D 0.006 12.932 1282.9 1283.4 +1.6 10 2.845 2.623 1.344 1.338 1.34 +0.01 
12.9453 E -0.005 2.834 2.624 1.343 
C1280B :12.9090 D -0.006 12.903 1280.5 1281.0 +2.2 16% 2.907 3.12 1.400 1.436 1.42 +0.02 
2.973 2.91 
C1220A = 12.2348 B +0.015 12.250 1226.2 1226.7 +257 31 3.644 3.678 3.655 1.736 1.706 1.72 +0.02 
3.645 3.668 3.653 
C1220B = 12.2658 B +0.015 12.281 1228.7 1229.2 +2.0f 33 3.653 3.545 1.703 1.689 1.71 +0.02 
3.655 3.558 1.732 1.705 
C1215A = 12.1488 E +0.000 12.149 1217.8 1218.3 15 3.798 35752 3:685 1-757 1-743 1.75 +0.01 
3.778 3.76 3.685 1.750 1.757 
C1215B 12.1365 E +0.000 12.137 1216.8 +2.4 32% 3.476 3.728 3.528 1.745 1.746 175 +0.01 
3.502 3.733 3.508 1.750 1.745 
C1195B 11.8885 E +0.002 11.891 1196.3 1196.8 +1.6 40 3.850 3.750 1.872 1.852 1.86 +0.01 
3.860 3.748 1.872 1.858 
C1160B_ = 11.5459 E +0.004 11.549 1167.7 1168.2 +2.1 41 4.043 4.162 4.116 2.023 2.008 2.02 +0.01 


2.032 2.014 


*Determination not accepted because of large variation in analyses. 
t‘‘Observed temperature fluctuations’’ estimated. 
tSample not accepted. Assumed to contain some of the “‘liquidus portion’ of the couple. 


molybdenum, and silicon. Check analyses showed been reviewed, and revised in some regions. The 
less than 0.02 wt pct Al, less than 0.003 wt pct Mo, resulting diagram for both the stable iron-graphite 


and less than 0.006 wt pct Si. system and the metastable iron-cementite system 
is presented in Fig. 5. The reasons for the selec- 
RESULTS tion of various features are discussed below. 
those selected by Elliott and Gleiser’ based mainly 
successfully heat treated, sectioned and analyzed. on the recent work of Boulanger.?” 
Table The 5-Phase Region—The compositions at the 
peritectic horizontal, 6 + liquid = y, are those se- 
equation of the straight line through these data is: lected by Darken and Gurry'’ and Hansen!” based on 
t (°C) = 1528.4-177.9 x Wt Pct C [1] the work of Adcock.* However, Adcock’ did not es- 


tablish a reliable temperature scale for his results. 
Therefore, the temperature horizontal for the peri- 


THE IRON-CARBON TEMPERATURE-COMPOSI- t 
TION DIAGRAM tectic reaction was chosen as that which intersects 
the austenite solidus, determined by this investiga- 

In order to present the above determined solidus tion, Eq. [1], at 0.16 wt pct C, the composition for 


on a temperature-composition diagram, the entire y iron at the peritectic selected above. The bound- 
iron-carbon temperature-composition diagram has aries of the 5-phase region are based on the work of 
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Fig. 5—Temperature-composition diagram for the stable 
iron-graphite system and the metastable iron-cementite 
system. 


Adcock? corrected such that the temperature of the 


peritectic horizontal is 1499°C, Fig. 6. The correc- 


tion amounts to an increase of 3°C. 

The Solidus and Liquidus of the y Phase— The 
austenite solidus is according to Eq. [1| of this in- 
vestigation. The austenite liquidus is based on the 
work of Adcock® corrected such that the tempera- 


1600 
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Fig. 7—The solidus and liquidus of the y-phase region. The 
work of Adcock® has been corrected such that the tempera- 


ture of the peritectic horizontal is 1499°C. 
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Fig. 6—The 6-phase region. The work of Adcock® has been 
corrected such that the temperature of the peritectic hori- 


zontal is 1499°C. 


ture of the peritectic horizontal is 1499°C, and on 


the work of Ruer and Goerens,”® Fig. 7. It is drawn 
to terminate at the eutectic point established by the 
intersection of the graphite eutectic horizontal and 


the liquid-liquid plus graphite phase boundary. 
The Eutectic—The temperature of the eutectic 
horizontal for the stable iron-graphite system, 
liquid = y + graphite, is based on the work of Ruer 
and Goerens,*® Piwowarsky,’® Darken and Gurry,” 
and Kase.” The temperature of the eutectic hori- 
zontal for the metastable iron-cementite system, 


liquid = y + cementite, is based on the work of Ruer 
and Goerens,*® Piwowarsky, and Darken and Gurry.” 
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Fig. 8—High carbon boundary of the y-phase region. 
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Fig. 9—Iso-activity curves for iron and carbon in the liquid- 
and the y-phase regions of the stable iron-graphite system. 


Solubility of Graphite and Cementite in Liquid 
Iron— The solubility of graphite in liquid iron for the 
stable iron-graphite system, 


Wt Pct C = 1.30 + 2.57 x 107° ¢(°C) [2] 


is that selected by Neumann and Schenck™ based on 
their work and the work of Ruer and Biren,” 
Schichtel and Piwowarsky,~ Chipman, et al.,”° and 
Kitchener, Bockris, and Spratt.** The solubility of 
cementite in liquid iron of the metastable iron- 
cementite system is unknown. The curve shown in 
Fig. 5 and Fig. 7 only indicates its probable relative 
position. 

Solubility of Graphite and Cementite in Austenite— 
The curve marking the solubility of graphite in 
austenite for the stable iron-graphite system is 
based on the work of Wells,”” Gurry,” and Smith.” 
This curve is extrapolated to meet the graphite 
eutectic horizontal at the intersection of the above 
determined austenite solidus and the graphite eutec- 
tic horizontal, Fig. 8. The curve marking the solu- 
bility of cementite in austenite for the metastable 
iron-cementite system is based on the work of 
Smith.*° This curve is extrapolated to meet the ce- 
mentite eutectic horizontal at the intersection of the 
above determined austenite solidus and the cemen- 
tite eutectic horizontal. 

The Eutectoid— The eutectoid region of the dia- 
gram for the stable iron-graphite system, y = a + 
graphite, is that selected by Hansen.*° The eutectoid 
region of the diagram for the metastable iron-ce- 
mentite system, y = a + cementite, is also that 
selected by Hansen,’*° but it has been amended to in- 
clude the temperature of the cementite eutectoid 
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horizontal recently determined by Smith and Darken® 
and the solubility of cementite in austenite deter- 
mined by Smith.*° 


THERMODYNAMIC ANALYSIS 


Relocation of some of the phase boundaries of the 
iron-carbon temperature-composition diagram has 
changed, to some extent, the thermodynamic analy- 
sis of the liquid-and the 7-phase regions. Expres- 
sions for the activities* of carbon and of iron are 


*The concepts of activity, standard state, and reference state used 
in this analysis are those outlined by Glasstone.* 


summarized in the following paragraphs. In partic- 
ular, equations are given for the activity of carbon 
in the liquid-and the y-phase regions with respect 
to both the infinitely dilute solution and pure graph- 
ite, as referertce states. Also, equations are given 
for the activity of iron in these phase regions. 
Liquid- Phase Region— According to Rist and Chip- 
man,**the equation for the activity of carbon in the 
liquid-phase region with respect to the infinitely 
dilute solution as the reference state, such that 


at/Ne -las ni 0, is of the form: 

log (inf. dil.)] = log NA + a, (NA)? +d, 
with 

a1 = —4350/T (°K) {1 + 4 x 1074 [T (°K) -1770]} [4] 


and 


[3] 


[5] 


In this case the standard state of unit activity is a 
‘‘Hypothetical’’ standard state. The activity of car- 
bon in the liquid-phase region with respect to pure 
graphite as the reference state (and the standard 
state), such that ac = 1 for pure graphite and 
as NE 
log [ad (graphite )] = log + Q2 +12 


with 


I,= 


, is therefore, 


[6] 


Q2= (See Eq. [4]) [7] 


and 


Ip = log NY [8] 
The superscript ‘‘sat.’’? denotes the solution satu- 
rated with graphite. The solubility of graphite in 
liquid iron, presented by Neumann and Schenck,™ 
can be written 

0.0462 + 8.785 x107° T (°K) [2a] 
This equation is slightly different from that pre- 
sented by Chipman, et al.*° The difference, how- 
ever, is not of sufficient magnitude to affect the 
evaluation of Eq. [4] presented by Rist and Chip- 
man.** The activity of iron in the liquid-phase re- 
gion with respect to pure liquid iron as the refer- 
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ence state (and the standard state), such that 


ag / -1las 1, is obtained by application 


of the Gibbs-Duhem relation to Eq. [3]. The result- 
ing equation is 


log (at. (pure liquid iron)] = log ni + a3 (NE)? [9] 
with 


(See Eq. [4]) [10] 


y-Phase Region—According to the derivation 
given by Darken and Smith,“ the equation for the 
activity of carbon in the y-phase region, z. e. the in- 
terstitial of an interstitial solid solution, with re- 
spect to the infinitely dilute solution as the refer- 
ence state, such that -1as Ni is of 
the form: 


log [a’ (inf. dil. )] = log (NX/N},) + A/2.3(N2Z/Nz,) [11] 


In this case the standard state of unit activity is a 
‘‘Hypothetical’’ standard state. The activity of car- 
bon in the y-phase region with respect to pure 
graphite as the reference state (and the standard 
state) is chosen such that ac = 1 for pure graphite 
and at/NZ ~1/N2 as —N2’***, is therefore, 


log [at (graphite )] = log (NZ/N?.) + A/2.3 (NZ/N}, ) 


+13 [12] 
Below the eutectic horizontal 
I; = - log (inf. dil. )] [13] 
and above the eutectic horizontal 
Is = log (graphite )] 
log [ae’ (inf. dil. )] [14] 


The superscripts ‘‘sat.,’’ ‘‘solidus,’’ and ‘‘liquidus,’’ 
represent the solution saturated with graphite, and 
the solutions of solidus and liquidus composition, 
respectively. The activity of iron in the y-phase 
region with respect to pure y iron as the reference 
state (and the standard state), such that a;./ Ni. -1 
as Nre - 1, is obtained by application of the Gibbs- 
Duhem relation to Eq. [11]. The resulting equation is 


log (pure iron)] = - 0.435 (N2/N;,) 
A/4.6 )? [15] 


Smith” has determined the activity of carbon, at 
800° and 1000°C, using two methods, one involving 
equilibrium with mixtures of CO and COkz, and the 
other with mixtures of CH, and Hz. Darken and 
Gurry’* have chosen the factor A equal to 6.6 to 
represent Smith’s activity data, within experimental 
error, within the temperature range of the experi- 
ments, and in fact, have used this value at all tem- 
peratures where austenite is stable. It was found, 
however, that the activities for the y-phase region, 
extrapolated above 1000°C to the solidus, using _ 
Eq. [12], only agreed with the activities determined 
for the liquid-phase region if some temperature 
effect was included in factor A. Since the data are 
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not sufficiently accurate to allow an evaluation of 
this temperature effect, it must be emphasized that 
the use of Eqs. [11], [12], and [15] with the factor A 
equal to 6.6 is limited to the temperature range of 
800° to 1000°C. 

Iso-activity curves for carbon in the liquid-and 
the y-phase regions and for iron in the liquid-phase 
region, computed using the above equations, are 
presented in Fig. 9. For carbon the standard state 
is pure graphite. For iron, the standard state is 
pure liquid iron or pure vy iron, as is appropriate. 
Each iso-activity curve for carbon in the y-phase 
region has been extrapolated above 1000°C to meet 
the solidus at an activity equal to the activity cal- 
culated for the liquidus at the same temperature. 
These curves are consistent with the heat of solu- 
tion of graphite in austenite of 10,100 cal. The iso- 
activity curves for iron in the y-phase region pre- 
sented in Fig. 9 have been obtained by application 
of the Gibbs-Duhem relation to the activity of car- 
bon based on the above extrapolated iso-activity 
curves. 


SUMMARY 


The austenite solidus of the iron-carbon system 
was found to be a straight line: 


t (°C) = 1528.4-—177.9 x Wt Pet C 


The entire iron-carbon temperature-composition 
diagram has also been reviewed. A tabular sum- 
mary of the resulting temperature-composition dia- 
gram for both the stable iron-graphite system and 
the metastable iron-cementite system is presented 
in Table V. 
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Fluid Flow Control During Solidification Part | 


Magnetic Stirring in the Plane of the Solid-Liquid Interface 


The solute distribution ahead of an advancing solid-liquid 
interface is controlled by varying the momentum boundary 
layer thickness in the liquid adjacent to the interface. Single 
pass zone-melting experiments on Pb-Sn alloys are described 
in which the liquid is caused to rotate in the plane of the solid- 


liquid interface due to the influence of a magnetic field rotating 


W. C. Johnston 


in this plane. The variation of the diffusion boundary layer 


thickness with field strength is determined. 


Durie the freezing of an alloy a partitioning of 
solute occurs at the solid-liquid interface, the mag- 
nitude depending upon the difference in the solid and 
liquid solubilities at the interface temperature. Be- 
cause the diffusion coefficient is so small in the li- 
quid relative to normal freezing rates, either a 
pileup or a depletion of solute occurs at the inter- 
face when the partition coefficient, Ro, is either less 
than or greater than unity, respectively. This solute 
distribution is completely characterized by i) the 
solute concentration in the liquid far from the inter- 
face, C,,, ii) the ratio of freezing velocity /, to dif- 
fusion coefficient, D, iii) the partition coefficient, 
ko, and iv) the thickness of the diffusion boundary 
layer, 6,, at the interface (this assumes that an 
electric field is not applied across the interface). 

For a particular system, C,,, Ro and D are fixed 
so that the character of the solute distribution can 
be changed only by a variation of either f or 6,. 
As is well known, the freezing velocity can be 
changed by varying the thermal environment of the 
alloy. Whereas, the thickness of the solute rich 
layer can be changed by varying the fluid flow con- 
ditions in the liquid. It is the purpose of this paper 
to describe a technique for controlling the fluid flow 
conditions in the liquid. 

During most solidification experiments the driving 
force for fluid flow arises from either mechanical 
mixing, thermal convection or electromagnetic 
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mixing. The momentum boundary layer thickness, 
5, at the solid-liquid interface, within which neg- 
ligible movement of the liquid occurs, has been cal- 
culated for the special case of mechanical mixing 
where crystals are solidified by the Czochralski 
technique.’’* The calculation of 6,, for the case of 
thermal convection has also been made.* In some 
calculations it has been assumed that the momentum 
boundary layer thickness, 6,,, may be equated to 
the thickness of the diffusion boundary layer -6,, at 
the interface. However, as may be seen from Ap- 
pendix I thisis only true in very special cases and in 
general 6,, = a6,, where a is a constant of magni- 
tude determined by the particular liquid alloy. 

Neither calculations nor experimental data exist 
for the dependence of 6,, upon electromagnetic 
mixing. In this paper experiments are described in 
which the liquid is caused to rotate in the plane of 
the interface due to the torque developed on it by a 
magnetic field, H, rotating in this plane. The varia- 
tion of 6,, is controlled by the variation of H. A 
magnetic field rotating in a plane perpendicular to 
the interface has been used for the purification of 
aluminum. * 

Experimentally, we determined the variation of 
5. with H by using the zone-melting technique of 
Pfann’ and a theoretical relationship of Burton 
et al.* Pfann*® has shown that, after the passage of 
one molten zone through a long cylindrical charge of 
uniform concentration, Co, the solute distribution, 
C,, in the solid is as shown in Fig. 1. The equation 
describing this distribution is 


C,/Co= [1] 


where x is the distance from the beginning of the 
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Fig. 1—Solute distribution after passage of one molten zone 
through a charge of initial concentration Cp. 


charge, / is the length of the molten zone and k is 
the effective partition coefficient defined as the con- 
centration of the solid at the advancing interface to 
the concentration, C,,, of the liquid far from the in- 
terface (see Fig. 2). Burton et al.* derived a rela- 
tionship between & and ky as follows 


k = ko/[Ro+ (1—ko)e [2] 


Thus, by performing the single pass zone-melting 
experiment under various stirring fields, H, and 
using Eq. [1], one can determine & as a function of 
H. From Eq. [2] one can also determine 6,/D as a 
function of H by plotting In(1/k - 1) against f since 
the relationship should be linear with slope (6,/D). 
The primary purpose of this paper is to report 
5,/D vs H for a Pb + 10 wt pct Sn alloy where the 
field is rotating about the specimen axis at 400 cps. 


EXPERIMENT 


Apparatus— The charge, a Pb + 10 wt pct Sn alloy 
18 in. in length, was placed in an open-topped graph- 
ite boat and placed in a 30-mm diam 5-ft long Vycor 
tube which was mounted horizontally on rollers. 
The tube was closed at each end by brass caps 
sealed to the glass with wax. Both caps contained a 
stainless steel needle valve through which the sys- 
tem was evacuated or flushed with gas. A long 
Nichrome ribbon heater was wound directly on the 
tube to provide a constant ambient temperature 
along the length of the graphite boat. Around the 
ambient heater was a 50-mm diam 3-ft long Vycor 
tube to serve as a transparent insulation for the 
heater and reduce erratic convective losses. 
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Fig. 2—Solute distribution adjacent to the solid-liquid in- 
terface for a partially mixed liquid. 


A zone of liquid was melted by a small Nichrome 
heater enclosed in a transite ring which slips over 
the insulating tube. The zone was caused to move 
down the length of the charge by moving the inner 
tube on its rollers through the insulating tube and 
ring heater. The magnetic field was applied to the 
molten zone in the region of the freezing interface 
by crossed magnetic yokes, one of which produced 
a magnetic field in a horizontal plane perpendicular 
to the axis of the boat, the other produced a mag- 
netic field in a vertical plane perpendicular to the 
axis of the boat. This apparatus is illustrated in 
Fig. 3. 

The magnetic yokes were made from Hipersil 
(silicon steel) laminations 14 mils thick and were 
wound with No. 18 insulated Cu wire. The power for 
the magnetic stirring was supplied by a 400 cps, 
3-phase generator. To produce a rotating magnetic 
field from a 3-@ generator it is necessary to have a 
minimum of six poles or three field coils; however, 
because of the limited space available it was decided 
that a 2-9 system with field coils wound on the lam- 
inated yokes should be used. 

The relationship between the currents in the two 
yokes may be determined from the impedances of 
each phase shown in Fig. 4, and the fact that power 
is fed from only one phase of the 3-@ generator. In 


Fig. 3— Zone refiner with magnetic 
stirring. 
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Fig. 4, Ri, R2, X_, and X; 2 represent the resistive 
and inductive loads of each of the coils 1 and 2, re- 
spectively. The series capacitive loads and 
may be adjusted so that for coil 1 the impedance Z, 
lags the voltage by 45 deg while for coil 2 the imped- 
ance Z2 leads the voltage by 45 deg. It is thus seen, 
Fig. 4(c) that the two loads placed in parallel repre- 
sent a resistive load on the generator. 

The load is matched to the line voltage with an 
autotransformer as shown in Fig. 5. By adjusting 
the setting on the transformer the field intensity of 
both phases may be varied simultaneously. The 
phase relationship may be observed on an oscillo- 
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Fig. 6—Field strength, H, as a function of rms stirring 
current, I. 
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Fig. 5— Phase splitting and monitoring circuits for mag- SS 
netic stirring. 


scope by monitoring the voltage on the field coils ee, 
through the voltage divider D,, and 90 deg phase shift ae : 
divider D2, The pattern on the oscilloscope is a eee 
straight line when Z, and Z2 are 90 deg out of phase 

and opens out into an ellipse when this phase angle 

is not satisfied. 


Procedure and Data—In order to determine 
whether Eq. [2] was satisfied it was necessary to 
undertake a number of runs at constant field strength 
with different freezing velocities. When we were 
satisfied that the plot of In(1/k-1) vs f was linear 
it was possible to make a number of runs at constant 
freezing velocity with different field strengths to 
determine the dependence of 5,/D upon H. 

The intensity of the magnetic field, H,7.¢., the 
value of the rotating vector, as a function of the field 
current, J, was measured with a flux meter. Ata 
current of 5 amps (rms), the value of H was calcu- 
lated to be 267 oersteds between the pole pieces if 
no field spreading occurs. However, the measured 
H was 166 oersteds indicating that some field 
spreading occurred as the magnetic lines crossed 
the air gap. The field intensity was measured at 
several values of field current yielding a linear 
relationship as shown in Fig. 6. These field strength 
measurements were made with a large search coil 
and also with a small one so that it may be con- 
cluded that the field was reasonably uniform. 8 

In all, eleven runs were made using Pb + 10 wt <a PE 
pet Sn alloy. The conditions and procedure of each ae ae 
run were the same except that either the growth Sea: eee 
rate or the magnetic field intensity was changed. prs, 
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Fig. 7—Typical zone-melting run with magnetic stirring. 
Plot of Cs/Cy vs 
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Table |. Partition Coefficient Data for Various Stirring Field Strength 


Growth Stirring Rotating Distribution 


Rate Current Field Vector Coefficient 1 
Run f I, H k 

p/sec amps, rms_ Oersteds 
Il 4.31 5 227 0.65 0.54 
Ill 2.17 5 227 0.60 0.67 
IV 1.09 5 227 0.57 0.75 
Vv 2,27 0 0 0.80 0.25 
Vi 10.6 5 227 0.80 0.25 
VII 3.17 0 0 0.88 0.14 
VIII 11.2 7 318 0.59 0.70 
Ix 21.5 7 318 0.63 0.59 
xX 72.0 7 318 0.78 0.28 
xI 11.3 6 273 0.70 0.43 
XII 11.0 4 182 0.89 0.13 


The Pb-Sn alloy was cast into a graphite boat which 
was inserted into the inner tube. The end caps were 
waxed to the tube and the system evacuated. The 
tube was heated under vacuum to an ambient tem- 
perature of 250°C. After outgassing for 1 hr, argon 
was admitted to the tube and the valves closed. The 
zone heater power and the 400-cycle power were 
then adjusted to produce the desired zone length and 
field strength. When thermal equilibrium was es- 
tablished with a stable zone length of 1 1/2 in. the 
sealed tube was pulled through the heater zone on 
its roller at velocity /. In general, the zone was not 
passed down the entire sample length, but only so 
far as was necessary for a steady state zone con- 
centration to be reached. Depending upon the mag- 
nitude of k, it may take 5 to 10 zone lengths for 
C,/Co to reach unity. 
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Fig. 9—Plot of 6,/D vs H?., 
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Fig. 8—Plot of ln (1/k-—1) vsf for different stirring fields, 
H. 


After a single pass had been made on a charge the 
bar was cut into 5/8-in. samples and the concentra- 
tion of each piece determined by a simple thermal 
analysis technique. Each piece was melted individ- 
ually in a Pyrex crucible and its equilibrium freez- 
ing temperature determined by the cooling arrest 
technique. Using an accurate liquidus surface,° the 
concentration of these pieces was readily deter- 
mined from the freezing point determinations. 

The effective partition coefficient, k, was deter- 
mined for each run by fitting the measured C,/Co 
vs x/l curves to the calculated curves of Pfann°® 
from Eq. [1]. Since ko ~ 0.55 it was relatively easy 
to calculate curves for 0.55 =k = 0.95 in steps of 
0.05 and interpolate for the best fit. A representa- 
tive set of data is shown in Fig. 7 from which k was 
evaluated as 0.6. The experimental points are high 
at small values of x/l because of transient thermal 
conditions arising as the first part of the sample 
freezes. This part of the sample freezes too fast 
due to supercooling of the first zone of the charge. 
It can be eliminated by leaving the first part of the 
charge solid so that the first zone is surrounded by 
solid and no supercooling can occur. This has been 
effective in normal freeze experiments.’ 

Table I presents the & values determined from the 
various runs. This data is plotted in Fig. 8 as 
In(1/k — 1) vs f for several values of field current, I, 
since Eq. [2] can be rearranged to yield 


In(1/k 1) = In(1/ko- 1) f (8,/D). [3] 


It may be seen from Fig. 8 that a family of straight 
lines, each for a particular field H, converge at the 
intercept where f = 0. From the intercept it was 
found that ko = 0.55. The slope of each line gives 
the value of (5,/D) for that particular value of H. In 
Fig. 9 a plot of In(5,/D) vs H’ yields a linear rela- 
tionship; thus, the following holds: 


= Ge). e-~mH* [4] 
where (5,/D)o = 7300 sec per cm and m = 3.52 x107° 
1/(oersted)*. 

The temperature distribution along the axis of the 
molten zone was also measured both with and with- 
out stirring to determine the effect that this type of 
liquid motion would have on the temperature profile. 
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A fine thermocouple was enclosed in a porcelain 
sheath and embedded in the charge. As the molten 
zone moved past the thermocouple the temperature 
profile along the zone was recorded. The results of 
the temperature traverse are shown in Fig. 10. 
This is typical for all speeds of zone travel used. 
It is seen that the stirring at H = 227 oersted has 
increased the zone length by 0.25 in, decreased the 
peak temperature by 0.5°C and decreased the tem- 
perature gradient at the freezing interface from 
1.61°C per cm to 1.12°C per cm. 

The data presented in Fig. 9 are quite interesting. 
The intercept (5,/D)o = 7300 sec per cm represents 
the value of the function for a perfectly quiescent 
melt. The measured value of 5450 sec per cm is 
about 25 pct lower and is probably due to thermal 
convective mixing. 

The minimum momentum boundary layer thick- 
ness for these experiments is estimated to be about 
4x 107% cm by using the Cochran analysis® which 
gives 6,,= (v/w)'’? where v is the kinematic vis- 
cosity of the alloy and w is the angular velocity of 
liquid rotation. The magnitude of w was estimated 
by rotating a melt in a vertical tube and observing 
the profile of the free surface. The Reynolds num- 
ber Re, is given as Re = a‘/(6,,)° ° where a is the 
radius of the crystal in our analogy. Thus Re ~ 2 
x 10*, whereas the critical value of Re for turbulent 
flow is Re = 10°-5 x 10°.%° We may therefore con- 
clude that only laminar fluid flow occured in the 
present experiments. 

Finally, since the torque, 7, applied to the liquid 
is proportional to H*, we see that the value of 5, is 
exponentially dependent upon 7, 


Since the torque also depends linearly on the fre- 
quency we might expect that this data could be ex- 
trapolated to magnetic fields of other frequencies. 


CONC LUSIONS 


A device for effectively stirring a molten zone by 
magnetic means has been developed. The experi- 
mental data supports the theoretical relationship 
between k, and k predicted by Burton ef al.* Finally, 
the thickness of the diffusion boundary layer, 6,, at 
the freezing interface was determined to be expo- 
nentially dependent upon the square of the magnetic 
field strength, H*, for a 400 cps field rotating in the 
plane of the interface. We may infer further than 6, 
depends exponentially upon the torque applied to the 
liquid. 

In spite of the fact that the solid in the experiments 
appeared to be polycrystalline due to grains nucleat- 
ing in the liquid during the interface advance, the 
results indicate that negligible solute trapping oc- 
curred at grain or dendrite boundaries. 


APPENDIX I 


In considering problems involving mass and heat 
transfer it is necessary to distinguish the difference 
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Fig. 10—Temperature profiles throughout a molten zone for 
I, = 0 and J, = 5 amps. 


between the momentum boundary layer 6,,, the dif- 
fusion boundary layer, 5,, and the thermal boundary 
layer, 5s. The complete set of boundary layer equa- 
tions which describe the combined momentum, mass, 
and energy transport in a two-dimensional, steady 
laminar boundary layer are given by Eckert and 
Drake.’° These equations are difficult to solve and 
will be simplified by the assumption that the fluid 
properties are constant, the fluid velocities are 
small (compared to the velocity of sound) and the 
velocity outside the boundary layer is constant. The 
system of equations is then simplified. The equation 
of continuity is 
ou ov 
ax + ay = 0 [a] 
where u and v are the velocity components in the x 
and y directions. The momentum equation is 

2 
pu + py [b] 
where p is the density and yp the dynamic viscosity 
of the fluid. The diffusion equation is written 


fe] 


where w is the mass diffusing away from the wall. 
The energy equation is 


ot ot o+ 
d 
us aye [d] 


where ¢ is the temperature and a the thermal dif- 
fusivity. 

As can be seen, the three differential equations 
are similar and the solution of the equations are 
also similar except for the Schmidt number Sc = 
v/D which appears in the solution of the diffusion 
equation and the Prandtl number Pr = v/a which 
appears in the solution of the energy equation. The 
value of Pr for lead at the conditions of this ex- 
periment is 0.024 which means that the thermal 
boundary layer is much thicker than the momentum 
boundary layer. 

For the diffusion boundary layer the value of the 
Schmidt number, Sc = 50, is the controlling parame- 
ter. A Schmidt number greater than one means that 
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The Effect of Orientation on the Recrystallization 


Kinetics of Cold-Rolled Single Crystals 


Single crystals of copper and silicon-iron were cold rolled 
in orientations chosen to produce individually the major com- 
ponents of the polycrystalline deformation texture. The orien- 
tation dependence of the recrystallization kinetics was studied 


the deformation of aggregates. 


Brick and Williamson’ first noted evidence that the 
recrystallization temperature was different for 
straight-rolled and cross-rolled copper given com- 
parable reductions. Michalak and Hibbard’ inves- 
tigated quantitatively the effect of rolling procedure 
on the kinetics of recrystallization of cold-rolled 
copper and found that material cold-rolled the same 
amount by straight-pass, cross-pass, and compres- 
sion-pass techniques developed different deforma- 
tion and recrystallization textures, different 1-hr 
recrystallization temperatures, and different re- 
crystallization kinetics. However, the temperature 
dependence of the rate of recrystallization was es- 
sentially the same for all techniques. Similar re- 
sults were obtained on iron.*” 

Dunn and Koh’ in studying the recrystallization 
textures of cold-rolled silicon-iron single crystals 
reported large differences in the annealing tem- 
peratures and times required to recrystallize spec- 
imens of different orientations cold-rolled the same 
amount. Liu* and Liu and Hibbard’ utilized the con- 
cept of different recrystallization temperatures for 
different orientations of cold-rolled crystals to 
rationalize the difference in recrystallization tex- 
tures found in various face-centered-cubic metals. 
Their explanation predicted a significant difference 
in the recrystallization kinetics of deformed (110) 
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relative to the primary recrystallization textures of these 
specimens. It is not possible to rationalize the polycrystalline 
recrystallized textures on this basis. The results suggest an 
important role of the interaction of adjacent crystals during 


W.R. Hibbard Jr. 
W. R. Tully 


[112] crystals as compared to (358) [352] crystals, 
and, in fact, Liu* reported evidence that this differ- 
ence existed at least qualitatively. Verbraak® who 
rolled and recrystallized a series of copper single 
crystals found that the double (112) [111] rolled 
orientation is related to recrystallized cube texture 
formation. The effect of rolling intensity on the 
relative amount of cube component suggests an im- 
portant role of recrystallization kinetics. 

Walter and Hibbard’ while trying to relate the 
behavior of rolled and recrystallized single crys- 
tals of silicon-iron to the behavior of polycrystal- 
line silicon-iron again noted that differences in re- 
crystallization kinetics were necessary to ration- 
alize their results. 

The purpose of the present investigation was to 
obtain quantitative kinetic data on the recrystalliza- 
tion of single crystals of both copper and silicon- 
iron rolled to initial isolated individual orientations 
corresponding to those found in the polycrystalline 
deformation textures. These data might indicate 
the importance of the deformation orientation, z.e. 
the range of available nuclei, the deformed matrix 
orientation into which these nuclei grow, and the 
orientation dependence of their growth rate during 
primary recrystallization on this texture. 


I, COPPER 


Experimental Procedure—A single crystal of 
99.98 pct purity copper, grown by the Bridgman 
technique, was purchased in the form of a bar 1 1/2 
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Fig. 1—(110) [112] specimen as rolled showing copper 
oxide. Unetched. 100X. Reduced approximately 43 pct for 
reproduction. 


in. in diam and 6 in. long. The as-grown crystal 
contained an impurity network which appeared to 
consist primarily of CuzO based on observations 
under polarized light.® 

The crystal was oriented by standard back-re- 
flection Laue X-ray methods and specimens near 
the (358) [523], (112) [111], (110) [112] and (321) 
[214] orientations removed for rolling. Additional 
light grinding was required to achieve the desired 
orientations within +2 deg. The specimens were 
heavily etched to remove the traces of cold work 
present. The final size of the samples prior to 
rolling was 7/8 by 7/8 by 0.525 in. thick. Ninety five 
pet reduction in thickness to the final 0.026-in sheet 
was made with the direction of rolling kept constant 
throughout. 

Specimens for X-ray determination of the as- 
rolled texture were removed from each strip and 
etched to approximately 0.002-in. foil in a solution 
composed of 55 pct phosphoric acid, 25 pct methyl 
alcohol and 20 pct nitric acid. Specimens for an- 
nealing were cut from the rolled sheets and all sur- 
faces lightly etched. Samples were stored below 
room temperature after rolling to avoid recovery. 
Each specimen was individually wrapped in copper 
foil and the anneals carried out in a molten salt 
bath controlled to +3°C. 

Metallographic specimens were mounted in the 
conventional manner and finished with an electro- 
lytic polish on a Disa Electropol and a potassium 
dichromate etch. Final maximum contrast was 
achieved with a ferric chloride stain. The struc- 
ture was examined in a plane normal to both the 
rolled surface and the rolling direction. 

The fraction of the structure recrystallized was 
determined from a lineal analysis of the photomi- 
crographs at X250 and X500 by means of a trans- 
parent grid. 

Deformation and recrystallization textures were 
obtained from an automatic Geiger counter X-ray 
spectrogoniometer. 


RESULTS AND DISCUSSION 


Structure of the Cold-Rolled Specimens—Fig. 1 
shows the dispersion of the impurity network, de- 
scribed above, after 95 pct cold reduction. It should 
be noted that the concentration and dispersion of the 
network varied with the four different specimens 
due, no doubt, to the orientation of the network rela- 
tive to the axis of the crystal. The effect of this 
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Fig. 2—(111) pole figure of (112) [111] copper specimen 
cold rolled 95 pct reduction in thickness. 


network on the rate of recrystallization will be dis- 
cussed later. 

The as-rolled textures were sharp as anticipated. 
The (110) [112] orientation remained essentially in- 
tact during deformation as previously reported.° 
The deformation texture of the (358) [523] specimen 
was in good agreement with that found by Liu* and 
Verbraak.° After similar deformation the (321) [214] 
and (112) [111] orientations also remained sharp. 
The latter, Fig. 2, differed from previous results® 
where a “twinned”? orientation was reported. 

Structure of the Annealed Specimens—The varia- 
tions in microstructure observed during recrystal- 
lization are shown by the photomicrographs of Fig. 3. 
The (358) [523]-type specimen, Fig. 3(a), appeared 
to recrystallize locally along deformation bands, 
many of which formed angles of 15 to 30 deg with 


the rolling plane. In specimens of the (110) [112] ious a A 
orientation, Fig. 3(b), two types of worked matrix Bee. oe 
were observed. The outer 25 to 30 pct of each spec- oe 


imen, adjacent to the rolled surfaces, developed a 
more heavily worked structure where recrystalliza- 
tion occurred along deformation bands. The center 
portion of the sample was generally free of this 
effect and during the early stages of recrystalliza- 
tion contained only a few randomly dispersed new 
grains. These isolated grains, however, grew to a 
large size during the fine grained recrystallization 
of the surface regions. Generally, the two regions 
remained well delineated throughout the annealing 
sequence. In specimens having the (321) [214], Fig. £ oer 
3(c), and (112) [111], Fig. 3(d), starting orientations eee i 
primary grains usually appeared first along defor- Se ee 
mation bands parallel to the rolling planes. 
The recrystallization textures of the four samples 
were determined on specimens before extensive 
grain growth commenced. These textures cannot be 
analyzed by the simple rotations previously reported 
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Fig. 3— 
X250. Reduced approximately 23 pct for reproduction. 


for recrystallized material.*~° It is possible that this 
difference is the result of observation at the comple- 
tion of recrystallization and before extensive grain 
growth. Fig. 4 from (110) [112] material recrystal- 
lized 9 min at 300°C can be considered intermediate 
between Figs. 3 and 4 of Ref. 5. Fig. 5 from (358) 
[523] material recrystallized 24 min at 325°C is in- 
termediate between Figs. 2 and 8 of Ref. 4. Another 
possibility is the role of the copper oxide particles 
as a site of heterogeneous nucleation. Such effects 
are discussed by Burke and Turnbull® and were 
measured by Martin.” In general, the textures are 
surprisingly random in character, particularly for 
(112) [111] and (321) [214] specimens (not shown). 
Effect of Growth—Recrystallized specimens were 
annealed further for 1 hr at 600°C (a popular tem- 
perature in previous recrystallization studies*~°). 
Considerable sharpening of the textures occurred 


a- (110) [112] 
A— 18° CW ROTATION OF (110) [112] 


NEAR (103) [010] 


Fig. 4—(111) pole figure of (110) [112] copper specimen 
cold rolled 95 pct and recrystallized 5 min at 320°C. 
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leading to pole figures shown typically in Figs. 6 and 
7. The results are qualitatively similar to those 
previously reported for this temperature except that 
no simple cube or ‘‘off-cube’’ texture was found. 
Cook and Richards’® and Yen™ have both studied the 
textures appearing in recrystallized copper which 
has not had sufficient rolling to develop the cube 
texture. Cook and Richards” describe these com- 
ponents as random or (110) [112] or combinations 
thereof with the cube component. Yen” includes also 
(112) [111] and (124) [533] components. The non- 
cubic components produce pole figures similar to 
the deformation textures. 

Our results may be rationalized on the basis that 
there was too little deformation to produce the 
cubic texture, although the amount would have been 
sufficient in a polycrystalline aggregate. As a result 
a nearly random orientation was produced after 
simple recrystallization. The results after extended 
growth 7.e. no simple cube or off cube texture, sug- 
gest that the simple deformation of individual crys- 


Fig. 5—(111) pole figure of (358) [523] copper specimen 
cold rolled 95 pet and recrystallized 9 min at 320°C. 
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ropper specimens, (a) (358) [523] after 30 sec 
a ) [214] after 60 sec at 300°C. (d) (112) [111] after 30 sec at 300°C. 
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¢ NEAR (103) [010] 
Fig. 6—Same as Fig. 4 plus 5 min at 600°C. 
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tals did not produce any stable cube oriented ma- 
terial. Such material may be considered as occur- 
ring only after complex deformation resulting from 
the interaction of the individual grains in a poly- 
crystalline aggregate. 

Kinetics of Recrystallization—Figs. 8 to 10 are 
plots of the fraction recrystallized as a function of 
time in minutes for the four orientations at temper- 
atures of 283°, 300°, and 320°C. The erratic behav- 
ior of the (110) [112] orientation, described above, 
obviated any reliable analysis of the fraction recrys- 
tallized with increasing time. The (110) [112] rate 
curves are, therefore, very general approximations. 

In general, one can deduce that the (112) [111] 
crystal recrystallizes fastest, the (358) [523] some- 
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Fig. 8—Isothermal recrystallization curves for copper at 
283°C. 
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Fig. 7—Same as Fig. 5 plus 5 min at 600°C. 


what slower and the (110) [112] slowest. The first 
two contain a weak ‘‘off cubic’’ component, but if 
they form a sharp cube texture as proposed by Liu,* 
this texture must occur by an oriented growth pro- 
cess subsequent to recrystallization or the entire 
process at higher temperatures is different. Grain 
growth occurring at 600°C did not produce this 
orientation although it did cause the ‘‘off-cubic”’ 
component to intensity. 

The temperature dependence of the reciprocal of 
the time for 50 pct recrystallization was plotted. 
These plots suggested an activation energy for re- 
crystallization of about 27,400 to 33,200 cal per 
mol for these specimens, independent of orientation. 
This value is consistent with previous values of 
29,900,” 36,600,” 20,000 to 63,500 cal per mol de- 


300°C 
(358) [523] 
o (12) 
© (321) [142] 


> 


PERCENT RECRYSTALLIZATION 


o 


0 A] 1.0 10 100 


TIME (MINUTES) 


Fig. 9—Isothermal recrystallization curves for copper at 
300°C. 
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Fig. 10—Isothermal recrystallization curves for copper at 
320°C. 


pending on purity’ and is somewhat lower than 

54,200" cal per mol previously reported. 
Unfortunately, it was not possible to test Ver- 

braak’s® model of untwinning a (112) [111] twin tex- 


PS 


Fig. 11— Photomicrographs of completely recrystallized 
silicon-iron specimens. Electrolytic etch. (a) (110) [001] 
specimen after 70 seconds at 700°C. X250. (8) (111) [112] 
specimen after 1000 seconds at 600°C. X250. (c) (100) 

[001] specimen after 500 seconds at 700°C. X250. (d) (100) 
[011] specimen after 3 hours at 600°C. X500. 
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ture to form the cube texture. Unlike Barrett and 
Steadman’ our rolled (112) [111] specimen did not 
form a ‘‘twin’’ texture. The difference might be due 
to the fact that this specimen was imbedded in a 
polycrystalline copper block, or that ours was rolled 
only in one direction, or most probably because 95 
pet reduction in thickness is not enough (99 pct re- 
quired) to develop the cube texture in a single crys- 
tal. 


II. 3 1/4 PCT SILICON-IRON 


Experimental Procedure—Single crystals of 3 1/4 
pet Si-Fe were oriented and grown by a strain-an- 
neal process™ to obtain rolling samples having the 
(100) [001], (100) [011], (110) [001] and (111) [112] 
orientations within +2 deg. 

Prior to cold rolling, the surfaces of the 0.040-in. 
thick crystals were polished with fine emery paper 
and lightly etched with an aqueous solution of hydro- 
fluoric and nitric acid. Samples were reduced 80 pct 
to 0.008 in. in approximately 10 passes without re- 
versing the direction of rolling. 

Annealing specimens 3/8 by 1/2 in. were removed 
from the rolled strips by shearing and an 0.040-in 
diam hole drilled in one corner. The specimens 
were again lightly etched in the above solution and 
suspended from 0.030-in.-diam Nichrome wire for 
annealing. 

The anneals were carried out at temperatures of 
600° and 700°C in a bath of molten salt electrically 
controlled to + 3°C. Additional temperature meas- 
urements were made prior to and during each anneal 
with a separate potentiometer. 

Metallographic specimens were mounted in the 
conventional manner and mechanically polished 
through 3y abrasive. This procedure was followed 
by an electrolytic polish and etch with Morris’ elec- 


Fig. 12—100 pole figure of (110) [001] silicon-iron specimen 
cold rolled 80 pct, annealed 60 seconds at 700°C. 
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Fig. 13—(100) pole figure of (100) [011] silicon-iron speci- 
men, cold rolled 80 pct, annealed 1000 seconds at 700°C. 


trolyte. The structure was examined in a plane nor- 
mal to both the rolled surface and the rolling direc- 
tion. The fraction of the structure recrystallized 
was determined by a lineal analysis of the photo- 
micrographs at X250 by means of a transparent grid. 

The deformation and recrystallization textures 
were obtained from an automatic Geiger counter 
X-rays spectrogoniometer analysis of 1 in. square 
specimens etched to 0.002-in. thick foil. 


RESULTS AND DISCUSSION 


Structure of the Cold-Rolled Specimens—Metal- 
lographic examination of the as-rolled sheet was 
limited to one sample from each of the four rolled 
strips. Slip lines were observed at an angle of ap- 
proximately 15 deg to the rolling plane in the (100) 
[001] specimen but were not well defined. The struc- 
tures of the other three orientations were similar. 

The rolling textures were very sharp as antici- 
pated. During deformation the orientations of the 
(100) [001] and (110) [001] crystals rotated to de- 
velop deformation textures similar to those previ- 
ously reported in the literature.**’ The (111) [112] 
and (100) [011] crystals were essentially stable end 
orientations. 

Structure of the Annealed Specimens—During an- 
nealing recrystallized grains did not appear in a 
random fashion throughout the strained material but 
tended to be localized at deformation bands. These 
bands were parallel to the rolled surface in the (110) 
[001] and (111) [112] specimens but in the (100) [001] 
Sample the bands maintained an angle of approxi- 
mately 15 deg with the rolled surface and were 
fewer in number. 

In the (110) [001] and (111) [112] samples the grain 
size remained fairly constant throughout the anneal- 
ing period reaching an average diameter of 0.04 mm 
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Fig. 14—Isothermal recrystallization curves for silicon- 
iron at 600°C. 


in the completely recrystallized specimens. The 
grain size of the (100) [001] samples, on the other 
hand, ranged from an initial diameter of 0.01 to 0.02 
mm to an average final diameter of 0.1 mm. This 
increase in grain size occurred rather abruptly 
after the initial grains along the bands had attained 
a diameter of 0.02 to 0.05 mm. At this point certain 
of the grains were observed to grow in a direction 
roughly normal to the rolled surface. This growth 
was associated with simultaneous growth of previ- 
ously unobserved surface grains toward the center 


of the specimen. Fig. 11 shows the microstructures 
after recrystallization. Only a few strain-free 
grains were observed in the heavily polygonized 
matrix of the annealed (100) [011] specimens after 
the times and temperatures employed. 

Typical recrystallization textures obtained are 
shown in Figs. 12 and 13. The (110) [001] and (111) 
[112] crystals recrystallized to the (110) [001] tex- 
ture although the latter still possess some traces of 
the deformation component. The (100) [001] speci- 
men still retained predominantly the rolled texture 
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Fig. 15—Isothermal recrystallization curves for silicon- 
iron at 700°C. 
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Fig. 16—Composite of (111) deformation textures for sin- 
gle crystals and polycrystalline (dashed) dopper. 


with only a small amount of material lagging toward 
the initial orientation. The (100) [011] is a stable 
orientation during recrystallization. 

These textures are similar in type but differ 
somewhat in detail from those previously reported.*”” 
-However, as was the case with the copper single 
crystals, the annealing period was just long enough 
to affect complete recrystallization without causing 
primary growth (see Fig. 11). Consequently, there 
appears to be a measurable amount of the deforma- 
tion component retained in some cases probably as 
a result of polygonization. 

Kinetics of Recrystallization—Data showing the 
isothermal rate of recrystallization for the four 
orientations are shown graphically in Figs. 14 and 
15. The incubation period prior to the start of re- 
crystallization is shortest for the (111) [112] at both 
temperatures. The shapes of the curves are essen- 
tially similar. The temperature dependence of the 
reciprocal of the time for 50 pct recrystaLllization 
was plotted. The data suggest an activation energy 
of 47,000 to 50,000 cal per mol. These values are 
somewhat lower than the previously reported value 
of 69,000 to 73,000** for polycrystalline silicon iron 
and 92,000°° or 75,000*” for polycrystalline iron. 

The single crystal activation energies are inde- 
pendent of orientation. The order of speed of re- 
crystallization is (111) [112], and (110) [001], and 
(100) [001]. (100) [011] did not recrystallize but 
polygonized. 


III. GENERAL DISCUSSION AND SUMMARY 


Figs. 16 and 17 summarize the deformation and 
recrystallization textures obtained from all the 
single crystals of copper superimposed on the re- 
spective polycrystalline textures. Figs. 18 and 19 
are similar plots for silicon-iron. The deformation 
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Fig. 17—Composite of (111) recrystallization textures for 
single crystals and polycrystalline (dashed) copper. 


plots Figs. 16 and 18 indicate that the deformed 
single crystals covered the polycrystalline orienta- 
tions remarkably well. The recrystallized plots are 
not so successful. Clearly, these results indicate 
that the orientation dependence of recrystallization 
kinetics of the various individual deformation com- 
ponents cannot be used exclusively to explain the 
polycrystalline recrystallized texture. In fact, in 
the case of copper, since the recrystallized textures 
of these components are close to random, it sug- 
gests that the cubic recrystallized texture is prob- 
ably due primarily to oriented growth as long since 
proposed and championed by Beck.*® This growth is 
probably impurity controlled as suggested by Aust 
and Rutter.” 

It is apparent that nucleus orientation plays an 
important and a sometimes controlling role on the 
recrystallization texture. For example, the lack of 
cube texture must be attributed to a scarcity of 
cube oriented nuclei. Moreover, each of the single 
crystals developed a different recrystallized tex- 
ture probably due to the differences in orientation 
distribution of nuclei. 

In the case of silicon-iron, if the orientation de- 
pendence of the kinetics of recrystallization con- 
trolled the recrystallization texture, the latter 
would be (110) [001] which is not the case. Why this 
orientation is not the primary recrystallized tex- 
ture is not clear unless it is suppressed by the pres- 
ence of impurities or by different kinetics in poly- 
crystalline aggregates. 

In summary, it can be stated that polycrystalline 
recrystallization textures can not be synthesized on 
the basis of the kinetics of recrystallization of 
isolated individual single crystals oriented to include 
after rolling, the major components of the polycrys- 
talline deformation texture. In both copper and sili- 
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Fig. 18—Composite of (100) deformation textures for sin- 
gle crystals and polycrystalline (dashed) silicon-iron. 


con-iron the components which recrystallize fastest 
are not present in the normal polycrystalline tex- 
tures and either they must be removed or sup- 
pressed by growth, or the orientation sensitivity of 
the kinetics of recrystallization of polycrystalline 
aggregates is different from that of single crystals. 
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An Evaluation of Procedures in Quantitative 
Metallography for Volume-Fraction Analysis 


A calculation has been made of the standard deviations to be 


expected in the measurement of volume fractions by areal analysis, 
lineal analysis and four point-counting procedures. The effect of 
experimental errors is not included. Our conclusion is that a point 
count using a two-dimensional grid will be the most efficient method 
of volume fraction analysis providing the grid spacing is coarse 
enough. The predicted standard deviation for such an analysis is 
shown to be in good agreement with that determined experimentally. 


A metallurgist wishing to estimate a structural 
property by means of quantitative metallography is 
often faced with a choice between several different 
procedures. In such a case, he will naturally wish 
to know: a) Which procedure is the most efficient 
in the sense of requiring the least effort for a given 
precision? b) For a given procedure, what are the 
conditions for maximum efficiency? c) Under these 
conditions, how many measurements are required to 
attain a given precision? It is our aim in this paper 
to provide at least partial answers to these queries 
as they relate to the estimation of volume fractions 
from measurements on a random two-dimensional 
section of an opaque specimen. 

The commonly used techniques’’* for volume- 
fraction analyses are based on one or more of the 
following principles: 

i) For an areal or Delesse’ analysis: That the 
areal fraction of a three-dimensional feature inter- 
cepted by a random plane provides an unbiased esti- 
mate of the volume fraction of that feature. 

ii) For a lineal or Rosiwal* analysis: That the 
fractional intercept on a line passing at random 
through a two-or three-dimensional feature provides 
an unbiased estimate of, respectively, the areal or 
volume fraction of that feature. 

iii) For a point-count analysis: That the frac- 
tional number of randomly or regularly dispersed 
points falling within the boundaries of a two-dimen- 
sional feature on a plane, or within the boundaries 
of a three-dimensional feature in a volume, provides 
an unbiased estimate of, respectively, the areal or 
volume fraction of that feature. 

The absence of bias referred to in these principles 
does not, of course, imply that the results of an an- 
alysis will be free of error, but only that the ex- 
pected result is. equal to the true one. 

Application of the foregoing principles provide the 
following six possible experimental procedures: 

a) An Areal Analysis—This involves the measure- 
ment with a planimeter (or other means) of the area 
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of a constitutent intercepted by the plane of polish. 


b) A Two-Dimensional Random Point Count—A pos- 
sible experimental procedure for this analysis is to 
superimpose a sheet of transparent graph paper ona 
micrograph, and then use a table of random numbers 
to select coordinates for the points. 

c) A Two-Dimensional Systematic Point Count— 
Similar to b) except that the points are distributed 
in a prescribed manner, usually at the corners of 
a lattice superimposed on a micrograph or the 
screen of a projection microscope. 

d)A Lineal Analysis—A measurement of the frac- 
tional line length intercepted. It i3 usually performed 
by traversing the specimen under the cross hairs of 
a microscope and recording the distance travelled in 
each constituent. 

e) A One-Dimensional Random-Point Count— This 
could be performed by traversing the specimen with 
stops at random intervals to identify the constituent 
then present under the cross hairs. 

f) A One-Dimensional Systematic Point Count— 
Similar to e) except that the traverse is stopped at 
prescribed (usually equal) intervals. 

It will be noted that the point-counting procedures 
b) and c) can be regarded as methods of estimating 
the areal fraction. Similarly, e) and f) are indirect 
methods of making a lineal analysis. 

All of the six procedures described above involve 
at least one stage of sampling. Thus, quite apart 
from any experimental errors, there will always be a 
statistical uncertainty associated with the final re- 
sults. It is with the calculation of this uncertainty 
that we will be concerned. 

To avoid unnecessary repetition, the statistical re- 
lationships that will be used in the calculations are 
collected together in the appendix. For a fuller dis- 
cussion reference should be made to one of the many 
textbooks” * on statistics. For symbols relating to 
the specimen structure we will follow as far as pos- 
sible the terminology used by Smith and Guttman.” 


CALCULATION OF VARIANCES* 


*The derivations given in this section are dealt with in somewhat 
greater length in a Research Laboratory report® which is available on 
request from the authors. 
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Without any loss in generality we shall denote bya 
the phase or constituent whose volume fraction is to 
be estimated, and treat all the remaining constituents 
as a single phase termed f. The scope of our calcu- 
lations will be restricted as follows: 

i) We shall be concerned only with statistical er- 
rors. In an actual analysis there will be a contribu- 
tion to the variance from errors in measurement. 
Such errors may also lead to a biased estimate of the 
volume fraction. 

ii) It will be assumed that the specimen is free of 
long-range segregation and of grains having a 
periodic duplex structure, such as pearlite. (How- 
ever, it is not necessary to exclude the latter case if 
the periodic structure is treated as a single constit- 
uent. ) 

iii) In treating those methods of analysis requiring 
the selection of a subarea from the plane of polish we 
will ignore boundary effects. This will introduce only 
a second order error into the calculations. 

iv) For some methods of analysis, the variance 
cannot be predicted without more information about 
the structure than is afforded by the foregoing re- 
strictions. In order to obtain expressions for the 
variance in terms of parameters that are easily 
measurable on the plane of polish, we will some- 
times assume that the intersections of thea phase 
with the plane of polish occur as discrete areas and 
are randomly distributed on the plane. Such a dis- 
tribution (which a statistician would term ‘uniform’ 
rather than ‘random’) implies that the probability of 
the center of gravity of ana area being located in 
any given small element of the plane is proportional 
only to the area assigned to that element. It is evi- 
dent that this condition can only be strictly satisfied 
if the a areal fraction (and hence the volume frac- 
tion) is vanishingly small as, otherwise, there will 
be an excluded-area effect. Where necessary we 
shall therefore have to suppose that the volume frac- 
tion be small enough for a random (or uniform) dis- 
tribution to be attainable to a sufficiently accurate 
degree. 


We will now consider individually the variances for 
the six experimental procedures outlined in the intro- 
duction. 

A) Areal Analysis—In the assumed absence of ex- 
perimental error, the only contribution to the vari- 
ance of an areal measurement arises in the selection 
of a subarea for analysis from the plane of polish. In 
calculating this (and also other) sampling variances 
we will, for simplicity, treat as discrete quantities 
certain structural parameters which in practice are 
subject to a continuous variation. However, it is 
readily shown that this procedure in no way affects 
the final results of the calculations. We may there- 
fore suppose that the subarea selected for analysis 
contains m, @ features of area d,, m, of area a, and 
so on. Then the expected areal fraction* A; of the 


*A list of the more important symbols is included in Table I. 


a-features that would be obtained from an average of 
measurements on a very large number of equal-size 
Subareas selected at random from the specimen is 


Ap = m; a;/A, 


[1] 
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in which A is the area of the subarea. Now, since it 
is assumed that the a features are randomly dis- 
tributed on the plane of polish, the number of a fea- 
tures of a given size appearing within a given area 
will follow a Poisson distribution. Hence we obtain 
for the variance 

om, = M;. 

This result, in conjunction with Eqs. [1] and [A.5], 
yields 


= m, a; /A® 
which, by applying Eq. [A.3], can be rewritten 
[2] 


oA, = +a), 

where @ is the expected value, as defined by Eq. 
[A.2], of the area of the individual a features and 
M, is the expected total number. We are usually 
more interested in the relative value of the error 
rather than its absolute magnitude. We will thus 


divide Eq. [2] through by A}[=(M,a/A )?] to obtain 
(04 = 1)- [3] 


The parameter (0,/@), is a dimensionless meas- 
ure of the degree of dispersion in the size-distribu- 
tion of the a features on the plane of polish. If all 
the a features were of the same area (a condition 
which is impossible to achieve in a random section 
of even the most regular structure) then (c,/2),= 0 
and the right-hand side of Eq. [3] reduces to (1/M,). 
Providing the number of a features measured is not 
too small, it is justifiable to replace @ and o, in Eq. 
[3] by experimental estimates of these quantities. 
Likewise, M, can be replaced by M, the number of 
a features actually observed in the subarea. Thus 
the variance of the analysis can be computed from 
parameters which are readily measurable on a ran- 
dom plane of polish. 

B) Two-Dimensional Random Point Count—In this 
procedure there are two contributions to the variance; 
one arises from the deviation of the areal fraction in 
a subarea from the true volume fraction, and the 
other is introduced by the use of a point count in 
place of a direct measurement of the areal fraction. 
Both of these contributions will be taken into account 
in the following calculation, which is similar to that 
used in the statistics of sampling from a nonhomoge- 
neous population (cf. Ref.6, p. 400). 

Let us suppose that the subarea on which the point 
count is to be performed has an actual a areal frac- 
tion of (Ay) ;. (The subscript j is used to distinguish 
A; for a particular subarea from the expected value 
A; for the whole specimen.) The distribution of N 
points at random on this subarea corresponds to 
making N independent trials, for each of which 
there are two possible results, namely that the 

point does or does not fall on ana feature. The 
corresponding probabilities are (Ay); and [1-(A,) j]. 
The total number (Ny, ) ; of points falling on a 
features will therefore follow a binomial distri- 
bution with an expected value 


= 


[4] 
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and a variance 

(on,); = N(Ay);[1 - (Ay); [5] 
(The latter result has previously been derived by 
Chayes® ). These two quantities relate to a point 
count repeated on one particular subarea. What we 
actually require is the expected value and variance 
for a point count performed on a large number of 
subareas selected at random from the specimen. It 
is therefore necessary to average (Np); and (ay,); 
over all possible subareas, each of which is weigh ed 
in accordance with the probability p(A;); of its selec- 
tion. Thus for the expected value we hlan 


Np = NE; (Ay);, 


[6] 
= NAy. 
If we define Ny = N,/N, then 
=F, 


thereby demonstrating that a point count gives an un- 
biased estimate of the areal fraction. In averaging 
the variance we must allow for the fact that (oy, ); 
given by Eq. [5] has been calculated with respect to 
deviations about (A, ); instead of Ar as required in 
computing On, It will be seen from an inspection of 
Eq. (A.4) that to correct for this difference, a term 
in , y- (N Ae must be added to the summation, so 
tha 


With the appropriate substitutions from Eqs. [4], [5], 
[6], [A.1], [A.2], and [A.3] this reduces to 


ON, = NA, (1 - Ay) + N(N - 1) 04/3 [9] 


Dividing through by N, (=N*A;) we obtain for the 
variance 


(on, = [(1- Ag )/Ny] + [(N-1)/N] /As\’. [10] 


Providing the total number JN of points applied to the 
subarea is reasonably large, the factor [(N- 1)/N] is 
close enough to unity to be neglected; in which case 


= (1/Np) (1 Ag) + [11] 


The first term in this expression is just the relative 
variance of a point count on a subarea having an 
areal fraction Ay, and the second term is the vari- 
ance in sampling for the subarea. We will subse- 
quently use this additive property of the variances as 
a short cut in other calculations. 

Eqs. [10] and [11] are perfectly general since no 
assumption has been made about the form of the 
structure. If we now impose the limitation that the 
a features are randomly distributed, then Eq. [3] 
can be substituted in Eq. [11] to give 


= (1/Ny )(1 Ay) + 1). [12] 
It is immediately apparent from Eq. [12] that no 
matter how many points are used in the point count, 
the variance of the analysis can never be less than 
(1/M,), where M, is the expected number of a-fea- 


tures in the subarea. Thus increasing Ny from a 
value equal to M, to infinity can, at most, decrease 
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the variance by a factor of two. Fora particular __ 
analysis there will evidently be some value of N,/M, 
that will minimize the effort required for a given 
precision. This optimum ratio will probably be 
somewhat less than unity if observations are made 
directly under the microscope, and probably greater 
than unity if the analysis is performed on micro- 
graphs. 

For the purpose of estimating the variance of a 
particular analysis, the various parameters in Eq. 
[12] can be estimated from measurements on the 
plane of polish. In addition the equation can be ap- 
plied to an analysis in which measurements are made 
on several subareas providing, first, that the same 
density of points is used on each subarea and, sec- 
ondly, that the values for N, and M, substituted in 
[12] are the totals for the whole analysis. 

C) Two-Dimensional Systematic Point Count—The 
generation of a truly random dispersion of points is 
difficult and tedious. It is therefore considered 
preferable to use a systematic array of points, such 
as that provided by the corners of a two-dimensional 
lattice. This procedure also has the advantage that 
it is only necessary to count those points falling on 
the a-phase, since the total number of points applied 
to the structure is pre-determined. We will now 
show that, quite apart from experimental expediency, 
a systematic point count may be statistically advan- 
tageous. 

The calculation of the variance in the number of 
lattice points covered by a randomly placed plane 
figure presents a formidable problem if no limit is 
placed on the lattice spacing. However, there is a 
particularly simple solution if the restriction is im- 
posed that the lattice spacing be coarse enough to 
exclude the possibility of any one a-feature being 
occupied by more than one lattice point. (This is 
equivalent to saying that the minimum distance 
between adjacent lattice points must be greater than 
the largest caliper diameter of any a feature). For 
convenience, we will describe a lattice satisfying this 
requirement as being ‘‘coarse-mesh.’’ The variance 
for such a lattice will be treated first and we will 
later consider the effects of reducing the lattice 
spacing. 

i) Coarse-Mesh Lattice—The restriction on the 
lattice spacing can be stated more formally as 


Po 1, [13a] 
and 
bp, = 9, for n> 2; [13b] 


where p, is the probability that an a feature will 
occupy 2 lattice points. The probability pi that a 
given feature of area a; will occupy a lattice point 

is a; /d* where 1/d” is the number of points per unit 
area (for a square lattice d will be the lattice spac- 
ing.) Providing the a features are randomly dis- 
persed on the plane of polish, the total number 

(n;); of points on the j‘"subarea occupied by features 
of area a; will follow a binomial distribution. There- 
fore, we obtain for the expected value of (n;) ; i)j 


@;); = m3); a;/d’, 
and for the variance 
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(on;), = (a; /d*)[1 - (a;/d*)), 


in which (m;); is the total number of features of area 
a; in the jth subarea. Averaging over all possible 
equal size subareas, we obtain 


ni; =m; [14] 
and 
= (a;/d° fl (a;/d*)| + (a;/d*)’, 


Since we have assumed that the a features are ran- 
domly distributed, 0), =m, and the above expression 
reduces to 

On, = M; a;/d° =N;- [15] 
So far we have only considered the contributions 
from a features of one particular size. To obtain 
the expected total number of lattice points Np, and 
its variance ON,» it is necessary to sum over all 
possible values of 7. Thus 


N, = = a;/d° =M, [16] 


where M, is, as before, the expected number of a 
features of all sizes and a is their expected area. 

Summing the individual variances given by Eq. [15] 
we obtain 

2 2 

On, = Om, = 240; = Ny, 
or 
(On, =1/ N,. [17] 


We thus find that for randomly dispersed features, 
the variance of the analysis is independent of their 
size distribution. This is a convenient property since 
it means that the variance can be predicted without 
any additional measurements on the plance of polish. 
Furthermore, the variance for a systematic point 
count is always less than that, Eq. [12], of a random 
point count with N, = M,, (which, as was previously 
shown, is approximately the optimum condition for 
the latter analysis), What is even more surprising, 
however, is the comparison with the variance of an 
areal analysis as given by Eq. [3]. In this equation, 
M, is the expected number of areas which have to be 
measured and thus, in terms of the number of ob- 
servations on a features, is equivalent to N, in Eq. 
[17]. Therefore, for a given number of such obser- 
vations, the variance for the systematic point count 
is less than that of a direct areal measurement. The 
explanation of this apparent paradox lies in condi- 
tions [13]. Since , must, in practice, be greater than 
zero, the expected number of points on any a feature 
must be less than unity; hence the expected number 
Vi, of a features under the lattice will exceed the ex- 
pected number N, of occupied lattice points. Thus, 
for a given number of observations, the point count 
has to encompass a larger subarea. The resulting 
decrease in the sampling variance more than com- 
pensates for the variance introduced by the point 
count. 

ii) Fine-Mesh Lattice—If there is a large disper- 
Sion in the size of the a particles and, particularly, 
if they are appreciably nonspherical, the restriction 
which was introduced in the previous section may 
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require a much lower density of points than that 
which maximizes the efficiency of the analysis. It is 
therefore desirable to consider the variance for a 
fine-mesh lattice; z.e., one having a spacing small 
enough for there to be a possibility of two or more 
lattice points occupying a single a feature. 

Kendall and Rankin’® have obtained an exact solu- 
tion for the variance in the number of lattice points 
occupied by a circle on a square or hexagonal lattice. 
They find that the variance oscillates between an 
upper and lower bound with a changing ratio of circle 
diameter to lattice spacing. In an earlier paper,’ 
Kendall was able to demonstrate that, for the more 
general case of a convex area free from singular- 
ities and points of zero curvature, an upper bound 
to the variance on a square lattice is given by* 


< 0.92 = 0.152/d, [18] 


*According to the inequality [18] the variance is proportional to the 
perimeter length. This is understandable, since only those lattice points 
in the immediate vicinity of the perimeter will contribute to the variance 
This is in contrast to a random distribution of points for which the vari- 
ance is proportional to the expected number of points occupied and, 
therefore, to the area of the figure. This difference leads to the inter- 
esting result that, for the same density of points, the lattice point count 
becomes infinitely more accurate than a random point count as the den- 
sity of points approaches infinity. 


where / is the perimeter length of the area and d 
the lattice spacing. Providing the a features can be 


regarded as convex and free from singularities, 
[18] can be used to obtain the following expression 


<0.18 Mal d/Np + (04 [19] 


in which / is the expected perimeter length of the 
a features and, as before, M, is the expected num- 
ber of features and Np the expected number of 
points that they occupy. Since Ny =M, a/d*, where 
a is the expected area of the a features, we obtain 
from [19] and Eq. [3] 


(oy,/Ny < (1/N,) [ +1]. [20] 


Although this expression only gives an upper bound 
to the variance, it is applicable to any size of square 
lattice, providing the a features are convex and ran- 
domly distributed. 

D) Lineal Analysis—In a lineal analysis a meas- 
urement is made of the fraction of a random traverse 
intercepted by a features. If the a features are ran- 
domly dispersed on the place of polish, then the in- 
tercepts will likewise be randomly dispersed on the 
traverse. The calculation of the variance in the 
lineal fraction Le is then exactly analagous to that 
performed in Section A for the variance of an areal 
analysis. Thus by inspection of Eq. [3] we can write 


= (1/Mp)[(¢/ + 1]. [21] 
This expression holds rigorously only if the a vol- 
ume fraction is small, because the assumption has 
been made that the features are randomly dispersed. 


By use of Eq. [A.6] the following expression of more 
general validity can be obtained. 


(a7 ,/ = (1/M¢ (1 Le)? [ (oy Ye + [22] 


The only assumptions involved in the derivation of 
this expression are that the intercept lengths are 
uncorrelated and that 
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for both phases. 


Eqs. [21] and [22] are strictly applicable only if 
each repeat traverse is made on a different plane 
of polish. In practice, however, it is probably satis- 
factory to make several traverses on the same 
plane of polish providing the number of_a features 
on the plane greatly exceeds M,. But if M,is com- 
parable with, or larger than, the number of a fea- 
tures then the lineal analysis becomes, in effect, an 
estimate of the areal fraction and it is therefore 
necessary to add a variance of the form given by 
Eq. [3]. The variance of a lineal analysis in which 
a high density of traverses is employed has been 
extensively studied in the application of this pro- 
cedure to forest and cover surveys.'”'* 

E) One-Dimensional Random Point Count—Instead of 
measuring the lineal fraction directly, it can be esti- 
mated by distributing points at random along a tra- 
verse, and counting the fraction falling on a features. 
It is evident that this procedure bears the same re- 
lation to a lineal analysis as a two-dimensional point 
count does to an areal analysis. Thus, by analogy 
with Eq. [11] we can immediately write down 


(Oy,/ = (1/Np)(1- + [23] 
in which Ly and oF are the expected value and the 
variance of the a lineal fraction and N, is the ex- 
pected number of lattice points falling on the a inter- 
cepts. This expression is valid, as is Eq. [11], for 
any form of structure. If the conditions underlying 
the derivation of Eq. [21] are satisfied, then Eq. [23] 
can be written 


(Oy, / Ny P= (1/Ny) (1 -L,) + (1/M;) (1 


+ - [24] 
As in the case of the two-dimensional point count, 
there will be some value of (Np/M; ) which will yield 
the least variance for a given effort. 

F) One-Dimensional Systematic Point Count—In- 
stead of distributing the points at random along the 
traverse, it is often preferable to distribute them 
systematically for the reasons cited in the treatment 
(section C) of the systematic two-dimensional point 
count. As in the latter calculation, it is convenient to 
distinguish between a fine-mesh lattice, for which 
more than one point can occupy any one a intercept, 
and a coarse-mesh lattice in which the spacing be- 
tween adjacent points is greater than the length of 
any a intercept. 

i) Coarse-Mesh Lattice—The calculation of the 
variance is exactly analagous to that given in Section 
C(i) and the expression for the variance is identical 
to Eq. [17]; namely 


=1/Np, [25] 
in which N, is the expected total number of lattice 
points falling on a intercepts. This expression holds 
rigorously only if the a intercepts are randomly dis- 
tributed along the traverse. The lattice points need 
not necessarily be spaced at equal intervals (though 
this will probably by the most convenient arrange- 
ment in practice), but for Eq. [25] to hold the mini- 
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mum spacing must be greater than the largest a in- 
tercept. 

Comparison of Eq. [25] with Eq. [21] for a lineal 
analysis shows that a systematic point count again 
gives a lower variance than a continuous measure- 
ment with the same number of observations. The 
explanation is essentially the same as that given for 
an areal analysis; namely, that for_any nonzero value 
of p, N, will always be less than M,, so that the 
point count will require a longer traverse. For the 
special (and unrealizable) case of p, = 0, that is with 
0, = 0 and with d set equal to the now constant inter- 
cept length ¢, the traverse lengths for the two pro- 
cedures will be the same because they yield identi- 
cal information. 

ii) Fine-Mesh Lattice—Consider an a intercept 
of length ¢; placed at random on a one-dimensional 
lattice of spacing d. Let the ratio ¢;/d be q+ € where 
q is an integer or zero and 0<e <1, The reader can 
easily verify that 


n;=q +€=1t;/d, [26] 
and 
= €(1-€). [27] 


The last equation is the one-dimensional analog of 
that derived by Kendall and Rankin’° for the variance 
in the number of lattice points occupied by a circle 
or square on a two-dimensional lattice. The variance 
given by Eq. [27] also exhibits the same property of 
oscillating between an upper and lower bound as the 
ratio t;/d is changed. In order to obtain an expres- 
sion for the maximum variance of the analysis we 
will, as before, take the upper bound. We can there- 
fore write 


Providing the a intercepts are randomly distributed, 
we can sum oF _over all intercept lengths. Adding on 


the variance (o1,/L 4)" as given by Eq. [21] we obtain 


(Oy, < (M.A Ny )+ + 1], [28] 


which, since N, = 7M, =¢M,/d, can be written 
(Oy,/ < (1/Np) + +1). [29] 


It is evident from Eq. [28] that, as in the case with 
the other point counting procedures, the variance 
cannot be decreased beyond a certain value, no mat- 
ter how many points are used. As before there will 
be some optimum value of N,/M; which will depend 
on the relative cost of the various experimental ope- 
rations. However, as a general rule the spacing be- 
tween points should not be much smaller than that 
required to give, on the average, one point per a in- 
tercept. 


EXPERIMENTAL CHECK ON THE VARIANCE OF A 
SYSTEMATIC POINT COUNT 


Experimental verification of the variance predicted 
for a systematic two-dimensional point count was ob- 
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Table |. Expressions for the Variance in Various Procedures for Volume-Fraction Analysis 


Method Eq. Proportional Variance in Volume Fraction: (ov,/ Vy)? Assumption 
A) Areal Analysis [3] (1/M,)[(e¢/a¥ + 1) (a) 
B) Two-dimensional Random Point Count (11) (1/Np)(1 - Af) + (04,/As¥ N>1 
[12] (1/N,) (1 Ap) + a) + 1 (a) and N > 1 
C) Two-dimensional Systematic Point Count 
(i) Coarse-Mesh [17] (1/N,) (a) and d > tmax 
(ii) Fine-Mesh [20] <(1/N,) (0.157 /@) + (1/Ma)log/ae + 1) (a) and (d) 
D) Lineal Analysis (21] (1/,) ((o,/t)2 + 1) (b) 
[22] (1/1) / + (c) 
E) One-dimensional Random Point Count [23] (1/Np)(1 - Lp) + (oL,/L fy N>1 
[24] (1/N,)(1 Ly) + (1 - Fp)? + 3) (c) 
F) One-dimensional Systematic Point Count 
(i) Coarse-Mesh [25] (1/N, (b) and d > tmax 
(ii) Fine-Mesh [29] <(1/Np) (d/ 4t) + + 11 (b) 


tained incidentally to a determination* of the effects 


*This investigation was made by one of us (J.E.H.) as part of a re- 
search program supported in whole or in part by the U. S. Air Force 
under contract No. AF-33 (616)-5995, monitored by the Materials Labora- 
pore Wright Air Development Center, Wright-Patterson Air Force Base, 
of high pressure on the solubility of carbon in aus- 
tenite. This investigation entailed the measurement 
of the cementite volume fraction insteels equilibrated 
in the two-phase austenite + cementite region. The 
point counting was performed on a microscope with a 
X100 oil immersion objective and a X12.5 focussing 
eyepiece containing a specially ruled 3 by 3 line re- 
ticle. The spacing of the lines was much larger than 
the cementite particle size, and it therefore satis- 
fied the requirements of a ‘‘coarse-mesh’’ lattice. 

For each specimen, an estimate was obtained from 
Eq. [17] of the minimum number of points required 
to attain a given accuracy (usually set at 0.02 wt pct) 
in estimating the carbon content of the austenite. 
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Fig. 1—A comparison of the experimentally observed stand- 
ard deviation (dop,) with that (0,,;,) calculated from Eq. [17] 
for systematic point counts on nineteen different specimens. 
The ratio of (0bs/dcaic) is plotted against Number fraction 
(= Volume fraction). 
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Symbols: 

A Total area examined. 

A; Areal fraction of % phase. 

L_ Total length of traverse. 

L; Lineal fraction of @ phase. 

M, Number of two-dimensional @ features in area A. 

M, Number of @ intercepts in traverse of length L. 

N Total number of points applied. 

N, Number of points falling on @ features. 

Ny Fraction of points falling on phase (= N,/N). 

V; Volume fraction of % phase. 

a Area of an individual % feature. 

d_ Spacing of a one-dimensional lattice or a square two-dimensional 
lattice. 

Perimeter length of an individual % feature. 

Intercept length. 

Phase whose volume fraction is being estimated. 

Other phases in the structure. 

Standard deviation. 

Note: V;, Ay, [y, and Ny are all equal in an unbiased analysis. 


(a) That the % phase occurs as discrete particles randomly distributed 
in three dimensions. This assumption implies that the volume frac- 
tion is small, 

(b) That the & intercepts are randomly distributed along the traverse. 
This assumption implies that the lineal fraction is small. 

(c) That the application of Eq. [A.6] is justified. 

(d) That all @ features have convex perimeters free from singularities. 


The number of points required depended on the vol- 
ume fraction of cementite, and varied between 1260 
to 5040. 

In order to check the validity of Eq. [17], an an- 
alysis has been made of the data from point counts 
on nineteen consecutive specimens. A record was 
kept for each count of the number of occupied points 
for every ten applications of the grid ¢.e. for each 
set of ninety points). From this information the 
standard deviation (0 ,,) of the point count could be 
computed and compared with the value (0,,)-) pre- 
dicted by Eq. [17]. The results for the nineteen 
point counts are shown in Fig. 1 in the form of plot 
of the ratio (%5/%aic) versus number fraction. The 
median of the points lies at a ratio of approximately 
0.95, indicating that the observed standard deviation 
is slightly less than the calculated one. This is pre- 
sumably because of a lack of randomness in the dis- 
tribution of the cementite particles. The absence of 
any Significant change in the grouping of the points 
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Table Il. Calculated Properties and the Variances for Different 
Forms of Analyses of a Structure Having Spherical @-Particles 


Spheres with Rectangular 
Distribution of Radii 
[Ry = Maximum Radius] 


Spheres of Con- 


Properties of 
stant Radius R 


Intercepted Spheres 


a 2nR?/3 nRiy/3 

a, (4/45) *nR? (3/45) nR M 
4R/3 Ry 

(2/9)4R (1/5)”R M 

T ?R/2 7WRy/3 


Proportional Variance in 
Estimate of Volume Frac- 


Method of Analysis Eq. tion (oy,/ assumedto Remarks 
be small] 
A) Areal [3] 1.2/M, 1.6 Ma 
B) 2-Dim. Random [12] 2.2/Np 2.6 Np For Np = Ma 
Point Count 
C) 2-Dim. Systematic 
Point Count 
(i) Coarse Mesh_ [17] 1/Np 1/Np 
(ii) Fine Mesh [20] AT Np <2.3/ Np For Np =M,g 
D) Lineal [21] 1.1, 1.6/M, 
Point Count 
F) 1-Dim. Systematic 
Point Count 
(i) Coarse Mesh_ [25] 1/Np 1/Np 
(ii) Fine Mesh [29] S1.9/Np_ For Np = 


in Fig. 1 with increasing number fraction indicates 
that this non-randomness has not seriously affected 
the validity of Eq. [17]. 


Note added in Proof: T. Gladman and J. H. Woodhead (J. Jron Steel 
Inst., 1960, vol. 194, p. 189) have determined experimentally the vari- 
ances of counts using a coarse point spacing on a series of specimens 
with volume fractions ranging from 10 to 56 pct. They find that the ob- 
served variances can be fitted to 


(on,/Np? = (1 [al 


This equation differs from Eq. [17] by a factor of (1 -N,), and was de- 
rived on the basis of a binomial distribution (cf. Eq. [5]), with no allow- 
ance for the area-sampling variance nor of the difference between a sys- 
tematic and random count. However, on the basis of the experimental 
data, we would recommend the use of Eq. [al in place of [17], with the 
factor of (1 — V if) being regarded as an approximate empirical correction 
for the ali with increasing volume fraction in the randomness of 
the particle spatial distribution. 


DISCUSSION 


By way of summary the expressions for the vari- 
ances of the different procedures are listed in Table 
I. The final column specifies the assumptions used 
in the derivations. 

It will be noted that each of the expressions con- 
tains a term inversely proportional to the number of 
observations made on the a phase. In addition, some 
expressions also contain a term inversely propor- 
tional to the number of a features in the subareas or 
traverses used for the analysis. All but two of the 
expressions have factors containing a term of the 
form (,/x *)which is a property of the structure and 
can be determined from measurements on the plane 
of polish. 

In order to establish the relative efficiencies of 
the analyses we must compare the effort required by 
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each for a given variance. This requires both an 
estimation of the various (0,/x) quantities, and also 
of the total effort required for the number of obser- 
vations necessary toachieve the prescribed variance. 
We will discuss these in order. 

The quantity (0,/ x) is a dimensionless measure of 
the degree of variation of the property x amongst 
a features. Because we are dealing with a random 
section through a three-dimensional structure, (0,/x) 
must always be greater than zero. For most struc- 
tures it will be of the order of unity, but there are 
undoubtedly cases in which it is very much larger. 
We have calculated the values of a, f and 1, together 
with their associated variances, for two hypothetical 
structures composed of spherical a particles ran- 
domly dispersed in space. Table II lists the values 
for two difference sphere-size distributions; one 
being for spheres of equal radius (a condition that 
probably gives a lower limit to the 0 ft values ), the 
other for spheres having a radius frequency func- 
tion, p (R), defined by 


p(R) = 1/Ryfor 0 < R <Ry 


=0 for R>Ry. 


For such a function (usually termed ‘‘rectangular’’ 
because of the shape of its plot) all radii between 0 
and a maximum Ry have an equal probability of oc- 
curring. In terms of the formation of the structure, 
we would expect the constant-radius frequency func- 
tion to correspond to the case in which all nucleation 
took place at time zero and the particles then grew 
at an equal rate without impingement; whereas a 
rectangular frequency function would result if the 
nucleation and growth rates were constant during 
particle growth, impingement again being neglected. 

By substituting the calculated properties for the 
two frequency functions in the expressions listed in 
Table I, we obtained the variances shown in the 
lower part of Table II. For those point-counting 
procedures having a variance dependent on the num- 
ber of a features in a subarea or traverse, this num- 
ber was set equal to N, as indicated in the final 
column of the table. 

Examination of Table II reveals that the two sys- 
tematic point-counting procedures have the least 
variance for a given number of observations on the 
a phase. (In this context, an ‘‘observation’’ consti- 
tures the measurement of the area of an a feature 
in an areal analysis; the measurement of an a inter- 
cept in a lineal analysis; and the identification of a 
point on an a feature in a point count.) However, 
changes in either the nature of the observation or in 
the form of the sphere-size distribution have but 
a minor effect on the variance, the spread being at 
most a factor of 2.6 (corresponding to a factor of 
1.6 in the standard deviation). 

We will now consider the total effort required to 
achieve a given variance with the different pro- 
cedures. There can be little doubt that the identifi- 
cation of a point on an a feature will take appreci- 
ably less time than either a lineal or areal meas- 
urement. But, before making a final assessment of 
the procedures, we have to recognize that the time 
for an observation on the a phase must include an 
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appropriate allowance for the time required for all 
the other steps of the analysis that are incidental to 
the observation. Thus, in the two random point 
counts and the one-dimensional systematic point 
count, the major effort will be in the distribution of 
points on the structure. The time required for the 
analysis will therefore be approximately propor- 
tional not to the number JN, of observations on the 

a@ phase, but instead to the total number of points 

N applied to the structure. In addition, since 

Np = NV;, the effort will vary inversely as the 
volume fraction V; and will become infinite as the 
volume fraction goes to zero. The situation is mark- 
edly different for a two-dimensional systematic point 
count, because in this analysis a large number (say 
500 ) points can be applied almost as readily as a 
single random point. The time for an observation 
will not therefore greatly exceed that for the identi- 
fication of a point on the a phase, and this time will 
be approximately constant over a wide range of vol- 
ume fractions. The same holds true for an areal 
analysis. In the case of a lineal analysis the time per 
observation has to include the traverse time in 
phases other than a. Therefore, for a volume frac- 
tion of, say, one-half, the total time of analysis will 
be approximately twice that required for the inter- 
cept measurements on the a phase. For a given 
variance, the analysis time will increase with de- 
creasing volume fraction, but not as drastically as 
with a random point count because of the possibility 
of speeding-up the traverse in the long stretches 
between a features. 

Combining the preceding comments with the re- 
sults presented in Tables I and II it is clearly evi- 
dent that a two-dimensional systematic point count 
is markedly superior to either a lineal or an areal 
analysis providing an excessive density of points is 
not used; (i.e., the number of points occupying any 
one a feature should not greatly exceed one). There 
is one possible exception to this conclusion; namely, 
that a systematic point count will be inadvisable if 
the structure has a periodicity that is commensurate 
with the lattice spacing. (It should be noted that even 
in this case a properly conducted analysis will give 
an unbiased estimate of the volume fraction, but the 
variance may be abnormally high.) For this special 
case a random point count is to be preferred. We 
believe that it would be satisfactory to make such a 
count with a net of randomly dispersed points which 
is reapplied at random orientations to a series of 
subareas. This modification in procedure overcomes 
the time-consuming operation of locating individual 
points. 

Returning now to a two-dimensional systematic 
point count; in order to maximize the efficiency the 
time required to provide a subarea for analysis 
Should be reduced to a minimum, It is therefore best 
to perform the analysis either on the screenof a pro- 
jection microscope or on an ordinary microscope 
with a grid located on a reticle in the eyepiece. In 
the latter case the number of grid corners should be 
such that the number occupied can be estimated at a 
glance. Various experiments in visual perception 
have shown that the maximum number of objects that 
can be counted without conscious effort is about five. 
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Taking into account that there will be a few fields of 
view in which the occupancy is much larger than the 
average, we conclude that the optimum number of 
grid corners is given approximately by 3/V;. The 
fields of view can be selected by systematic move- 
ments of the microscope stage. 

A one-dimensional systematic point count will be 
more efficient than either a lineal or an areal analy- 
sis, but less efficient than the two-dimensional point 
count by a factor approximately equal to the number 
of points per grid in the latter analysis. 

It might be argued that our assessment of the vari- 
ous procedures has been based on calculations in 
which assumptions have been made about the form of 
the structure. Furthermore, the effect of experi- 
mental errors has been completely neglected, Can 
we therefore be certain that a two-dimensional sys- 
tematic point count will always be best? We believe 
the answer to be yes for the following reasons. The 
experimental results given in the foregoing indicate 
that Eq. [17] gives a reasonably accurate prediction 
of the variance of a two-dimensional systematic point 
count for volume fractions up to at least 0.07. Fur- 
thermore, examination of Eqs. [11] and [24] (which 
were derived without any assumption about the form 
of structure) shows that the increase in variance in 
going from a continuous measurement to the corre- 
sponding random point count is only 1/N,, Now, in 


the absence of a structural periodicity, the variance 
of a systematic point count will be less than that of a 
random one. We may therefore conclude that 1/N, 
must be the upper limit for the difference between 
the variance of a systematic point count and a lineal 
or areal analysis. It is therefore reasonable to sup- 
pose that the increased speed of a point count will 
more than compensate for the increase, if any, in 
the needed number of observations. This leaves us 
with the effect of experimental errors. A detailed 
examination of this subject remains to be undertaken. 
However, at present we can see no reason why a 
point count should have a larger experimental error 
than the corresponding continuous measurement. 
This conclusion is supported by the results of a 
careful experimental study made by Chayes.° For a 
large variety of petrographic structures this inves- 
tigator found that for a given accuracy, a one-dimen- 
sional systematic point count could be performed in 
less than half the time required for a lineal analysis 
using a Hurlbut counter. However, there have been 
other investigations which apparently demonstrate 
that a point count is inferior tosome other procedure. 
In all such cases it will be found that far too high a 
density of points was used; our equations clearly in- 
dicate that a high point density will increase the ef- 
fort required manifold without giving any appreci- 
able increase in accuracy. It is probably such mis- 
uses of a point count, together with the intuitive 
feeling that a continuous measurement must be more 
accurate, that has led to the undeserved popularity 
of lineal analysis. 


SUMMARY 
We will summarize our findings by answering the 


three questions posed in the introduction: 
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a) The best method for volume fraction analysis 
is a systematic point count in which a grid is super- 
imposed on a sequence of areas selected either ran- 
domly or systematically from the plane of polish. 
The grid can be inscribed on the screen of a projec- 
tion microscope or on a reticle in the eyepiece of an 
ordinary microscope. The total fraction of grid cor- 
ners falling on a particular phase provides an un- 
biased estimate of the volume fraction of that phase. 

b) To ensure maximum efficiency, it is essential 
that the magnification relative to grid spacing should 
be such that the majority of the structural features 
should not occupy more than one grid corner. 

c) Providing the spacing condition given in (b) is 
satisfied, the relative standard deviation (.e.,0y,/V¢) 


in the volume fraction arising from statistical errors 
will be approximately 1/Np, where Np is the number 
of grid corners falling on the phase being estimated. 

This figure does not include experimental errors. 


APPENDIX 


If an experiment can have 7 possible outcomes 
with discrete values: x,,%2,--- x, which have the 
associated probabilities, p(x,),p(x2)- - -p(x,), then 


2; b(x;) =1, [A.1] 
and the expected value is 
x = 25%; P(x;). [A.2] 


As a measure* of the expected precision of a single 


*Throughout this treatment we have tacitly assumed that the standard 
deviation provides a meaningful measure of the precision of the analy- 
sis. This is not necessarily true. For example, consider a set of paral- 
lel platelets that are finite in thickness but infinite in extent. The fre- 
quency function for the intercept lengths on random lines through the 
platelets has a finite average but an infinite standard deviation. It is 
therefore necessary to use some other statistic to describe the preci- 
sion of the measurement. This problem has been discussed by Fisher’® 
with reference to the Cauchy frequency function. 


measurement, we will use the standard deviation 0,, 
the square of which is the variance and is defined by 


Oxidation of Columbium Monoxide 


The oxidation of CbO was studied by a gravimetric technique 


=2;(x; - x)’ p(x;), 


p(x;) [A.3] 
If c is a constant, then 
= Dy(xz p(x;) - (x-c)? [A.4] 


A linear function 


in which the c’s are constants and the y’s are inde- 
pendent variables, has a variance 


= + (co0y )° (Cy % [A.5] 


If Y is a nonlinear function of random variables y,, 
its variance is given approximately by 


Oy = -5, [A.6] 
it again being assumed that the y’s are independent. 
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from 400° to 1200°C in oxygen. In this temperature range the 
oxidation is characterized by an inductive period of low oxida- 
tion rate, which becomes shorter as the temperature increases, 
followed by a vapid parabolic oxidation. The oxidation of CbO 


cannot be rate controlling in the oxidation of Cb metal in the 


temperature range, 800° to 1200°C. 


A thin optically inactive layer has been observed 
between the metal and Cb2Os layer of Cb oxidized at 
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700°C or higher temperatures. Figs. 1(a) and 1(0) 
show the edge of a sample of Cb reacted to 50 pct of 
complete oxidation at 800°C. Fig. 1(a) taken under 
bright field illumination shows a layer of oxide ad- 
hering to the unoxidized metal core. Fig 1(b) taken 


under polarized light shows that this oxide layer is 
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(a) 
actually composed of two phases—one active and one 
inactive. It seems reasonable that the inactive oxide 
might be cubic CbO, which Kolski has identified by 
X-ray diffraction of residues resulting from bro- 
mine methanol extractions of oxidized Cb specimens.’ 

The existence of CbO could be connected with the 
minimum in rate of oxidation observed for Cb at 
640°C in continuous gravimetric work by Kolski. It 
was suspected that the oxidation of CbO might be the 
rate-controlling step in the oxidation of Cb at this 
and higher temperatures. Consequently, the rate of 
oxidation of CbO was studied by a continuous gravi- 
metric technique. 


EXPERIMENTAL PROCEDURE 


Columbium monoxide specimens were made from 
stoichiometric quantities of Cb and commercial, 
pure Cb20; (Ta, 0.035 pet; W, 0.055 pct; Fe, 0.030 
pet; Ti, 0.015 pct). Arc-melted buttons were skull 
cast into Ta molds set in water-cooled Cu crucibles. 
The Ta molds were not in good thermal contact with 
the Cu and kept the CbO casting relatively free from 
thermal cracks. After removing the outer contam- 
inated layer of CbO, the rest of the coarse grained, 
metallic appearing castings were machined into 
blocks 3/8 by 3/8 by 3/16 in. These samples were 
degreased and annealed for 1 hr at 1200°C in vac- 
uum. Precision combustion analyses showed that the 
four batches used contained 49.4, 49.8, 49.8, and 
50.2 (all + 0.2) at pct Cb. Metallography showed a 
small amount of uniformly distributed second phase 
in all batches and indicated a narrow homogeneity 
region for CbO. X-ray patterns showed only the 
NaCl related structure of CbO with a = 4.2102 + 
0.0004A (25°C) in good agreement with the values 
reported by Brauer,’ 4.211A (corrected), and Ander- 
son and Magneli,® 4.2108A (20°C). 

The rates of oxidation of the samples were meas- 
ured in a Stanton Thermobalance. The samples 
were contained in alumina crucibles, and dried 
oxygen passed through the furnace tube at a rate of 
approximately 140 cc per min and 1l-atm pressure 
during the runs. 

The reactions were terminated at either 50 or 
100 pet of complete oxidation, and the products 
were photographed. The outer oxides of the samples 
were crushed for X-ray diffractometer analysis. 
Patterns thus obtained were compared with stand- 
ard patterns of Cb oxides. The unoxidized CbO 
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Fig. 1—Edge of Cb metal sample oxi- 
dized to 50 pct of completion in O, at 
800°C (7 hr, 295 mg per cm? weight 
gain). (2) Bright field illumination, 
(5) polarized light. X750. Reduced 
approximately 48 pct for reproduction. 


remaining from some of the experiments was 
mounted for metallographic observation. 


RESULTS 


Thirteen samples of CbO were oxidized at tem- 
peratures varying from 400° to 1200°C. Fig. 2 is 
a plot of weight gain divided by original area vs 
time for some of these oxidation runs and shows 
the typical oxidation behavior. (A weight gain of 
100 mg per sq cm corresponds to 50 pct of complete 
oxidation.) A slow induction period was found de- 
creasing from 81 min at 429°C to approximately 1 
min at 1202°C. Following this period a catastrophic 
rate of oxidation was observed at all temperatures. 
The reproducibility of the curves was poor at low 
temperatures, but duplicate runs at 1000°C agreed 
within 5 pct. The supply of oxygen (140 cc per min) 
was 50 pct greater than the maximum rate of de- 
mand in any run. 

Preheating a sample in argon at 453°C showed 
that the long induction periods were not the times 
required for the sample to come to equilibrium 
furnace temperature. It is probable, however, that 
the short induction period of a few minutes shown 
for the reactions of 800°C and above are due to the 
introduction of an unheated sample to the furnace. 

Figs. 3(a), (b), and (c) show the appearance of 
several samples at the ends of the oxidation runs. 
Fig. 3(a) shows the powdery, nonadherent oxide 
typical of the runs made between 400 and 700°C. 


WT. GAIN (mg/cm?) 


30 40 75 80 
TIME (min) 


Fig. 2—Reaction of CbO with O, at 1 atm. 
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Fig. 3—Appearance of CbO samples after gravimetric runs. (@) 35.5 min at 453°C, 50 pct oxidized; (b) 160 min at 
1003°C, 100 pct oxidized; (c) 45 min at 1202°C, 50 pct oxidized. X5. Reduced approximately 40 pct for reproduction. 


Figs. 3(b) and (c) show the adherent oxide produced 
in samples oxidized from 900° and 1200°C. The 
appearance of this adherent oxide correlates with 
the somewhat slower oxidation rates shown for 
these samples by the curves of Fig. 2. Fig. 3 also 
shows that some of the samples broke into several 
pieces at the higher temperatures. This breakage 
is probably the result of a few thermal cracks which 
were present in the original sample. At lower tem- 
peratures samples showed an even greater tendency 
to break up into smaller fragments. In fact, no large 
pieces of CbO could be found in a sample oxidized 
at 394°C to 50 pct of complete oxidation. Since the 
weight gains were divided by the oviginal area of 
the sample, the tendency of the samples to break 
into pieces would lead to high values for weight gain 
per area in Fig. 2. However, the difference in rates 
shown by two samples oxidized at 1000°C, one of 
which remained whole throughout the run and one of 
which broke into several pieces, was only 5 pct. 

Some of the larger pieces from the samples ox- 
idized to 50 pct of completion were mounted and 
studied by metallographic techniques. In these 
studies only unoxidized CbO and the product Cb20; 
were found. No intermediate oxide, such as CbOz, 
could be seen at X500. 


Table |. Products of Oxidation of CbO as Function of Temperature 
as Identified by X-Ray Diffraction 


Furnace 

Temp., °C Oxidation Products 
394 Diffuse pattern of T-Cb,0,* 
429 T-Cb,0, + 14 lines H-Cb,0,* 
453 T-Cb,0; + 8 lines H-Cb,0, 
503 T-Cb,0, + 2 lines H-Cb,0, 
578 T-Cb,0, + 2 lines H-Cb,0, 
637 T-Cb,0, 

701 T-Cb,0, 

800 T-Cb,0, 

903 Diffuse pattern of H-Cb,0O, 
1003 H-Cb,0, 

1202 H-Cb,0, 


*T-Cb,0, is low-temperature form; H-Cb,O, is high-temperature form. 
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The higher oxide formed in the oxidation runs 
(yellow at high temperatures, white at room tem- 
perature) was ground and studied by X-ray diffrac- 
tion techniques. Table I shows the products formed 
as a function of temperature. The nomenclature 
used here to designate the two different forms of 
Cb2Os is that of Brauer:* T designates the form 
which Brauer obtained at low temperatures and H, 
the high temperature form. In accord with Holtzberg 
what Brauer termed the M or intermediate tempera- 
ture phase is thought to be simply poorly crystal- 
lized H-form.* Recent work by Goldschmidt indi- 
cates that the H-form may be the only thermody- 
namically stable structure. ° 

One observes in general in Table I that the phase 
of Cb20; resulting at any temperature is the same 
as that which Kolski reports for Cb metal oxidized 
at the corresponding temperature.’ An exception to 
this is that many lines of the H-form were found in 
samples oxidized at nominal temperatures from 
429° to 578°C, These lines did not have the same 
intensity distribution as a standard of H-Cb20; 
prepared by Kolski. 


During the gravimetric studies, no thermocouple 
could be placed in direct contact with the samples. 
Instead the temperature recorded was that of a con- 
trol thermocouple which was remote from the sam- 
ple and close to the furnace coils. Generally, cor- 
rections of the recorded temperature were obtained 
by occasionally placing a second thermocouple in 
the position of the sample when no sample was being 
oxidized. Finally, oxidations were carried out with 
the thermocouple in tension contact with the speci- 
mens of CbO. Fig. 4 shows the recorded sample 
temperature vs time for five different furnace tem- 
peratures. For each curve the equilibrium furnace 
temperature may be obtained from the relatively 
horizontal portion of the curve. If one compares 
these curves with the weight gain curves of Fig. 2 
while considering the poor reproducibility of the 
induction periods, one sees that the beginning of the 
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Fig. 4—Recorded CbO sample temperature vs time. 


catastrophic oxidation corresponds to a drastic 
temperature increase. It is felt that this tempera- 
ture increase explains the X-ray diffraction results, 
and in fact indicates that the actual sample tem- 
perature may have been much higher than that re- 
corded by the thermocouple. 

It was also found that Cb metal samples oxidizing 
in this temperature region were never more than a 
few degrees above equilibrium furnace temperature. 


DISCUSSION 


The fact that no significant temperature increase 
was noted in the case of Cb metal, whose reaction 
with O2 to form Cb20; is more exothermic than that 
of CbO, suggests that such increases in the case of 
CbO may be the result of poor thermal conductivity, 
especially at the lower temperatures. Thus a local 
reaction area may have difficulty in dissipating its 
energy, causing the reaction temperature to go still 
higher and resulting in self-inductive effects. At 
higher temperatures a possibly higher thermal con- 
ductivity of CbO would explain the smaller magni- 
tude of spontaneous heating. 

When considering the oxidation of CbO as the rate 
controlling step in the oxidation of Cb metal, one 
must remember that a thin layer of CbO formed on 
the surface of Cb metal might not undergo the self- 
heating resulting in the case of oxidation of bulk 
CbO due to the high thermal conductivity of the un- 
derlying Cb metal. Thus, when comparing the rates 
of oxidation, one must consider only those tempera- 
tures where CbO underwent comparatively isother- 
mal oxidation. Fig. 5 is such a comparison where 
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ty) is induction time arising from sample heating. 


the logarithm of the weight per original area is plot- 
ted vs the logarithm of time for gravimetric oxida- 
tion runs for both CbO and Cb metal. In the case of 
the CbO curves certain initial effects, probably due 
to the sample coming to temperature, have been 
corrected for in plotting these curves. In addition, 
the weight gains for Cb metal, were multiplied by 
3/5 to correct for the stoichiometry of the reaction; 
i.é., if the oxidation of CbO were the rate-controlling 
step, every time three atoms of O were added to the 
CbO molecule five atoms would be added to each Cb 
atom. 

The slopes of the CbO curves shown in Fig. 5 in- 
dicate that the oxidation is approximately parabolic. 
This suggests that the reaction is controlled by dif- 
fusion of oxygen through the adherent oxide shown in 
Figs. 3(b) and (c). As shown by the intercepts of the 
CbO curves with the ordinate axis (t-f, = 1) there is 
little change in rate constant through this tempera- 
ture range. This could be accounted for by a low 
activation energy of diffusion through the oxide or 
by a tendency of the oxide to become more compact 
as the temperature increases. On the other hand, 
the Cb oxidation curves show that these reactions 
are between parabolic and linear but closer to linear 
in character. The reactions have a much lower rate 
constant than that of CbO. These differences in rate 
constant and in reaction rate law show that the oxi- 
dation of CbO cannot be the rate controlling step 
from 800° to 1200°C. Thus, in the oxidation of Cb 
metal in this temperature interval presence of a 
CbO layer is possible only if the Cb,O, layer has 
protective qualities in certain local areas. 

The optically inactive layer of oxide seen in Fig. 
1(6) might be an extremely fine grain Cb,O, or one 
of the as yet unidentified phases found in oxidation 
of Cb sheet at low temperatures by Hurlen et al.® 
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Molybdenum by Direct Thermal Dissociation 


of Molybdenum Disulfide 


Molybdenum of high purity can be produced by direct dissoci- 
ation of commercial molybdenum disulfide in vacuo at 1600° to 
1700°C (2910° to 3090°F). The product is lower in oxygen than 
commercially available molybdenum powder. Analyses of ingots 
arc-cast from commercial molybdenum powder, hydrogen-re- 
duced from ammonium molybdate, and from thermally dissociated 
molybdenum disulfide indicate that the levels of chemical impur- 


ities in these ingots are similar. Equipment now in operation will 
produce 100-lb batches of powder product. The paper describes 
development of processing equipment, control of processing vari- 
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ables, handling of the product, and evaluation of the metal pro- 


duced, 


MotyspenitTE (molybdenum disulfide) can be de- 
composed by heat in the absence of oxygen to pro- 
duce elemental molybdenum and sulfur, which is 
evolved as a gas. The temperatures required for 
the dissociation are above 1370°C (2500° F); the sul- 
fur must be continuously withdrawn to permit the 
reaction to proceed to completion. This is accom- 
plished by continuous evacuation of the thermal dis- 
sociation chamber and condensation of the gaseous 
sulfur in another part of the system. 

In reality, the dissociation occurs in two discrete 
steps: 


1) 4 MoS, ~2 Mo,S; + Sg) 
2) 2 Mo,S, ~ 4 Mo + 3 S. 


Cognizance of the fact that the dissociation takes 
place in two steps is important in controlling the 
process. 

Basically, the molybdenite dissociation process 
has two potential advantages as a method of produc- 
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ing pure molybdenum: 

1) The materials entering into the process contain 
little or no oxygen. Since the process is carried out 
in vacuum at high temperature, the quantities of in- 
terstitial oxygen, nitrogen, and hydrogen in the prod- 
uct should be very low. 

2) The process is more direct than the commer- 
cial method of producing high-purity molybdenum. 
In the conventional process, molybdenite is roasted 
to molybdic oxide, the oxide is purified first by 
sublimation, then by conversion to ammonium molyb- 
date, and finally, the molybdate is reduced in a hy- 
drogen atmosphere (usually in two steps) to the metal- 
lic molybdenum powder. 

This paper presents a description of the stages in 
scaling-up of the dissociation equipment and an ac- 
count of attempts to evaluate the molybdenum pro- 
duced by thermal dissociation, rather than a report 
of a fundamental study of the dissociation reaction. 

Since little has been written on the subject, it is 
appropriate, before detailing the development of 
the process, to review briefly the research that has 
been conducted over quite a period of years. 


LITERATURE SURVEY 


The first accounts of the possibility of thermal 
dissociation of the mineral molybdenite were re- 
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Table |. Purification Achieved by Thermal Dissociation of 
Regular Mine Concentrate 


Weight of Impurities 


Chemical Analysis Per 100 gof Molybdenum 

Charge Product Charge Product 
Mo 54.93 pct 96.08 pct 100.00 g 100.00 g 
S 36.06 0.041 65.65 0.042 
Cc 0.22 0.13 0.40 0.14 
SiO, 5.3 1.00 9.34 1.04 
Cu 0.19 0.05 0.36 0.05 
R,0, 1.48 2.69 
Not analyzed 1.99 2.70 3.62 2.81 


Total 


ported by Guichard in 1896 to 1901.'° Guichard 
heated 30 to 60-g samples of molybdenite in an elec- 
tric arc furnace and observed that the first evolution 
of sulfur produced molybdenum sesquisulfide, Mo.S, , 
which in turn evolved sulfur, leaving a residue of 
molybdenum metal. No additional information on 
molybdenite dissociation was published until 1928. 

In that year, H. Gruber and coworkers‘ stated that 
molybdenum disulfide exposed to 1400°C (2550° F) 

at pressures of 2 to 4 mm Hg will produce metallic 
molybdenum. In the same year, Parravano and 
Malquori,” in attempting to define the reaction con- 
ditions, reported that the dissociation of molybdenum 
disulfide is not complete at pressures of several 
millimeters of mercury at temperatures in the 
range of 1400°to 1500°G (2550° to 2730° F). 

In 1929, M. Picon® reported the relation between 
temperature and the rate at which molybdenum 
disulfide dissociated. A translation of his work in- 
dicates that 6 hr in vacuum at 1100°C (2010°F) 
caused a 13 pct weight loss. The product of heating 
MoS, for 2 hr at 1200°C (2190°F) contained 1.6 pct S. 
At 1400°C (2550°F) the reaction was exceedingly 
rapid, and the metal remaining after heating was 
completely ‘‘free of sulfur’’. 


SMALL-SCALE LABORATORY EXPERIMENTS 


The first attempt to produce metallic molybdenum 
by thermally dissociating molybdenite at the Climax 
laboratory was made in June 1943. In this experi- 
ment, regular mine concentrate was added in small 
increments to a zirconia crucible which was heated 
to 2430° to 2550°F (1330° to 1400°C) in an evacuated 
chamber. A total of 67 g of powdered molybdenite 
was added to the crucible in 1 1/2 hr. In the follow- 
ing 1 1/2 hr, the temperature was raised to 2940°F 
(1620°C). 

Comparison of the chemical analyses of the charge 
and of the product, Table I, revealed that not only 
was substantially all the sulfur removed, but also 
that the process simultaneously removed a signifi- 
cant amount of the impurities in the molybdenite. As 
an example, note the reduction in silica from 9.34 g 
per 100 g of molybdenum in the charge to 1.04 g per 
100 g of molybdenum in the product. 

The study continued with the dissociation of 150 to 
300-g charges of pelletized molybdenite. These 
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Fig. 1—Microstructures of molybdenum powders. Polish- 
etch-buff. (a) Mo from MoS, (3000°F)—0.0027 pet O. (4) 
Good commercial Mo-0.030 pect O. X2000. Reduced ap- 
proximately 23 pet for reproduction. 


studies disclosed that dissociation for 1 hr at 2600°F 
(1430°C) resulted in a product with only 0.018 pct S 
and 0.006 pct C. Zirconia and beryllia were found to 
be suitable refractories for the process operating in 
the 2600°F (1430°C) temperature range. Unexplained 
at that time was the occurrence of a melt, at a tem- 
perature as low as 2350°F (1290°C), in some of the 
dissociation experiments. (Recent experiments indi- 
cate that the melt consisted of a eutectic of approxi- 
mately equal quantities of Mo and Mo...) 

Further investigation of thermal dissociation of 
molybdenite was suspended until November 1952. At 
that time, molybdenite containing only 0.5 pct gangue 
(Lubricant Grade MoS,) became available as a result 
of the introduction of a new milling process at the 
Climax mine, and it appeared that molybdenite of this 
quality held promise for producing pure molybdenum 
by direct dissociation. In the initial experiment, 25 g 
of ‘‘Lubricant Grade MoS,” pellets were heated toa 
maximum temperature of 3000°F (1650°C); the 
charge had a 100° to 300°F (55° to 165°C) tempera- 
ture gradient. The time at temperature was 3 1/4 hr, 
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for the arc-casting process. Polish-etch-buff. X2000. 
Reduced approximately 23 pet for reproduction. 


and the final pressure was 20u of Hg. This treatment 
resulted in a product containing 0.0027 pct O, as de- 
termined by the vacuum fusion method, and 0.019 pct 
S. The product was found to be the cleanest, metal- 
lographically, of all molybdenum powders examined 
at this laboratory. A comparison between the micro- 
structures of the dissociation product and good com- 
merical molybdenum powder is made in Fig. 1. 

A word of explanation regarding metallographic 
examination of molybdenum powders is in order. A 
representative sample of the powder to be examined 
is mixed with an equal quantity of Lucite powder, 
poured into a metallographic mounting press mold, 
and excess Lucite is added to make a mount of con- 
venient height. After curing, the mount is ground 
and polished to reveal the internal characteristics of 
the powder particles when examined at high magnifi- 
cation. Final polishing is accomplished by a polish- 
etch-buff procedure which is described in the litera- 
ture.” 

Using this metallographic technique, many powders 
have been examined to determine their suitability as 
arc-cast feed stock. Speckled or spongy structures, 
as shown in Fig. 2, are undesirable, and have been 
correlated with ingots exhibiting high oxygen con- 
tents. Metallographically ‘‘clean’’ powders are 
molybdenum powders that exhibit little or no sponge 
or speckling. 

The observations made on this molybdenite dis- 
sociation product marked the turning point, at 
Climax, in the consideration of the application of 
the product. In earlier work, the dissociation prod- 
uct was considered as an agent for adding molyb- 
denum to irons, steels, and nonferrous alloys. The 
clean structure and the relatively low oxygen con- 
tent indicated that the dissociation product had po- 
tential as a feed stock for the arc-casting process. 

The arc-casting process which is being referred 
to is the vacuum-arc consumable electrode process 
developed at the Climax laboratory. In this process 
the powder charge, containing a small addition of 
carbon as a deoxidizer, is consecutively pressed 
into an electrode, sintered by electrical resistance 
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Fig. 3—Microstructure of molybdenum produced by dis- 
sociation of MoS, at 2500°F. Polish-etch-buff. X2000. 
Reduced approximately 23 pct for reproduction. 


heating, and melted by an alternating current arc 

in a water-cooled copper mold to produce a cast 
ingot.” This process requires low oxygen molyb- 
denum feed stock, since only a limited time is avail- 
able for deoxidation during melting. 

The first group of experiments aimed at the pro- 
duction of high purity feed stock for arc casting was 
concerned with the minimum temperature required 
to obtain the desired purity and grain characteris- 
tics. It was soon established that dissociation was 
far too slow at 2500°F (1370°C) to be considered 
practical, and the structure of the product processed 
at that temperature was observed to be both speckled 
and spongy, Fig. 3. 

Since high temperatures favored the development 
of the desirable large, clear molybdenum grains, the 
balance of the 1952 research program was directed 
to obtaining data at 3000°F(1650°C), the tempera- 
ture considered to be the highest practicable for 
operating commercial equipment. It was concluded 
on the basis of the test results that molybdenite must 
be pelleted to prevent loss of charge, i.e., to obtain 
adequate recovery. The product of runs in which the 
molybdenite had been pelleted was more difficult to 
crush, but from the particle size and metallographic 
purity standpoint, it compared favorably with the 
products obtained from loose powder charges. 

The last of the experimental work undertaken in 
1952 consisted of attempts to decompose molyb- 
denite by resistance heating a rod formed by the 
consecutive addition of a series of compacts. It was 
shown that if the rod was preheated to about 1200°F 
(650°C), it became conducting and could be heated by 
electrical resistance. However, the rod fused by 
formation of a eutectic between Mo and, it was be- 
lieved, Mo.S,. It was decided that for future decom- 
position experiments radiant heating would be em- 
ployed. 


TWO- POUND BATCH EXPERIMENTS 


The objective of the work undertaken in 1953 was 
the evaluation of molybdenum which had been vacuum - 
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Table Il. Concentrations of Metallic Impurities 


First Ingot From 
Lubricant Ingot From Commercial 
Grade Dissociation Molybdenum 
MoS, Product Powder 
Iron 0.20 pct 0.005 pct 0.0047 pct 
Silicon 0.10 0.001 0.0014 
Copper 0.034 0.0005 N.D. 
Aluminum N.D. 0.001 N.D. 


N.D. —not determined 


arc cast from feed stock produced by thermally dis- 
sociating molybdenite. Thermal dissociation equip- 
ment was constructed to explore the possibility of a 
continuous process of passing the charge through the 
hot zone of a furnace. The successful operation of 
this equipment as a continuous process was not real- 
ized due to resulfurization of the product during 
cooling. Revision of the equipment made it possible 
to produce 2-lb batches of molybdenum in the uni- 
form temperature zone of the furnace. A total of 
eight batches, using lubricant-grade molybdenum 
disulfide, supplied material for arc-casting. The 
attempt to arc-cast this material in the press- 
sinter-melt (PSM) equipment was unsuccessful due 
to the failure of the electrode, but a length of elec- 
trode was salvaged and was converted into a small 
ingot in equipment in which preformed electrodes or 
bar stock can be arc-cast. 

The quality of this small ingot was good. Fracto- 
graphic examination, Fig. 4, revealed the presence 
of intergranular carbides and no manifestation of 
oxide. For comparison, the structure revealed at 


the same magnification by standard metallographic (b) 
examination has been included in this illustration. Fig. 4—Structure of first ingot produced from molybdenite 

The fractographic technique used for ingot evalu- dissociation product. (a) Fractograph. (4) Electropolished. 
ation is described more fully in the literature. ”’® X2000. Reduced approximately 23 pct for reproduction. 
Essentially, it is a sensitive and convenient method : 
for examining the phases present on intergranular as-cast grain boundaries exhibit sheet oxide, as . 
surfaces. When carbon is not used for deoxidation shown in Fig.5(a). As increments of carbon are : 


in arc-casting commercial molybdenum powder, the added, the sheet oxide decreases in quantity with the 


(4) Carbides and ‘‘Speckling”’ (c) Carbides and Absence of ‘‘Speckling’’ 


Fig. 5—Characteristic phases revealed on the surfaces of molybdenum grains by fractographic examination. X2000. Re- 
duced approximately 26 pct for reproduction. 
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Fig. 6—Representative microstructure of molybdenum 
powder produced in 18-lb batches by dissociation of MoS, 
at 3000°F. Polish-etch-buff. X2000. Reduced approxi- 
mately 23 pet for reproduction. 


platelets finally disappearing and the oxide occurring 
as speckling, coincident with carbide ‘‘feathers,’’ 
Fig. 5(b). As deoxidation becomes more complete, 
specks become less evident and finally disappear 
completely, Fig. 5(c). 

It would be desirable to have a raw material that 
was sufficiently low in oxygen to require little or no 
carbon for deoxidation. Molybdenum from direct 
thermal dissociation of molybdenite holds this po- 
tential. 

An analysis of the metallic impurities in the first 
small ingot of molybdenum, produced from thermally 
dissociated molybdenite, compared favorably with the 
analysis of a concurrent ingot arc-cast from com- 
merical molybdenum powder, as shown in Table II. 


EIGHTEEN- POUND BATCH EXPERIMENTS 


The success of the process using equipment for 
producing 2-lb batches of molybdenum led to the 


360-VOLUME 221, APRIL 1961 


Table lil. Analyses of Molybdenum Powders Produced by 
Thermally Dissociating Molybdenite 


Run Carbon, Pct Sulfur, Pct 
4-24-56 0.008 0.009 
5-7-56 0.012 0.007 
5-14-56 0.010 0.022 
5-21-56 0.014 0.011 
6-4-56 0.004 0.015 
6-11-56 0.011 0.014 
6-18-56 0.002 0.010 


decision to design and construct equipment capable 
of producing 18-lb batches of molybdenum. The ob- 
jective was to use this equipment to dissociate 
molybdenite in vacuum at temperatures near 3000°F 
(1650°C) and to evaulate the molybdenum so pro- 
duced on the basis of the properties of the arc-cast 
and wrought metal. In the first run with the new 
equipment, it was found that the sulfur-condensing 
device was inadequate. In scaling-up the molybdenite 
dissociation process, one of the major problems has 
been the effective condensation of the evolved sulfur. 
The most desirable condensate, a crystalline deposit, 
is difficult to achieve. Two undesirable forms have 
created problems, sulfur ‘‘smoke’’ (.e., condensate 
of fine particles in the gas stream) and the rubbery, 
amorphous form. A suitable condensing system was 
developed to handle these forms of sulfur. 

The equipment which was developed consisted of a 
furnace, which was located in a large hermetically- 
sealed chamber, connected through a cold trap to an 
oil ejector vacuum booster pump backed by a me- 
chanical forepump. The furnace had an alundum 
muffle which was heated by molybdenum strip re- 
sistors. (Once an alundum muffle had been used, it 
would disintegrate after a one-or two-day exposure 
to air, but if kept under vacuum it would remain 
serviceable). The pelleted molybdenite charge was 
contained within a basket of perforated molybdenum 
sheet. A screw jack was used to raise the charge 
into the furnace and to lower the product from the 
furnace. 

The sulfur evolved during the dissociation opera- 
tion was deposited on a rotating disk condenser 
operated at 150°F to crystallize the amorphous sul- 
fur condensate. This permitted scrapers to remove 
the sulfur deposit continuously from the condenser. 
When dissociation was complete and the molybdenum 
product had cooled, the chamber was filled with argon 
from an argon purification and recirculation system. 
The molybdenum was then removed from the furnace, 
crushed, loaded into transport bottles, and the bot- 
tles sealed while maintaining a purified argon at- 
mosphere in the chamber. 

Molybdenite, in the form of lubricant-grade molyb- 
denum disulfide, was dissociated to the metal ina 
series of runs made with this equipment. The carbon 
and sulfur analyses of the products are given in 
Table III. 

The analyses indicated that sulfur removal was 
substantially complete. (Corollary experiments in 
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Fig. 7—Fractographs of 3 in. ingots. (2) Mo from MoS,— 
0.016 pet C, 0.0005 pct O—Heat 3-1844 (4) Commercial 
Mo-0.025 pet C, 0.0005 pct O-Heat 3-1843. X2000. Re- 
duced approximately 23 pct for reproduction. 


PSM arc-casting equipment showed that as much as 
0.02 pct sulfur in the charge apparently did not con- 
taminate the arc-cast product). The carbon contents 
were sufficiently low for the metal to be acceptable 

as arc-cast feed stock, but the variation in the car- 

bon contents indicated the desirability of more con- 

trol of the process. 

The metallographic characteristics of Run 4-24-56, 
which were representative of these powders, are il- 
lustrated in Fig. 6. The structures exhibited the 
large, clear grains characteristic of the product of 
high temperature thermal dissociation. 

Three-inch diameter ingots were cast from the 
products of dissociation Runs 4-24-56 and 6-18-56. 
One 5-in. diam ingot was cast from the accumulated 
product of five other runs. Companion ingots of the 
same sizes were cast, using commercial molyb- 
denum powder and graphite additions for deoxida- 
tion. No such additions were made to the thermal 
dissociation products. 
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Fig. 8—Fractographs of 5-in. ingots. (a2) Mo from MoS,— 
0.001 pet C, 0.0053 pct O—Heat 3-1881. (4) Commercial 
Mo—0.015 pct C, 0.0006 pet O—Heat 3-1880. X2000. Re- 
duced approximately 23 pct for reproduction. 


The ingots were analyzed spectrographically to 
compare the level of metallic impurities. The re- 
sults, shown in Table IV, demonstrate that the metal- 
lic purity was essentially the same for ingots arc- 
cast from commercial molybdenum powder and from 
molybdenum produced by thermal dissociation of 
lubricant-grade molybdenum disulfide. The prim- 
ary difference in the analyses of the arc-cast ingots 
is seen to be the definitely higher aluminum content 
and the somewhat greater chromium and cobalt con- 
tents inthe dissociated molybdenite product. 

The exceptional cleanliness (relatively little oxide 
speckling)in the fractograph, Fig. 7(a) of Heat 3-1844, 
the ingot arc-cast from the molybdenite dissociation 
product is, to our knowledge, the best yet exhibited 
by an ingot containing as little as 0.016 pct C. 

The five-inch-diameter ingot, Heat 3-1881, cast 
from the several batches of molybdenite dissociation 
product, contained essentially no carbon. As a re- 
sult, some oxide specks and platelets were observed 
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Table IV. Spectrographic Analyses of 3- and 5-In. Ingots 


Powder Commercial Molybdenum ‘issociated Molybdenite 


Heat No. 3-1843 3-1880 3-1844 3-1884 3-1881 
Ingot Diam, in. 3 5 3 3 5 
Element Impurities in Parts Per Million 
Magnesium 7 6 6 6 7 
Aluminum 1 1 53 53 10 
Silicon 32 32 32 32 32 
Titanium 67 68 45 45 45 
Vanadium 1 1 5 5 2 
Chromium 7 6 19 19 8 
Iron 65 63 64 64 65 
Cobalt 10 1 16 16 10 
Nickel 6 1 5 5 2 
Copper 2 1 2 1 2 
Silver LS 0.6 0.6 0.6 2 
Lead yf 6 6 6 7 
Total 204.5 184.6 253.6 252.6 192 


on the as-cast grain surfaces, Fig. 8(a). Of all of the 
Climax experiments in arc-casting molybdenum, 
never before has it been possible to produce an un- 
alloyed molybdenum ingot with a carbon content of 
less than about 0.010 pct without observing flake 
oxide on fractographic examination. Thus, it was 
concluded that the thermal dissociation of molyb- 
denite has produced molybdenum powder lower in 
oxygen than any powder heretofore available. 

Vacuum fusion analyses of arc-cast ingots re- 
vealed that the contents of the interstitial elements 
(6 to 50 ppm O, dependent on the carbon content, 
<0.2 to 0.7 ppm H, <3 to 4 ppm nitrogen) of the 
dissociation products were only as low as, but not 
lower than, those obtained in commercial practice. 
Inability to realize the potential of the thermal 
dissociation process for achieving lower contents 
of interstitial elements was ascribed to the inability 
to achieve sufficiently low pressures during the 
final stage of the dissociation reaction. 

Heat 3-1881 was readily extruded, but in view of 
its as-cast fractographic appearance, its inability 
to be press-forged was not surprising. At this point, 


November 1956, the furnace was worn out, and ex- 
perience with the many problems involved in sulfur 
condensation made it apparent that the sulfur con- 
denser should be located away from the dissociation 
chamber. It was considered desirable to develop 
equipment to produce still larger batches of molyb- 
denum powder, so that the product of one batch could 
be arc-cast into an ingot sufficiently large to fabri- 
cate by methods comparable to commercial practice. 
The properties of molybdenum produced from molyb- 
denite dissociation could then be compared to the 
properties of commercial molybdenum in the form of 
powder, as-cast ingots, and various wrought products, 
However, before a furnace could be designed, it was 
necessary to find an inert material to serve as the 
hot face interior of the dissociation furnace. 

Small-scale experiments were conducted to deter- 
mine the effect of several variables on the carbon 
content of the product, as well as to discover an inert 
construction material. It appeared that the small 
mass of the charge (12 to 45 g) affected carbon con- 
tent and the results could not be extrapolated to 
larger equipment. Therefore, these experiments 
were discontinued but fortunately not before dis- 
covering that MgO brick was unaffected by the con- 
ditions which are encountered in the operation and 
repair of a furnace for the molybdenite dissociation 
process. 


100- POUND BATCH EXPERIMENTS 


For the last two years the primary objective has 
continued to be the evaluation of the quality of arc- 
cast ingots made from the molybdenite dissocia- 
tion product. A necessary preliminary objective has 
been the construction and operation of an experi- 
mental dissociation unit capable of producing 80- 
to 100-lb batches of molybdenum. 

A schematic diagram of the equipment which was 
constructed is presented in Fig. 9. The numbers 
used in the following description are the same as 
those used in the diagram. 


Fig. 9—Equipment for dissociating 160-lb 
batches of molybdenite to produce 80- to 
100-lb batches of molybdenum powder. 
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1) Furnace or Dissociation Chamber—A charge of 
molybdenum disulfide pellets in a perforated molyb- 
denum sheet container is dissociated in the Furnace 
at pressures ultimately reaching 1 to 5u of mercury 
at temperatures of 3000°F (1650°C). Molybdenum 
resistance heating elements are used, and sealed- 
in molybdenum wells protruding into the dissociation 
chamber permit optical pyrometers to be used to 
determine furnace temperatures. 

2) Sulfur Condenser—Three baffles divide the Sul- 
fur Condenser into four zones which progressively 
cool and condense the sulfur vapors. A neon light 
transformer, 12,000 volts ac, is used to charge sulfur 
particles suspended in the gas phase (sulfur smoke) 
to increase the efficiency of the Sulfur Condenser. 
The sulfur vapor which is evolved in the Furnace is 
conducted to the Sulfur Condenser in a pipe which 
becomes hot enough to prevent sulfur from solidify- 
ing within it. 

3) Cold Trap—Experiments conducted to date have 
used either dry ice in alcohol or liquid nitrogen as a 
cooling medium. 

4) Oil Jet Booster Pump—This vacuum pump is 
used during the major part of the dissociation reac- 
tion. 

5) Oil Diffusion Pump—This vacuum pump is used 
alone or in conjunction with the Oil Jet Booster Pump 
to attain high vacuum during the final stages of the 
dissociation reaction. 

6) Mechanical Vacuum Forepump—An Oil Purifi- 
cation System has been added to the mechanical 
pump which is used to back up both the booster and 
the diffusion pumps. 

7) Chamber—The Furnace is completely enclosed 
in the Chamber, which is evacuated and then filled 
with purified argon before starting a dissociation 
run. The argon atmosphere surrounding the evacu- 
ated furnace provides additional protection against 
contamination of the product. If, during a dissocia- 
tion run, a leak develops in one of the high-tempera- 
ture seals in the furnace, then the leakage to the 
furnace is purified argon, rather than air. At the end 
of the dissociation reaction, the cooled product is 
removed from the furnace into the purified argon 
atmosphere of the Chamber. Until it is vacuum arc- 
cast, the product is never exposed to any other 
atmosphere. 

8) Argon Purification System—The argon in the 
Chamber is continuously recycled through the puri- 
fier. 

9) Screw Jack Lift—The charge is raised into the 
Furnace, and the product is lowered from the Furn- 
ace with the Screw Jack. 

10) Crusher Plate--The product is hammered 
through the 5/8-in. diam holes in this plate, produc- 
ing a coarse, crushed product. 

11) Wiley Mill—The coarse, crushed molybdenum 
is reduced to a minus 10-mesh powder in the Wiley 
Mill. The milled product can be transported to the 
consumable-electrode, vacuum arc-casting equip- 
ment in sealed containers and arc-cast without being 
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exposed to air. 

The equipment which has just been described in- 
cludes all of the revisions and additions which have 
been made to date. By the use of this equipment, 
the thermal dissociation reaction itself has been 
successfully scaled-up to reduce 160-lb batches of 
molybdenite to produce molybdenum with approxi- 
mately 0.020 pct S and 0.004 to 0.008 pct C. The 
operation of the equipment has been less fortunate, 
for in spite of the fact that the equipment operated 
properly for extended periods of time, malfunction- 
ing of various furnace parts has caused most of the 
dissociation runs to be unsuccessful. 

The development of the sulfur condensing system 
has met with a greater degree of success. The use 
of baffles and, it is believed, the glow discharge 
has brought about a marked improvement in the ef- 
ficiency of the Sulfur Condenser as originally con- 
structed. 


SUMMARY 


In summary, the molybdenite dissociation process 
equipment has been scaled-up from batch charges 
weighing 70 g to batches weighing 150 to 300 g, from 
there to 3 lb, then to 32 lb, and finally up to 160 lb of 
molybdenite. In no case has scaling-up the process 
introduced new problems with respect to the purity 
of the resulting product. The molybdenite dissocia- 
tion process has been shown to be capable of pro- 
ducing a molybdenum product of high purity, sub- 
stantially equivalent to that produced by hydrogen 
reduction of highly purified molybdic oxide. In ad- 
dition, the oxygen content of the molybdenite dis- 
sociation product is considerably lower than pres- 
ently available commercial powder. 

Difficulties were encountered with the equipment 
used for dissociating the 3-, 32-, and 160-lb batches. 
These difficulties arose due to the problems asso- 
ciated with handling successively larger masses of 
evolved reaction products, and to the lack of knowl- 
edge of the properties of construction materials for 
equipment operating under the unique conditions im- 
posed by the molybdenite dissociation process. 

It is believed that the information obtained in the 
operation of the equipment for dissociating 160-lb 
charges of molybdenite makes it possible to re- 
design and to successfully operate equipment for 
dissociating even larger batches of molybdenite. 
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The Effect of Copper, Nickel, Iron, and Chromium 
on the Tensile Properties of Preferentially 


Oriented Beryllium Sheet 


Beryllium was mixed by powder metallurgical techniques 
with copper, nickel, ivon, and chromium, vespectively, to form 
beryllium-rich binary alloys which were then extruded and 
rolled tvansverse to the extrusion direction. The effect of each 
alloying element was determined by tensile testing. In solid 


solution, small amounts of iron and nickel had an embrittling cE uM. Veus 
effect, while copper in solution increased the strength but had P , 
no effect on ductility. The effect of chromium was complicated A. D. Donaldson 


and not readily explainable. Observations concerning the planes 
and modes of fracture were made. 


A. R. Kaufmann 


Beryiuwm possesses some very attractive prop- easily be amortized by the savings in fuel costs, and 
erties for general design applications, especially its increases in aircraft payload and range. The only 
strength to weight ratio which is approximately twice factor which has prevented the use of the metal in 


that of aluminum and three times that of stainless structural applications is its lack of sufficient duc- 
steel. Equally significant, however, is its combina- tility. It is this property that has retarded the de- 
tion of high moduli (E ~ 40x 10° psi, C ~ 21 x 10° velopment and utilization of beryllium. 

psi), high strength (approximately 70,000 psi tension Beryllium’s modes of deformation, Fig. 1 indicate 
and 40,000 psi shear), and low density (0.0658 lb that the main fracture planes at room temperature 
per in.*), which has made it a potentially important in a randomly oriented sample are the (0001) basal 
structural material for use in high-speed aircraft planes; the (1120) prism planes are the planes of 


and missiles. The main attractions of beryllium are secondary fracture.” Klein, Macres, Woodard, and 
most marked when compared to other constructional Greenspan’ obtained elongations of up to 40 pct in 
alloys now in use. For example, while its density is beryllium sheet rolled above 700°C when the (0001) 


approximately that of magnesium, its modulus of basal planes were oriented parallel to the plane of 
elasticity is approximately seven times that of mag- the sheet (see Fig. 2). 

nesium, three times that of titanium, four times that 

of aluminum, and 1 1/3 times that of steel. Further- Basal Plone (1130) Fracture Plane 


more, its relatively high strength and high melting 


temperature permit design for service temperatures [129] (1010) 
to about 1100°F, It is felt by the aircraft industry aes ml 


in general,’ that the high cost of beryllium can 


F. M. YANS and A. D. DONALDSON, Junior Members 
AIME, formerly with Nuclear Metals, Inc., Concord, Mass., 
are presently Vice Presidents, Metalonics Corp., Boston, 
and Technical Director, Nuclear Metals, Inc. 
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Fig. 2—Beryl- 
lium strip with 
a large degree 
of ductility in 
the plane of the 
sheet only. 


The object of this investigation was to determine 
the solution hardening effects of iron, nickel, chro- 
mium, and copper, some of the main impurities 
found in beryllium, on the tensile properties of the 
metal; some of these elements in solution might be 
the cause of brittleness. A convenient way to obtain 
enough ductility in beryllium to detect the effects 
of these impurities was to make use of the afore- 
mentioned preferentially oriented sheet; this was 
the material employed. 


REVIEW OF THE LITERATURE 


Although there has been much speculation concern- 
ing the possibility of trace amounts of impurities 
being the cause of brittleness in beryllium, it has 
not yet been proved that their removal will lead to 
extensive ductility.* Tuer and Kaufman’ have shown 
that in single beryllium crystals up to 700°C the 
most important slip and tensile elongation occurs on 
the (1010) planes in the [1120] directions. The (0001) 
basal planes are the main fractures planes. Twinning 
occurs on the (1912) planes and is observed in tension 
and compression. The optimum orientation for max- 
imum ductility is one in which a [1010] direction is 
parallel to the tensile axis; and the only form of ex- 
tensive tensile deformation at room temperature 
which can be sustained without fracture and cracking 
is (1010) duplex slip. 


Table Il. Alloy Content of the Binary Beryllium Alloys Produced 
(Total Alloy Content = As-Received Content Plus Wt Pct Added) 


Chromium Iron Nickel Copper 
Wt Total Wt Total Wt Total Wt Total 
Pct Alloy Pct Alloy Pct Alloy Pct Alloy 
Added Content Added Content Added Content Added Content 


0.10 0.10 0.13 0.24 0.030 0.047 0.12 0.12 
0.30 0.30 0.29 0.40 0.072 0.089 0.19 0.19 
0.47 0.47 0.35 0.46 0.16 0.17 0.34 0.34 
0.55 0.55 0.44 0.55 0.24 0.25 0.42 0.42 
0.32 0.33 
0.52 0.53 


Table |. Chemical Analysis of the As-Received QMV Beryllium 
Powder, Wt.Pct* 


NMI No. SMB447 Brush Beryllium Co. No. Y-8838-AP 
Al Ca Cr Cu Fe Mg Mn Ni Si 
0.018 0.003 0.008 0.003 0.110 0.070 0.006 0.017 0.070 


BeO 
0.900 


*As determined by the Brush Beryllium Co., Cleveland, Ohio 


SPECIMEN FABRICATION AND MECHANICAL 
TESTING 


In preference to casting, semi-powder methods 
were used to fabricate the alloy tensile specimens. 
Substantially better mechanical properties were ob- 
tained for several reasons: 

1) Large grain size is associated with cast beryl- 
lium. 

2) Segregation in the cast metal could be a problem 
since there are large density differences between 
beryllium and the alloy additions. 

Commercially pure Brush Beryllium Co.’s QWV 
powder (-200 mesh, -74) is used as a matrix (see 
Table I), A list of the composition of the binary 
alloys fabricated is given in Table II. The iron was 
added in the form of 20-y carbonyl powder and the 
nickel, chromium, and copper in the form of 75-y 
powder. 

Prior to the compaction of the powders, each alloy 
is milled in a glass jar. One-half-in. teflon cubes 
are used to assist agitation while the jar is turned 
on a rolling mill for 12 hr. The fine powder sizes 
and milling technique resulted in excellent dispersion 
(see Table III), 

The resulting homogenous powder mixture is cold 
compacted into a steel extrusion can formed from 
Shelby mild steel tubing. The compacting is done by 
means of a hydraulic press exerting 30 tons per in.” 
on the powder, resulting in a compact of 1.58 g per 
cc which is 85 pct of theoretical density. 

The cold-compacted powder and can is heated to 
about 1066°C (1950°F) before extrusion. The com- 
plete extrusion billet and die assembly, as shown 
in Fig. 3, fits into a liner which is preheated to 
482°C (900°F); the cone and die are also heated to 
this temperature. A glass lubricant was used dur- 
ing extrusion. 

The final size of the extrusion was a flat 1/2 by 
1 1/2 in. by approximately 6 ft. The reduction in 
area by extrusion was 12.8:1. After the extruded 
flats were air cooled, the steel cans were pickled 
off in an aqueous solution of 50 pct HNOs, which 
does not attack beryllium. 


Table Ill. Chemical Analysis of Preliminary Extrusion 


Distance from Front Fe, 
of Extrusion, In. 


12 0.506 
15 0.509 
18 0.522 
21 0.526 
24 0.516 
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EXTRUSION DIE 


CONE NOSE CAN END PLUG 
PLUG (WELDED TO CAN) 
GRAPHITE 


CUT - OFF 


BERYLLIUM 


AWAY. 


= 18-4-1 

SS = 1020 STEEL 
= GRAPHITE 


Fig. 3—Extrusion die, cone, can, nose-plug, end plug, and 
graphite cut-off. 


Bars of 3 in. length were cut from the extrusions, 
wrapped in 18-gage stainless steel sheet. and then 
sandwiched in mild steel ‘‘picture frames”’ for roll- 
ing (see Fig. 4). The stainless steel wrapping pre- 
vents the bonding of beryllium to the steel frame at 
high temperature. The total rolling reduction ratio 
was approximately 5:1 and all sandwiches were 
heated to 1010°C (1850°F) for 1 hr for the purpose 
of solutionizing the alloys before rolling. The sand- 
wiches were rolled transverse to the extrusion di- 
rection with 25 pct reduction on each pass and re- 
heated to temperature (1010°C) between passes. 
After rolling, the sheets were air cooled to room 
temperature and the mild steel sandwich was pickled 
away. The stainless steel wrapper was peeled off 
by hand. Beryllium sheet 0.09 in. thick was ob- 
tained. About six tensile specimens were cut from 
each alloy sheet, three parallel to the rolling direc- 
tion and three perpendicular to it. Each blank was 
surface-ground flat, the gage length formed by 
grinding, and the bearing holes drilled. The speci- 
men was then etched in a 10 pct sulfuric acid aqueous 
solution until the thickness was reduced by 8 mils to 
remove all twins formed in the machining operation. 

The above fabrication processes yielded beryllium 
sheet with a fairly equiaxed microstructure. The 
grain size was approximately 20 to 40 yu in diam and 


(000!) Pole Figure 


(1070) Pole Figure 


Rolling 
= 


A 
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Fig. 4—Rolling assembly: (from left to right) beryllium 
flat wrapped in stainless steel; bare beryllium flat; steel 
top of sandwich; steel evacuation tube leading to sandwich; 
and steel sandwich with bottom welded on. 


was not affected by the type or amount of alloying 
element added. 


SPECIMEN ANALYSIS 


A) Textures— Basal and prism plane pole figures 
of the unalloyed beryllium sheet were constructed by 
means of X-ray diffraction techniques.* Scans were 
made every 10 deg, and no symmetry was assumed. 
These figures (see Fig. 5) show that the basal plane 
poles [(0001) poles] are mainly oriented about 17 deg 
on either side of a perpendicular to the sheet in a 
plane parallel to the extrusion direction. This basal 
pole concentration 17 deg from the normal to the 
sheet is apparently due to the fact that (1012) twin- 
ning as well as (1010) slip is operative at the fabri- 
cation temperatures.° A very high (1010) pole den- 
sity exists in the extrusion direction and 60 deg to 
it. The random sample was constructed by cold 
compacting and sintering. In a sheet with this basal 
plane layer texture, the basal plane fracture mecha- 
nism is made almost totally inoperative if uniaxial 
tensile stresses are applied in the plane of the sheet 
and as a result large plastic deformations can be 
achieved. The reason for this is that the basal 
planes are almost parallel to the plane of the sheet 


Fig. 5—Typical pole figures for the (0001) 
(basal) and (1010) (prism) planes of the 
pure beryllium sheet. 
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Fig. 6—The effect of Fe, Ni, Cu, and Cr on the lattice 
parameter ‘‘C’’. 


and are not subjected to transverse, tensile, or 
compressive forces. However, no plastic deforma- 
tion can be achieved transverse to the plane of sheet 
because plastic tensile or compressive strains are 
encountered transverse to the major fracture planes. 
Hence, the sheet possesses ‘‘two dimensional duc- 
tility’? and will not deform plastically under biaxial 
tension, 

Texture studies were not made on the alloyed 
sheet. Observations of the fracture patterns (dis- 
cussed later in the text) in the alloyed and unalloyed 
beryllium sheet indicated that all sheets had the 
same type of texture. If there was any variation in 
texture between the specimens, it was only in de- 
gree, and this could not be detected by fracture ob- 
servation. Variation in the degree of preferred 
orientation could cause a change in mechanical proper- 
ties, and it would be interesting to determine whether 
or not it is affected by the type or amount of the 
various alloying elements used. Since all fabrica- 
tions were performed above the recrystallization 
temperature, any hypothetical texture changes at- 
tributable to the alloying elements might actually be 
due to their effects on the orientation and growth of 
nuclei during the recrystallization process rather 
than on the deformation texture developed prior to 
recrystallization. 

B) Solubility Measurements—Since the purpose of 
this work is the investigation of solid solution em- 
brittlement caused by iron, nickel, copper, and 
chromium, a solutionizing heat treatment that in- 
creases the grain size must be avoided. If the pre- 
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Fig. 7—The effect of Fe, Ni, Cu, and Cr on the elongation 


of beryllium. 


pared alloys exceed the room-temperature solu- 
bility limit, there is no absolute reason for be- 
lieving them to be in solution after air cooling. In 
the case of iron, nickel, and copper, the maximum 
solid solubility is definitely in excess of the amount 
of alloying addition. The maximum solid solubility 
is approximately 100, 50, and 13 times that of the 
maximum amount of copper, nickel, and iron added, 
respectively (see Table IV). The maximum solid 
solubility of chromium in beryllium is not known. 
Several tests were therefore performed to deter- 
mine the amount, if any, of alloying element in so- 
lution after various treatments. These tests were 
as follows: a) high resolution radiography, b) metal- 
lography, and c) lattice parameter measurements. 
The radiographic and metallographic examinations 
can detect at best only very large segregation; the 
lattice parameter measurements are more precise. 
The metallographic results were obtained from as- 
rolled and solutionized sheet. The radiographs and 


Table IV. Maximum Solid Solubility of Cu, Ni, Fe, and Cr in Be 


Max At. Pct Max Wt Pct 


Atomic Ele- Solid Solid 
No. ment Solubility Solubility References 
29 Cu a 53 Losana and Venturello® 
28 Ni 4.9 34 S. H. Gelles, NMI° 
26 Fe 0.93 5.8 S. H. Gelles, NMI? 
24 Cr ? 
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Fig. 8—The effect of Fe, Ni, Cu, and Cr on the reduction 
in area of beryllium. 


lattice parameter measurements were obtained 
from as-rolled material. Although quantitative data 
are not obtainable in all of these techniques, com- 
parison can yield a very good idea of the extent of 
solutionizing, 

Random portions of sheets containing the highest 
alloy content in each binary system were radio- 
graphed for 7 sec under chromium Ka, 19 kv 5 ma, 
X-rays at a distance of 28 cm. No segregation was 
detected. Since there is an extremely large differ- 
ence in X-ray attenuation between beryllium and the 
alloying additions, this test is very strong evidence 
of the absence of major segregation. 

These same sheets were metallographically ex- 
amined after extrusion, after rolling and also after 
being solutionized at 1100°C for 24 hr and then 
water quenched. No second phase or segregation 
was evident. The grain size did not appear to be 
affected by the type of alloying element. 

The lattice parameter C for each alloy was meas- 
ured by X-ray diffraction techniques and the results 
are given in Fig. 6. The crystallographic plane in 
the silicon standard used to calibrate the goniometer 
had a Bragg angle only 6 deg away from the (0004) 
beryllium reflection detected by means of NiKa ra- 
diation. The (0004) reflection occurred at a Bragg 
angle of approximately 135 deg. An error analysis 
proved that, for the experimental condition used, 
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Fig. 9—The effect of Fe, Ni, Cu, and Cr on the yield point 
of beryllium. 


the probability that any points would lie within an 
error of + 0.0001A is 0.8. This accuracy of 

+ 0.0001A is the relative error between points and 
the measurements should not be construed as ab- 
solute since no corrections for the absorption, or 
geometry were made. In the case of iron, nickel, 
and copper alloys the lattice parameter exhibits a 
marked constant increase with composition. Chrom- 
ium does not have as much of an effect on the lattice 
parameter as the copper, nickel, or iron. 

It is concluded that all or most of the nickel, iron, 
and copper are in solid solution. The chromium 
does not appear to be in solution, but it might be if 
the chromium atoms went interstitially into the 
beryllium lattice in the A direction (only values of 
C are given in Fig. 6). When the beryllium C/A 
ratio (which is already less than ideal) is consid- 
ered, however, this possibility appears doubtful. 
One other possibility which would not contradict the 
experimental evidence is that the chromium might 
be in solution but not have as large a size effect on 
the lattice as the other elements used. 


RESULTS AND DISCUSSION 


A) The Tensile Properties of Each System—All 
tensile results are shown in Figs. 7 to 11, in which 
each point is the average of at least five values. 
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Fig. 10—The effect of Fe, Ni, Cu, and Cr on the engineering 
tensile strength of beryllium. 


It should be noted that all tensile results are plotted 
as a function of alloying element added and not total 
alloy content. Straight-line relationships were ar- 
bitrarily assumed in many instances where scatter 
in the data was large. The variation of the tensile 
properties with alloying content has been viewed 
from an aspect of maximum solid solubility. It has 
been found that some of the tensile properties vary 
with the maximum solid solubility of the alloying 
elements as well as their concentration. The maxi- 
mum solid solubility for the elements under consid- 
eration decreases linearly as the atomic number 
decreases, Table IV. The copper has no effect upon 
the elongation and reduction in area of beryllium, 
but raises the yield point slightly and the tensile 
strength considerably. This appears to be the most 
attractive alloying system. Nickel in solution sig- 
nificantly decreases the elongation and reduction in 
area, but does not appear to affect the yield point. 
Its effect on the tensile strength is more difficult to 
understand, for the tensile values do not extrapolate 
linearly back to the as received tensile values. 

0.43 wt pct Fe added in solid solution to the as- 
received beryllium reduces the reduction in area 
and elongation of the beryllium sheet by a factor of 
approximately 6, but the yield strength and engi- 
neering tensile strength are markedly increased, 
Figs. 9 and 10. The true tensile strength varies with 
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Fig. 11—The effect of Fe, Ni, Cu, and Cr on the true tensile 
strength (fracture load/final area) of beryllium. 


iron content in a manner similar to that of the be- 
ryllium-nickel system. With small additions of 
chromium (0.25 wt pct), there is an initial decrease 
in reduction in area and elongation, with a subse- 
quent increase in ductility at about 0.5 wt pct Cr. 
Although this reversal might conceivably be caused 
by solution and precipitation hardening reactions in 
competition with each other the effect is, at best, 
anomalous, It is very doubtful that the degree of 
solid solution embrittlement is a function of the 
lattice strain observed in Fig. 6 since copper did 
not adversely affect the ductility and yet it caused 
almost as large an increase in the lattice parameter 
as Fe and Ni. 

The ductility seems to be less and less affected 
by the impurities as the atomic number increases. 
When copper is added there is no effect on ductility 
but the tensile strength increases. This observation 
suggests that an investigation of the beryllium-zinc 
system might show an increase in ductility as well 
as tensile strength. If the hypothetical linear rela- 
tionship between iron content and ductility is as- 
sumed to be correct, the ductility of the as-received 
beryllium sheet may possibly be increased by about 
15 to 20 pct of its present value by using iron-free 
beryllium powder. To date, it is very difficult to 
obtain any beryllium powder on a commercial basis 
with less than 700 ppm of Fe. 
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Fig. 12—Beryllium sheet (as-received composition) 
cracked by dropping an iron weight on it. 


It would be very interesting to observe the effect 
of Fe, Ni, and Cu, in the form of a precipitate, on’ 
the mechanical properties of this type of beryllium 
sheet. If these elements in precipitate form did not 
adversely affect the ductility there would be little 
impetus to reduce their concentrations in beryllium 
below the present commercial level because the 
metal currently available could be precipitation heat 
treated to eliminate solid-solution embrittlement. 
The existing phase diagrams indicate neglibible 
solid solubility of Fe, Ni, or Cu in beryllium at 
room temperature. 

B) Fracture Planes of the Sheet— The fracture 
plane orientation is shown in Fig. 12. The (1010) 
pole figure, Fig. 5, shows that the fracture planes 
are the (1120) planes, and a qualitative diffraction 
pattern of the cracked surfaces indicates that there 
is a high concentration of the (1120) planes parallel 
to the cracks. This same type fracture pattern is 
observed in the alloyed sheets. The (1120) planes 
are perpendicular to and at 30 deg to the rolling 
direction. In almost every case the tensile speci- 
mens fractured on the (1120) planes. 

A very small number of specimens, (1 out of 50), 
which fractured with an extremely low ductility and 
tensile strength, were the only ones which did not 
fracture on the (1120) planes; it is assumed that 
these unusual fractures were due to one of the three 
following reasons: 

1) The fabrication did not orient every grain suf- 
ficiently and enough stress was allowed to reach the 
basal planes in one grain to initiate basal plane slip, 
and hence premature fracture. 
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2) The specimen did not have all of the machine 
surface removed by the 0.008-in. etch. If so, (1012) 
twins remaining on the surface would be in the cor- 
rect orientation to facilitate basal plane fracture. 

3) There may have been microcracks on the sur- 
face or interior of the specimen. 
This last possibility appears most likely. 


CONC LUSIONS 


1) Iron in solution drastically reduces the ductility 
of beryllium. 

2) Copper in solution increases the yield point and 
tensile strength of beryllium with no adverse effects 
on the ductility. 

3) The fracture planes of beryllium sheet with a 
basal plane layer texture are the (1120) planes. 
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Dispersion Strengthening in the Copper-Alumina 


System 


A series of copper-alumina dispersion strengthened alloys 
were prepared using three different copper and two different 
alumina powder sizes. Improvements in strength of up to ten 
times that of pure copper were found in room-temperature as 
well as elevated-temperature stress-rupture tests. Conductivity 


values remained from 70 to 90 pct that of pure copper. The best 
alloys were based on the finest metal powder (1) and contained 
from 7.5 to 10.0 vol pet of 0.018 or 0.033 alumina, 


Dispersion strengthening of metals consists of 
strengthening a metal matrix by the addition of ox- 
ides or other refractory constituents, followed by 
strain hardening, in order to reinforce the base ma- 
terial and extend its temperature range of applica- 
tion. Since the discovery of SAP by Irmann’ and 

Von Zeerleder’ in 1949, many investigators have re- 
ported data obtained on a variety of metal-inert oxide 
alloys.*” 

The present work deals with the mechanical mixing 
of copper and alumina powders. While several tech- 
niques of introducing the second phase have been in- 
vestigated to date, mechanical mixing so far has 
been recognized as the simplest, least expensive, 
and most universally applicable technique that can 
be used to obtain an ultrafine dispersion of inert 
particles. In the present case, the effects of chang- 
ing the metal particle size, the oxide particle size 
and the volume percent of oxide were investigated. 
This work is an extension of a previous study. ° 


EXPERIMENTAL PROCEDURE 


The starting materials were three different grades 
of copper powder and two different alumina powders. 
The three metallic powders were -74 .(- 200 mesh) 
electrolytic copper powder consisting of irregular 
equiaxed particles having a normal screen distribu- 
tion and analyzing 99.5 pct Cu, and two powders hav- 
ing a 5-u and 1-y particle size, average, respec- 
tively. The latter powders were produced by the 
hydrogen reduction of purified sulfate solutions at 
elevated temperature and pressure and were fur- 
nished by the Sherritt Gordon Mines, Ltd. The 
alumina used was obtained from Godfrey L. Cabot 
Co., under the trade name of Alon C, one batch of 
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powder having a particle size of 0.018 yu, the other a 
particle size of 0.033 yu. The crystal structure of 
these alumina powders was found to be cubic gamma. 

Each batch of powder was mixed in a Waring 
Blendor for a total of 15 min, followed by a low-tem- 
perature reduction in hydrogen and vacuum compact- 
ing in cylinders which were hydrostatically pressed 
at 35,000 psi to give a compact that could be handled 
conveniently. Six of the compacts were hydrogen 
sintered at 900°C while the remaining four were 
sintered at 1000°C. Subsequently, all compacts 
were hot extruded at 760°C with a reduction of 
area ratio of approximately 20 to 1. 

Evaluation of alloys included density and re- 
sistivity measurements, room-temperature tensile 
tests, stress-rupture tests at 450°C plus one other 
temperature per alloy, hardness tests, microstruc- 
tural examination, X-ray analysis of the dispersed 
phase after dissolving the metal phase, and oxida- 
tion studies on two of the alloys. A vacuum-melted, 
wrought copper rod was tested together with these 
alloys for comparison purposes. 


RESULTS 


Table Iis a summary of the compositions, sinter- 
ing temperatures, densities and conductivity values 
of the ten alloys prepared. All alumina additions are 
given in volume percent, and will be referred to as 


Table |. Composition, Density and Conductivity of Ten Alloys Produced 


Volume Density, Conductivity, 

Alloy Sintering Cu Size, AlI,0, Size, Pct, Pct of Pct of 

No. Temp.,°C Calc. Value Pure Cu 
A 900 -74 0.018 a5 99.1 91.8 
B 900 -74 0.018 5.0 95.1 86.3 
€ 900 -74 0.018 as 96.3 80.3 
D 1000 -74 0.018 10.0 93.7 80.8 
E 900 1 0.018 a3 98.7 78.7 
F 900 1 0.018 5.0 98.6 76.4 
G 900 1 0.018 y 98.7 69.4 
H 1000 1 0.018 10.0 98.8 69.2 
I 1000 1 0.033 10.0 98.0 64.6 
J 1000 5 0.033 10.0 99.4 69.6 
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Table Il. Summary of Data for Ten Dispersion-Strengthened Copper-Alumina Alloys and Pure Copper 


Interpolated Values for 100 Hr R. L. Room-Temperature Data Crystal Struc. of 
Alloy Temp., Stress, Elong., Red.of Area, Yield, Psi, Ultimate, Elong., Ra Alumina, after 
No. "Cc Psi Pct Pct 0.2 Pct offset Psi Pct Pct Extraction® 
A 350 10,000 2 2 25,400 32,300 15 34 gamma 
450 4,000 2 2 
B 350 15,000 1 1 26 600 36,800 12 23 gamma 
450 13,000 2 2 
Cc 450 12,000 2 3 29,300 36,400 6 14 gamma 
650 4,800 1 1 
D 350 16,400 1 1 28,300 42,000 6 10 50 pct gamma 
450 12,000 1 2 50 pct alpha 
E 350 11,000 2 4 27 ,400 35,300 20 68 gamma 
450 8,000 2 2 
F 350 21,000 2 3 48,400 58,800 iy 23 gamma 
450 18,800 2 3 
G 450 23,500 1 1 69,900 88,500 5 Zz gamma 
650° 10,500 2 4 
H 350 6,800 2 2 25,800 33,900 9 17 alpha f 
450 3,600 2 2 t 
I 450 24,800 1 1 60,500 77,400 5 11 90 pct gamma q 
550 17,000 1 1 10 pet alpha 0 
J 450 20,000 1 1 59,200 66,300 6 7 80 pct gamma . 
550 14,000 1 1 20 pct alpha 
Pure Cu 350 6,200 30 28 8,000 32,000 55 70 es d 
450 2,600 18 18 s 
550 1,200 25 23 x 
*Alumina as received has the gamma or cubic crystal structure. The transformation occurring is to the alpha or hexagonal structure (Corundum) tl 
which is the most stable form of alumina. 
Same data for tests at 450°C after prior 1000°C annealing. Pp 
it 
such throughout the paper. Table II summarizes all large initial increase in yield strength over that of t 
of the test data and serves as a supplement to the pure copper. 
data presented below. lc 
Fig. 1 presents stress-rupture data at 450°C for ° of 
alloys A to D, containing -74- Cu and increasing ¢ 90;— to 
amounts of 0.018- alumina, compared to pure cop- 5 5 w 
per. While the 2.5 pct addition gives only a small 5 > ac 
increase in strength over pure copper, 5.0, 7.5, and Py r 80 pe 
10.0 pct additions show a considerable increase in = : 23 
rupture life, the data for these three alloys falling a” in 
into a narrow stress range. Comparison of the stress 8 | | | | ad 
to give a 100-hr rupture time for these three alloys 70 su 
shows a value of approximately 12,000 psi compared 50 tu 
to 2600 psi for pure copper. | q | I 
Fig. 2 shows the room-temperature tensile and th 
conductivity data for these same four alloys, the Tensile Strength se 
tensile strength of alloy D being 42,000 psi compared 40 |- = te) 
7 to 32,000 psi for pure copper, whereas the yield 5 = 69 
strength is 28,300 psi compared to 8000 psifor pure 8 2 TS by 
copper. It is of interest to note that the strength 2 © 30 a \ Yield Strength | | all 
values in Fig. 2 do not exhibit a great dependence on = | » ee Oo ror 
the volume percent of oxide added, except for the a2 i du 
| | 6 20 Reduction of Area va] 
- 200 mesh Cu, Various Vo! Percent of 0.018 u (Cu) 
25 ol. Percent 1 Elongation tie: 
1 | | || | | | | | ing 
0.02 0.05 0.5 10 50 100 500 4 
Fig. 1—Log stress vs log rupture time at 450°C for pure Fig. 2—Room-temperature tensile and conductivity data for : that 
copper and four -74 yp Cu alloys containing up to 10 vol pct four -74-p Cu alloys containing up to 10 vol pct of 0.018 yp ret: 
of 0.018-y alumina. alumina. H ( 
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Fig. 3—-74-p Cu; 5 vol pet 0.018 p»p alumina. Longitudinal 
section; Unetched. Oxide 100 percent gamma alumina. 
X500. Reduced approximately 37 pct for reproduction. 


Conductivity measurements gave values ranging 
from 80 to 90 pct that of pure copper, the conduc- 
tivity decreasing with increasing oxide content. Fig. 
3 shows the microstructure of alloy B with 5.0 pct 
oxide; this structure is representative of that of the 
alloys in this series. The stringering is due pre- 
dominantly to the relatively coarse copper powder 
size and the wide range of powder sizes involved. 
X-ray measurements of the alumina extracted from 
these four alloys showed that in the 2.5, 5.0, and 7.5 
pct alloys, the gamma structure was retained, while 
in the 10.0 pct alloy, one-half of the alumina had 
transformed to alpha (hexagonal). 

Fig. 4 gives stress-rupture data at 450°C for al- 
loys E to H containing 1-y Cu and increasing amounts 
of 0.018-y alumina. Comparison of the stress values 
to give a 100-hr rupture life for these four alloys 
with pure copper (2600 psi) shows that the 2.5 pct 
addition has raised this stress to 8000 psi, the 5.0 
pct addition to 18,800 psi, and the 7.5 pct addition to 
23,500 psi. The 10.0 pct addition shows only a slight 
increase over pure copper, to 3600 psi. The 7.5 pct 
addition of 0.018-y alumina to 1-y Cu has thus re- 
sulted in an increase of nine times the 100-hr rup- 
ture life stress for pure copper. 

Fig. 5 plots the room-temperature properties of 
these four alloys. The 7.5 pct addition can again be 
seen to have produced the strongest alloy giving a 
tensile strength of 88,500 psi and a yield strength of 
69,900 psi, improving the values over pure copper 
by factors of 2.7 and 8.7, respectively. The 10.0 pct 
alloy by comparison shows only small increase in 
room-temperature strength over pure copper; the 
ductility values for this alloy show an increase in 
ductility compared to the 7.5 pct alloy. Conductivity 
values for this group of alloys vary between 70 and 
80 pct of the conductivity for pure copper. 

It is apparent from Figs. 4 and 5 that the volume 
percent of oxide added to the 1-u copper powders 
exerts a large influence on the mechanical proper- 
ties obtained. Strength values increase with increas- 
ing oxide content up to 7.5 pct, but decrease sharply 
for the 10 percent addition. 

X-ray data on the extracted alumina residues show 
that alloys E, F, and G (2.5 to 7.5 pct additions) had 
retained the gamma structure of alumina, while alloy 
H (10 pet addition) shows a complete transformation 
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Fig. 4— Log stress vs log rupture time at 450°C for pure 
copper and four 1-y Cu alloys containing up to 10 vol pct 
of 0.018 p» alumina. 


to alpha alumina. Comparison of photomicrographs 
in Fig.6 [(a) and (b)]shows that this phase change is 
associated with a major change of the microstruc- 
ture, giving coarse agglomerates of alumina in the 
10 pct alloy, which are several times larger than the 
particles of alumina in the 7.5 pct alloy. 

Fig. 7 is a plot of room-temperature hardness vs 
annealing temperature for times of 1 hr at tempera- 
ture for alloys E, F, and G. These curves show the 
high time-temperature stability characteristic of 
these alloys. For the 7.5 pct addition, measurable 
softening occurs only after annealing above 800°C; 
even after annealing at 1000°C the hardness remains 
very high. Pure copper, on the other hand, recrys- 
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Fig. 5—Room-temperature tensile and conductivity data for 


four 1 y Cu alloys containing up to 10 vol pct of 0.018-p 
alumina. 
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tallizes in the 250° to 300°C temperature range. 

It was of interest to determine the effects of prior 
high-temperature annealing on the stress-rupture 
properties. Specimens of the 7.5 pct alloy were an- 
nealed for 1 hr at 1000°C and stress-rupture tested 
at 450°C. Results are presented in Fig. 8. The 
strength values fell to those recorded for the as- 
extruded alloy tested at 650°C, and surprisingly the 
slopes are the same, indicating the ability of these 
alloys to remain stable with respect to time at tem- 
perature. Although a considerable decrease in 
rupture stress for a given rupture life is observed 
after the annealing treatment, the alloy tested in this 
condition still shows four times the 100-hr rupture 
stress of pure copper. Elongation values were in- 
creased from 1 to 3 pct for specimens tested in the 
1000°C annealed condition. The results are in agree- 
ment with the data of Adachi and Grant.°® 

Alloys I and J contain 10 pct of 0.033-y alumina 
instead of 0.018-y alumina used in alloys A through 
H. Alloy I is based on 1-y and alloy J on 5-yCu 
powder. Stress-rupture results at 450° and 550°C 
are presented in Fig. 9. This 1-y Cu alloy was the 
strongest obtained in the present work, yielding a 
stress for 100-hr rupture life at 450°C of 24,800 psi 
(vs 2600 psi for pure copper), and a value of 17,000 
psi at 550°C (vs 1200 psi for pure copper). The 
values for the 1-y alloy I are higher than for the 5-u 
alloy. Tensile and conductivity data for these two al- 
loys are listed in Tables I and II, X-ray examination 
of extracted residues showed that alloy I retained 90 
pet of the original gamma alumina with 10 pct being 
transformed to alpha, while alloy J showed a 20 pct 
transformation to alpha. 
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Fig. 7—Hardness vs annealing (1 hr) temperature curves 
for 50 pet cold-worked, pure copper and three 1- u copper 
alloys containing up to 7.5 vol pct of 0.018- w alumina. 
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Fig. 6—(a) One-p Cu; 7.5 vol pct 0.018 p 
alumina. Longitudinal section. Unetched. 
Oxide 100 pet y alumina. (4) One-p Cu; 
10.0 vol pet 0.018 y» alumina. Longitudinal 
section. Unetched. Oxide 100 pct a 
alumina, X1000. Reduced approximately 
6 pet for reproduction. 


Fig. 10 shows the microstructure of alloy I. A 
number of coarser alumina particles can be seen in 
this microstructure, and are believed to be associ- 
ated with the y to a transformation, see also Fig. 
6(b). The actual size of the alpha particles appears 
to be exaggerated due to polishing effects. 

Oxidation tests were performed on pure copper and 
alloys F and J; results are presented in Fig. 11 in the 
form of weight gain per square centimeter vs oxida- 
tion temperature. The weight gain measured for the 
powder alloys is of the same order of magnitude as 
for pure copper for oxidation times of 100 hr in air 
at the indicated temperatures. Oxidation appears to 
be considerably accelerated for all the materials 
during the cycling oxidation treatment at 650°C (10 
cycles; each cycle represents heating to 650°C, hold- 
ing for 10 hr followed by cooling to room tempera- 
ture). 

Examination of stress-rupture specimens after 
testing showed that oxidation of the powdered alloys 
had occurred only on the surface of the test bar and 
because of the transcrystalline fractures observed in 
all powdered specimens, no oxide formation was 
found on the inside of the bars. Most of the copper 
specimens, by comparison, exhibited heavy inter- 
crystalline cracking and heavy oxidation of internal 
cracks. 


DISCUSSION 


Effect of Density-- Alloys having a density of at 
least 98 pct of theoretical were judged to be sound, 
and little influence is ascribed to differences in 
properties due to variations in density between 98 
and 100 pct. Only alloys B, C, and D (-74 yu copper, 
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Fig. 8—Log stress vs log rupture time plot for a 1-p Cu- 
7.5 vol pet 0.018 -p Al,O; alloy tested at 450°C after anneal- 
ing 1 hr at 1000°C; compared to the as-extruded alloy at 
450° and 650°C and to pure copper at 450°C. 
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Fig. 9—Log stress vs log rupture time at 450° and 550°C 
for 1- and 5-p Cu alloys containing 10 vol pct of 0.033 -p 
alumina; compared to pure copper. 


5.0, 7.5, and 10.0 pct alumina) had densities lower 
than 98 pct. Examination of Fig. 3 shows the oxide in 
this series of alloys to be strung out in the extrusion 
direction in agglomerated form, and it is quite likely 
that fine voids exist among the alumina particles. 
Alloys having low densities, of the order of 94 to 96 
pct of theoretical, are suspected of giving low prop- 
erty values.* It should be pointed out, however, that 
in comparing these three alloys among themselves, 
the density variation is only on the order of 2 pct so 
that the data can probably be used to assess the rela- 
tive influence of volume percent oxide within this 
series. 

Effects of Metal and Oxide Particle Size, Ratio of 
Sizes, and Volume Percent of Oxide—Results obtained 
establish the fact that strength properties are a di- 
rect function of the starting size of the metal powder. 
The two series of alloys (A to D and E to H), using 
0.018-, alumina, show that the 1-y Cu powder 
yields much stronger alloys compared to those based 
on -74 yw Cu, even allowing for the incomplete densi- 
fication in the latter alloys. Likewise, for 10 vol pct 
additions of the 0.033-y alumina to 5- and 1-y copper 
powders, the 1-y base alloy gave superior strength 
properties. 
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Fig. 11—Oxidation results for pure copper and two extruded 

copper-alumina alloys. Open symbols for 100 hr at tempera- 

ture; solid symbols for cyclic heating (10 cycles; each cycle 

represents heating to 650°C, holding for 10 hr followed by 

cooling to room temperature). 
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section; Unetched. Oxide 90 pct y. 10 pct a alumina, X1000. 


Reduced approximately 37 pct for reproduction. 


In practice, the volume percent oxide added for 
optimum strength properties is closely related to 
the particle size of the base metal powder. For 
the -74 » Cu alloys (A to D), it was noted previously 
that strength properties did not exhibit a large de- 
pendence on the volume percent oxide added above 
5.0 pet. The only effect, visible in the pertinent 
microstructures, of increasing the amount of oxide 
was a broadening and lengthening of the stringers 
obtained. It seems reasonable that this should be 
the case, since a relatively small number of oxide 
particles will suffice to fill the spaces between large 
copper particles, even if ideal mixing conditions 
are assumed. The largest copper particles present 
are the limiting factor to the average interparticle 
spacing of the oxide phase. The addition of more 
oxide serves only to overload the structure, increas- 
ing the size of the agglomerates already present. 

The use of finer copper particles (1) , by com- 
parison, allows a greater amount of oxide to be uni- 
formly dispersed. The larger surface area of the 
fine metal powder increases the number of inter- 
stices to accommodate a larger amount of fine oxide 
colonies. Thus, the oxide interparticle spacing can 
be successively reduced with the addition of a larger 
volume percent of oxide, giving increased benefits 
in strength properties as was shown for alloys E, 

F, and G. Addition of more oxide beyond optimum 
filling of interstices leads to overloading of the 
structure, a process by which additional oxide par- 
ticles serve only to increase the size of oxide ag- 
glomerates. If the overloading is relatively slight, 
strength properties will not decrease appreciably, 
but elongation values will decrease. If the overload- 
ing is large, however, the oxide phase will result in 
extensive stringering and will lead to low strength 
and very low ductility values. 

The optimum size of oxide particles must in turn 
depend on the metal particle size and its uniformity. 
For alloys fabricated from coarse metal powders, 
such as the -74 yw grade used here, the size of oxide 
particles does not appear to be very critical, since 
the large interstices between the coarse particles 
allows accommodation of oxide particles several 
times larger in order of magnitude than the 0.018-u 
particles of alumina used here. The authors have 
previously reported on an alloy containing 10 vol pct 


VOLUME 221, APRIL 1961-375 


my 
Fig. 10—One -y Cu; 10 vol pct 0.033-p alumina. Longitudinal 
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of 0.3- alumina in -74- Cu powder.° This alloy 
showed a stress of 12,000 psi for 100-hr rupture life 
at 450°C, identical to the stress for alloy D in the 
present study containing 10 pct of 0.018-y alumina. 
The use of 1-to 5 uw metal powders, however, re- 
quires much stricter control of oxide particle size. 
An oxide particle size of 0.3 1 which is on the same 
order of magnitude as the metal powder, does not 
provide adequate oxide particles at 10 vol pct to yield 
a reasonable interparticle spacing.* Both the metal 
and oxide phases tend to be semicontinuous. Rupture 
stresses for 100 hr at 450°C have been measured on 
alloys containing 5 and 10 pct of 0.3 in Al,O, in 1-p 
Cu giving values of 8000 and 12000 psi, respectively. 
These compare to values of 18,800 psi for alloy F 
(5 pet of 0.018 » alumina) and 24,800 psi for alloy I 
(10 pct of 0.033 1, alumina), indicating that the finer 
oxides used give greatly superior properties. It is 
postulated, therefore, that oxide particles have to be 
considerably smaller than the metal phase in order 
to provide for a good dispersion within the metal 
matrix. Judging from the alloys produced in the 
present work with ultrafine alumina particles, and 
similar work in Ni-Al,O, alloys,’ the oxide par- 
ticles should be no less than 30 to 50 times smaller 
than the metal particles to give optimum results. 
With regard to the size of the oxide particles, it is 
apparent that for a given amount of oxide and a given 
metal particle size the overloading of the structure 
will be accelerated as the particle size of the oxide 
decreases. In comparing particles of 0.018 and 
0.033 u diam, it should be recognized that the for- 
mer contains six times as many particles as the 
latter for a unit weight of material; thus a smaller 
volume percentage of the finer oxide should give 
approximately the same interparticle spacing as a 
larger percentage of the coarser oxide powder. Com- 
parison of alloys G (7.5 pct, 0.018- alumina) and 
alloy I (10 pct, 0.033-alumina) shows that almost the 
same stress-rupture properties were obtained with 
7.5 pet of the finer oxide as with 10 pct of the coarser 
one. 


Effect of Oxide Transformation—The transforma- 
tion from y to a alumina takes place in the 800° to 
1000°C temperature range. The volume change as- 
sociated with this transformation is negative, from 
a specific volume of about 0.285 to 0.250. As is 
shown in Figs. 6(a) and 6(d), the transformation ap- 
pears to be associated with a severe coarsening of 
the oxide particles. Both the agglomeration and re- 
sultant volume change will have an effect on the 
stored energy and stability of the system. The time, 
temperature, and rate of transformation are as yet 
poorly known for the conditions of fabrication of 
these alloys. 

Nevertheless, elimination of the transformation, 
or control of it, may aid in the achievement of the 
desired structure and properties. This reasoning 
lends support to the observation by Bonis and Grant’® 
that definite advantage exists in the sintering of 
nickel base dispersion hardened alloys as opposed 
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to nonsintering. Fabrication temperatures for the 
nickel base systems are such as to be well above 
the transformation range of alumina, and it appears 
to be preferable to transform the alumina before 
extrusion to achieve stable alloys. 

In the present work, alloys D, H, I, and J, which 
were sintered at 1000°C, were all found to have 
undergone partial or complete transformation. In 
alloys I and J containing 10 pct of 0.033-y alumina, 
the effect was found to be localized, indicating that 
transformation occurred only at points having a 
large concentration (or overloading) of oxide. By 
comparison, the transformation in alloy H (10 pct of 
0.018 , alumina) was complete, indicating that with 
the finer oxide powder overloading of the structure 
was So severe that the transformation took place 
rapidly. Based on these three alloys, it would ap- 
pear that the transformation is not only time-tem- 
perature dependent, but is also affected by concen- 
tration effects. In cases where transformation of 
the oxide phase can occur, overloading of the struc- 
ture will always be troublesome since this overload- 
ing controls the size of the agglomerates that are 
formed. 


CONC LUSIONS 


1) Mechanical mixing of metal and oxide particles 
by high-speed blending followed by extrusion is cap- 
able of producing stable high-strength alloys. The 
best alloys obtained in the present study of the cop- 
per-alumina system exhibited increases in stress for 
a 100-hr rupture life of 9 to 10 times that of pure 
copper at 450°C and 14 times at 550°C. A room-tem- 
perature tensile strength of 88,500 psi and yield 
strength of 69,900 psi were recorded for one of the 
best alloys compared to 32,000 and 8,000 psi, re- 
spectively, for pure copper. Ductility data varied 
between 5 and 30 pct at room temperature. 

2) Of special interest were the high conductivity 
values found in these copper alloys. Conductivities of 
70 to 90 pct compared to pure copper were meas- 
ured. 

3) Variables affecting the microstructure and 
properties of these alloys were shown to be the initial 
particle sizes of metal and oxide powder, the volume 
percent of oxide used, and transformation of alumina 
during fabrication. For best results, the finest metal 
particles (below about 5 yz) should be blended with 
oxide particles on the order of 30 to 50 times smaller 
than the metal particles. The optimum volume per- 
centage of oxide must be determined experimentally, 
based on the available particle sizes of both metal 
and oxide powders. Assuming a 1- to 5-yu metal 
powder and 0.01 to 0.03 y oxide, the optimum volume 
percent of oxide will vary between 5 and 12 vol pct. 
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Calculation of Activities in Binary Systems 
Having Miscibility Gaps 


A method of calculating activities in binary systems having 
miscibility gaps is described. The method, which applies only to 
the phase in which the gap occurs, is exact when the function a;, 
defined by the equation 


(L-N,F 
varies linearly with composition. Analytical and numerical solu- 
tions (as a function of the conjugate phase compositions) are pre- ee: 
sented for two coefficients A and B from which the thermodynamic = 
activities can be calculated. Deviations from Henry’s law, calcul- og 
able by the method presented, are shown graphically for the par- 
ticular case of the component i at the edge of the miscibility gap 
more remote from pure component i. For symmetrical gaps, the 
deviation from Henry’s law at this gap edge becomes smaller as 
the gap becomes wider. The interrelation of gap location, the di- 
rection of departures from Henry’s law and the occurrence of 
maxima and minima in these departures is discussed in some de- 
tail, Values for a and for activity calculated from phase diagrams 
show fair to excellent agreement with corresponding experimental 


of 


values in the Al-Zn and CaO-SiOz systems. 


Waen structurally similar phases, £ and 4, lie at 
the sides of a two-phase region in a constitution 
diagram, it can be assumed that, stably or metast- 
ably, they will become completely miscible at a 
higher temperature. The 8 and 5 phases are par- 
ticular composition ranges of a single 85 phase re- 
gion with a miscibility gap. Below, as above, the 
critical solution temperature, the free energy of 
formation of the 85 phase is a continuous function of 
composition through the range of the miscibility gap. 
It is the purpose of this paper to use this continuous 
free-energy function in order to develop a simple 
method for computing the thermodynamic activities 
in the 86 solution of a binary system. 

To make these calculations it is assumed that the 
function a;, familiar from Gibbs-Duhem integrations 
and defined by the equation 

Iny; 
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is linear with composition, that is, 
a,=A+B(1-N,)=A+B-N, 


The symbol N; represents the atom fraction of com- 
ponent 7.* Throughout the paper the pure components 


*In all symbols, subscripts denote components. 


(having the same crystal structure as the £6 solution) 
are used as the standard states to which thermody- 
namic activities, a;, are referred and the activity co- 
efficients, y;, denote the quotients, a;/N;. The second 
of the foregoing identities defines two coefficients A 
and B, which, at a given temperature, are constants 
in a particular system. It can readily be shown by 
integration of the Gibbs-Duhem equation that 


a,=A+ a(3 +N) 

The condition that @; be linear with composition is 
not purely hypothetical. Darken and Gurry showed 
that a number of real systems essentially conform to 
this restriction. For any system of interest, in which 
the manner of variation of a; with composition is not 
known, the contents of this paper until superseded by 
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experimental data will serve as a guide in estimating 


activities. 


CONDITIONS AT THE CRITICAL SOLUTION TEM- 
PERATURE 


The free energy of formation of the 86 phase*, AF, 


*The second of the expressions for the free energy can be shown to 
be identical with that used by Hardy’ to define his ‘‘sub-regular’’ solu- 
tion model, which in turn he showed was effectively identical with con- 
cepts by earlier workers. Denoting atom fractions by V, and N,, Hardy’s 
expression (containing his coefficients 4, and A,) reads 


AF =A,NiN, + A,N,N2 + RT(N, InN, + N, InN.) 

in which 

(2A, A,) 
RT 

(A, 2A,) 
RT 


The justification for the present paper lies in the greater ease of calcu- 
lating activities by the method described here. 


=A 


is given by: 
AF = RT [N, 1n (y,N,) + Nz In 
= RT(N, In N, + N, In N,) + RT(N,N5 + NIN, 
= RT[(1-N,) In (1 -N,)+ N, In 
+ RT |v. -NZ)(A+B) + (Nz - N32) 
Separation of the 86 phase into two immiscible so- 
lutions is possible when the curve of AF vs N, has 
two points of inflection. At the consolute point, the 


two inflections must coincide and they can converge 
only when both 


CONJUGATE -SOLUTION COMPOSITION, LOG N& 
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«3 
Fig. 1—Departures from Henry’s law by component 2 at 
the - edge of the miscibility gap. The running parameter, 
Y2 denotes the ratio the activity coefficients 
of component 2 at N», = ng and at N,=0. [(Zones ‘*X”’ 
largest departure from Henry’s law is at Ne (gap edge)); 
(Zone ‘‘Y’’ largest departure from Henry’s law is in the 
stable solution region, 0 < < ).] 
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d° AF ana 
dN; dN3 
are zero. Solving for A and B according to these 
conditions 
_ 3-1 
2(1—x)x* 


3(1 —x )*x? 
where x denotes the value of N,at the consolute point. 
At the critical solution temperature, it is possible 
then to calculate from the phase diagram the values 
of a;,y; and, finally, the activity a;at any composi- 
tion of the solution. 

Unless the consolute point lies within the equi- 
librium phase diagram and is known with accuracy 
the method of computation loses utility. It is desir- 
able also to repeat here the restriction that a; must 
be linear for strict applicability. 


DERIVATION OF THE VALUE FOR a; FROM COM- 
POSITIONS OF CONJUGATE £8 and 6 SOLUTIONS 


At any temperature, the atom fractions of compo- 
nent 2, NSand N68, in the conjugate solutions corre- 
spond to the points of tangency of the straight line 
that twice touches the AF vs N, curve. The slope of 
the tangent can be obtained as the value of (d AF)/ 
(d N,) at each point of tangency and also from the co- 
ordinates of the two points. Thus, at the composi- 
tions of coexisting 8 and 6 solutions, 

(AF)® - (AF)? 


dAFV _/dAFY _ 
\dN, -N3 
yielding two independent equations in the unknowns 


A and B. 
The solutions can be conveniently expressed thus: 


= 2 (NB + | N24 Na) 
—N3) 1-N} N3(1-N) 


3) + N8)1n 


Brons 
A= 5 + we 


B 
+ ln 
2 


For ease of application, A and Bhave been com- 
puted for a wide range of combinations of conjugate 
compositions, N{ and N3. The results are given in 
Tables I and II. In preparing the tables, the 6 solu- 
tion was arbitrarily chosen to be the solution richer 
in component 2, that is, always, Né >. In applying 
the tables to a real system, subscript 2 may be ar- 
bitrarily identified with either component. As out- 
lined earlier, thermodynamic activities can be 
calculated at any composition of the solution from 
the A and B values. The method is applicable to both 
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liquid and solid solutions and to organic as well as 
inorganic systems. 

At times the chemist is more concerned with the 
deviations from Henry’s law, which may be measured 
for the arbitrary component 2 as the value either of 
¥,/Ys or of In y/y3. Fig. 1 shows the magnitude 
of this departure, yo, at the specific composi- 
tion, N8 , that is, the edge of the gap closer to pure 
component 1.* Here it is demonstrated that, along 


*The superscripts of y, denote specific compositions: ‘‘0’’ for infinite 
dilution of pure component 2 and ‘*8”’ for the 8 edge of the gap. 


the line for symmetrical gaps, the smallest depar- 
tures from Henry’s law by component 2 at the 8 edge 
of the gap are found with the widest gaps. Although 
widening of the gap implies faster departures from 
Henry’s law with increasing concentration of com- 
ponent 2, this effect is more than offset by the ap- 
proaching of the gap edge to infinite dilution. 

If the deviations from Henry’s law, In ¥,/V> , are 
examined through the whole composition range be- 
tween the pure components, three classes of curves 
may be distinguished; namely, those with a minimum, 
those with no turning point and those with a maximum. 
By differentiation of the expression 


In = 1) + BIN; - 1), 


it is easily shown that a real turning point occurs 
only when A and B have different signs and the ab- 
solute value of 3B is greater than that of 2A. Positive 
values of A yield a maximum and negative values a 
minimum. Application of these criteria with Tables 
I and II discloses in broadly qualitative terms that 
minima are associated with gaps lying near pure 
component 1 and maxima with gaps lying near pure 
component 2, while the range of gap locations for 
which there are no turning points lies in between. 
Fig. 2 illustrates how activity itself can vary with 
composition; the upper sketch applies when there is 
a minimum or no turning point in In y,/y; and the 
lower sketch applies when there is a maximum. 
Turning to a consideration of only the stable 8 solu- 
tion range, the lower sketch of Fig. 2 aids in recog- 
nition of the fact that, when there is a maximum in 
¥%/ o the largest absolute deviation from Henry’s 
law may be found at a composition closer to pure 
component 1 than the 8 gap edge. The boundaries of 
zone Y in Fig. 1 delineate the range of miscibility 
gaps for which this largest absolute departure is 
located at the maximum of In y,/72 within the 6 solu- 
tion range. 


EXAMPLES 


Hilliard, Averbach, and Cohen® determined experi- 
mentally the relative thermodynamic properties in 
the alloys of the aluminum-zinc system at 300°C. 
From the tabulation of their results, the value of a, 
and the activity of aluminum (standard state: pure 
aluminum) can be derived for a number of alloy com- 
positions. 
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To compute the corresponding values of a, and 
aluminum activity by the method of the current paper, 
the range 0.438 to 0.80 atom fraction aluminum was 
used for the limits of the miscibility gap in the alumi- 
num-rich fcc phase.* The cited range yields a value 


*This range, obtained by Hilliard et al. from their consideration of the 
literature, agrees fairly well with the range derived by Hansen‘ but dif- 
fers somewhat from their own experimental findings. 


of +3.260 for Aand of — 1.752 for B. In Fig. 3 the ex- 
perimental values of a, are seen to scatter about the 
line calculated from the position of the miscibility 
gap alone. The apparent anomaly of experimental 
values for @ a) being obtained within the gap range 
arises from the conflict in gap location cited in the 
footnote. In Table III, experimental and calculated 
values for aluminum activity are tabulated for com- 
parison. The agreement is excellent on the alumi- 
num-rich side of the gap but on the zinc-rich side 
the agreement is only fair. 

As a second example, the activity of silica at 1698° 
in the liquid phase of the lime-silica system was 
calculated from the compositions of the coexisting 
liquid solutions at the monotectic.* The calculated 
values (which refer to a standard state of liquid 
silica) are compared in Fig. 4 with the values for 
the activity of cristobalite obtained by Yang, McCabe, 
and Miller® and by Chipman’ from his own work and 
that of Richardson.® The three lines of Fig. 4 mutu- 
ally disagree but the author’s line, calculated from 
only two points on the phase diagram, predicts with 
apparent correctness that silica activity remains 
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Table Ill. Calculated and Experimental Values for Aluminum 
Activity in Aluminum-Zinc Alloys at 300°C 


| 
HILLIARD, AVERBACH AND COHEN O 


Aluminum Activity 


(EXPERIMENTAL ) 


Aluminum Experimental’® Calculated 
0.95 0.957 0.958 (0) 
0.90 0.928 0.928 fo} 
0.85 0.914 0.910 
0.82 0.908 0.902 
Range of miscibility gap in fcc phase 0.908 0.898 3.0; LINE CALCULATED BY AUTHOR 
0.45 0.877 0.898 FROM LOCATION OF 
0.425 0.838 0.895 MISCIBILITY GAP 
Range of coexisting fcc and cp hexagonal 0.838 0.882 
phases 


below 0.1 up to 0.4 mol fraction then rapidly in- 
creases almost to unity near 0.7 mol fraction. Ina 


system for which the phase diagram is known but for 


which there is little thermodynamic data a predic- 
tion of this type can be made with relative ease to 
direct a research effort to the most fruitful region. 


2.5 


SUMMARY 


A method applicable to binary systems has been 
presented for the rapid calculation of activities in 
phases containing a miscibility gap. The calculation 
is based on the hypothesis that the function a;, de- 
fined by the equation 


a; 

(1-N;) 
is linear with composition. The coefficients, A and 
B, defined by the equation 


a, = A+B(1 -N,) 


are evaluated in terms of the conjugate phase com- 
positions at the temperature involved. Numerical 
solutions of the equations for A and Bare presented 
for many combinations of conjugate compositions. 
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Fig. 4—Silica activity in the CaO-SiO, system. 
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Fig. 3—Calculated and experimental values for a,, in 
the Al-Zn system at 300°C. 


0:9 


1.0 


Deviations from Henry’s law as well as from 
Raoult’s law are computable by the method pre- 
sented. The deviations from Henry’s law by com- 
ponent 2 at the 8 edge of the miscibility gap are 
presented graphically as a function of gap position. 
The graph shows that, for symmetrical gaps, this 
deviation at the gap edge becomes smaller as the 
gap becomes wider. The interrelation between the 
gap location and the occurrence of a maximum or a 
minimum in the deviation from Henry’s law is dis- 
cussed. It is pointed out that when a maximum exists, 
which necessarily involves positive departures from 
Henry’s law, the greatest departure in the 8 solution 
is not always at the gap edge. 

Although there is no immediate procedure for in- 
spection of a phase diagram to establish the linearity 
of a;, behavior conforming to this condition is fre- 
quently observed in real systems. In sample calcu- 
lations using the method presented, fair to excellent 
agreement was found between computed and experi- 
mental a, and aluminum activity values in the Al- Zn 
system, and between corresponding values for silica 
activity in the CaO-SiO, system. For its intended 
purpose, the relatively simple estimation of activ- 
ities from phase diagrams, the method merits con- 
sideration. 
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The Determination of the Eutectic Composition by the 


Zone-Melting Method 


The zone-melting technique can be adapted for the de- 
termination of the eutectic composition in complex metal 
systems. The application of this method is demonstrated in 
a simple eutectic system, Mg-Al, in which the eutectic com- 
position is known and in a complex ternary system, Mg-Al- 
Zn, in which the literature is uncertain as to the composition 


of the ternary eutectic. The advantages and limitations of 
this unique approach for the determination of the eutectic 


composition are discussed. 


Tue eutectic composition in phase diagrams is 
usually determined by thermal analysis of a series 
of arbitarily selected alloy compositions. The tem- 
peratures of the liquidus and eutectic arrests for 
each alloy are plotted and the eutectic composition 
is estimated by extrapolation to the eutectic tem- 
perature of the curve formed by the liquidus arrest 
temperatures for the series of alloys. Although this 
approach readily yields the eutectic temperatures, 
several determinations are needed to estimate the 
eutectic composition, even in a simple system. Ina 
complex ternary system, a great many determina- 
tions are often necessary to estimate, even approx- 
imately, the ternary eutectic composition. Thus, 
the conventional method is inherently tedious and 
time consuming. 

The application of zone melting provides a rela- 
tively efficient method of determining the eutectic 
composition.’ As an illustration, consider the zone 
melting of an alloy composition C, in the simple eu- 
tectic system A-B, shown in Fig. 1, under the ideal 
conditions of infinitely rapid diffusion in the liquid, 
no diffusion in the solid, and ease of nucleation of 
both phases. As the zone moves along the bar, the 
composition of the zone is enriched by solute re- 
jected during the freezing of the a phase and the 
zone composition approaches the eutectic compo- 


sition C,;. Once the zone composition attains the lowest 


melting composition, 7.e., the eutectic composition, 
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it remains at this composition as the zone moves 
along the bar and finally freezes as such at the end 
of the bar. Chemical analysis of the end of such a 
zone-melted bar then should yield the eutectic com- 
position Cp of the system A-B. A corresponding 
analysis can be made for a ternary eutectic system. 

Under the ideal conditions noted above, only one 
pass of the molten zone is required to yield the eu- 
tectic composition. Experimentally, however, a 
solute-rich layer forms at the solid-liquid inter- 
face’ and the composition of the zone does not 
attain the eutectic composition as rapidly or as uni- 
formly as in the ideal case outlined above. But with 
agitation of the melt, the ideal conditions can be 
approximated experimentally. Also, as shown be- 
low, zone melting permits a cumulative build-up of 
the solute at the end of the bar to the eutectic com- 
position. 

The purpose of this paper is to demonstrate this 
unique method for determining the eutectic compo- 
sition. The method is here applied to two systems: 
first, to the binary Mg-Al system, in which the 
composition is well established, and second, to the 
complex Mg- Al- Zn system in which there is doubt 
concerning the composition of the ternary eutectic. 


EXPERIMENTAL PROCEDURE 


The zone-melting apparatus used in this study is 
described in detail elsewhere. Briefly, the binary 
alloy rods (5/8 in. in diam and 9 in. long) and the 
ternary alloy rods (5/8 in. in diam and 6 in. long), 
with the compositions given in Table I, were zone 
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Table |. Chemical Analysis of Alloys 
Composition, Weight Pct 


Alloy Al Zn Cu Fe Mn Ni Pb Si Sn 
Magnesium-Aluminum (1) 19.80 0.007 <0.001 <0.01 0.0012 <0.001 <0.0005 <0.001 <0.010 <0.001 
Magnesium-Aluminum (2) 27.43 0.007 <0.001 <0.01 0.0018 <0.001 <0.0005 <0.001 <0.010 <0.001 
Magnesium-Zinc-Aluminum (1) 2.50 53.0 
Magnesium-Zinc-Aluminum (2) 2.50 45.0 
Magnesium-Zinc-Aluminum (3) 10.0 40.0 
Magnesium-Zinc-Aluminum (4) a5 45.0 
Magnesium-Zinc-Aluminum (5) 1.0 49.0 
Magnesium-Zinc-Aluminum (6) 3.0 50.0 
Magnesium-Zinc-Aluminum (7) 1.0 53.0 
Magnesium-Zinc-Aluminum (8) 2.0 51.0 


zone was about 2 1/2 in. 


Eutectic System 


melted in a movable graphite crucible under a pro- 
tective atmosphere by a stationary Globar re- 
sistance furnace. The average length of the molten 


A-B 


After zone-melting, the bars were sectioned 


a+B 


A Cmax 


%B 


Structure of Alloy Bar 


a a + eutectic [—- 
Co Ce = 


a + eutectic 


At Half Traverse of Molten Zone 


a + eutectic 
° 


eutectic 
Ce 


%B 


After One Zone Traverse 


Solute Distribution 


Ci 


under ideal conditions. 


384-VOLUME 221, APRIL 1961 


Distance Along Bar 
Fig. 1—Zone melting of a binary alloy of a eutectic system 


parallel to the longitudinal axis and the segregation 
structure observed metallographically. Samples 


1/4 in. thick were then cut from the bar at 3/4 in. 
intervals and analyzed chemically. Only the 5 in. 
toward the finishing end of the binary bars were 
analyzed whereas the entire length of the ternary 
bars were analyzed. Standard procedures for mag- 
nesium alloys were used for the metallographic and 


chemical analyses. 


THE Mg- Al SYSTEM 


The Mg-Al system from 0-40 wt pct Al is well 
known,* and it has been established that a eutectic 
exists at 32.2 wt pct Al. Therefore, the Mg-rich 


eutectic has been redetermined using the zone- 


melting technique to demonstrate the utility of the 
method and to determine the effect of experimental 
variables on the efficiency of the method. It has 
previously been shown’ that solute segregation in 
zone-refined magnesium-base alloys is dependent 


on both speed of zone travel and the number of 


passes of the molten zone. Consequently, two alloys 
of Mg + Al were chosen, one containing 20 wt pct 
Al and the other 27.5 wt pct Al, to study the effect 
of initial concentration in addition to these vari- 


ables. 


The effect of speeds on zone travel of 0.11 in. per 
hr and 0.20 in. per hr on the aluminum segregation 
in the Mg-20 wt pct Al for two passes of the molten 
zone is shown by curves 3 and 4 in Fig. 2. Appar- 


° 
40 
= 
Eutectic Composition 
£30} 
o 
® 
27.5%AI, two passes, O.!lin./hr. 
© 27.5% Al, one pass, O.Ilin./hr. 
£ 20.0%AI, two posses, 0.11! in./hr. 
E 20.0%Al, two posses, 0.20in./hr. 
9 8 ng 6 5 4 2 | 0 


Distance From Finishing End of Bar, 


in. 


Fig. 2—Aluminum distribution along a Mg-Al alloy bar for 
various passes of the molten zone, speeds of zone travel, 


and initial aluminum concentrations. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


: 

\Co 
L 

T 

= 


Sat 


Fig. 3—Colony structure in Mg-Al eutectic. Light-colored 
matrix is magnesium solid solution. Dark discontinuous 
particles are Mg;7Al,). Arrow indicates growth direction. 
Growth rate = 0.11 in. per hr. X100. Reduced approximately 
11 pet for reproduction. 


ently a slower zone speed favors the early estab- 
lishment of the eutectic by allowing time for the 
solid-liquid interfacial build-up of aluminum to dif- 
fuse away. The effect of the number of passes of 
the molten zone at 0.11 in. per hr on the aluminum 
segregation for the Mg-27.5 wt pct Al alloy is 
shown by curves 1 and 2 in Fig. 2. Although the 
length of the eutectic plateau after two zone passes 
extends only 1/4 in. longer than that after one pass, 
the greater build-up of solute approaching the eu- 
tectic composition indicates that increasing the 
number of passes will increase the length of eu- 
tectic concentration at the freezing end of the bar. 
The aluminum segregation, after two passes of the 
molten zone at 0.11 in. per hr, are compared for 
the two aluminum concentrations as shown by 
curves 1 and 3 in Fig. 2. For the Mg-27.5 wt pct Al 
alloy which is nearer the eutectic concentration, the 
eutectic extends over a greater length of the bar 
than for the Mg-20 wt pct Al. In all cases, however, 
the Mg-Al eutectic obtained agreed well with the 


previously established value. A typical ‘‘colony’’ 
microstructure’ observed in the Mg-Al eutectic ob- 
tained by this method is reproduced in Fig. 3. ee 
It therefore appears that the eutectic determina- wei: 
tion by the zone-melting technique is best made by 
using slow speeds of zone travel and as many 
passes as possible. In addition, the alloy selected 
should be as near the eutectic as possible to in- 
crease the efficiency of eutectic establishment. 


THE Mg- Al-Zn SYSTEM 


The Mg-Al-Zn phase diagram is sufficiently 
complex to serve as a general case for the applica- 
tion of the zone melting method for determining the 
eutectic composition in a complex system. Con- 
flicting reports®”’ are given in the literature as to the 
ternary eutectic composition in the magnesium-rich 
region of the diagram. In Fig. 4, the liquidus valleys 
as reported by Mikheeva® are shown with the ternary 
eutectic composition given at the point c (52.2 pct Zn, 
1 pct Al, 46.8 pct Mg; 338°C). Koster and Dullen- 
kopf’ report a similar configuration of the liquidus 
valleys and place a minimum of the liquidus surface 
at the Mg-Zn eutectic (51 pct Zn, 49 pct Mg; 
340°C). Redetermination of the uncertain eutectic 
composition would be a significant by-product of the 
demonstration of this method for determining eu- 
tectic compositions. 

The freezing during zone melting of ternary al- 
loys is complicated by the possible presence of 
many invariant four-phase reactions. These re- 
actions may be classified in the manner of Vogel® 
as described by Rhines.°® The junction of the liq- 
uidus valleys, shown in Fig. 4, indicates the ex- 
istence of four-phase reactions between three 
solids and the liquid phase of the composition shown 
at the junction. The configuration of the liquidus 
valleys at points a and b in Fig. 4 indicates Class II ba ce 
reactions (in Rhines’ nomenclature). A Class I ee 
four-phase reaction—the ternary eutectic reaction— 
occurs at point c. Each of these four-phase re- 


Fig. 4—Traces of the chemical analyses 
along Mg-Al-Zn bars after four zone 
passes. The arrow head denotes the an- 
alysis at the tail of the bar. 
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Fig. 5— Longitudinal section at the mid-length of the zone 
melted Mg-53Zn-2.5Al alloy bar; four passes of the molten 
zone, speed of zone travel 0.25 in. per hr. X30. 


actions produces a characteristic microstructure. 

Under ideal freezing conditions, as the molten 
zone moves along the alloy bar, the zone is en- 
riched by solute rejected by primary crystallization 
until the zone composition reaches a liquidus valley 
at which secondary crystallization commences. The 
zone composition then moves down the valley until 
it reaches a valley junction where a four-phase in- 
variant reaction occurs. The zone composition re- 
mains at that of the valley junction as the zone 
sweeps through the bar until the zone reaches the 
end of the bar where the zone itself freezes direc- 
tionally. If the zone composition is at a Class II 
liquidus valley junction (é.g., points a or b) then 
further segregation will occur during the direc- 
tional freezing. But if the zone composition is at 
the ternary eutectic point (e.g., point c, Class I 
four-phase reaction) the end of the bar will remain 
uniformly at the eutectic composition. Under ideal 
freezing conditions, the head of the bar will show 
segregation toward the primary segregating phase. 
The middle of the bar will remain near the original 
composition. 
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The general effect of experimental variables on 
the formation of a ternary eutectic plateau at the 
end of the ternary alloy bars should be the same as 
that demonstrated above for the Mg-Al alloys. 
Rather than repeat the study of these variables, all 
the ternary alloys were zone melted under identical 
experimental conditions which would produce the 
required segregation at the end of the bar. Based 
on the experimentation for the zone-melting of 
magnesium-base alloys,°® it was decided that four 
passes of the molten zone at a zone speed of 0.25 
in. per hr would produce the conditions required for 
determining the eutectic composition in the Mg-Al- 
Zn system. 

The alloy compositions selected for zone melting 
are shown in Fig. 4. The solid line traces the anal- 
yses along the alloy bar after the zone melting, and 
the arrowhead denotes the analysis at the tail of the 
bar. Alloys 1 and 2 show considerable segregation 
toward a common composition—presumably the 
ternary eutectic composition—which is displaced 
somewhat from the composition at c reported by 
Mikheeva.° Alloys 3 and 4 show little segregation, 
probably because the Class II reaction at point b 
predominates during freezing. Alloy 5 shows con- 
siderable segregation; however, the tail portion 
does not reach either the composition at the tail 
section of Alloys 1 or 2 or that of point c. After 
these initial segregation traces were determined, 
Alloys 6, 7 and 8 were prepared and zone melted. 
No segregation was observed in these alloys. 

Examination of the microstructure of these alloys 
after zone melting can yield considerable informa- 
tion concerning the phase diagram. In Alloy 1 after 
zone melting, needle-like dendrites of an inter- 
metallic compound, formed by primary crystalliza- 
tion, are seen toward the head and bottom of the bar 
and a fine, banded eutectic structure, indicating a 
Class I freezing reaction, forms toward the top and 
tail of the bar (see Fig. 5). The tail portion of the 
bar consists entirely of the eutectic structure and 
indicates that a Class I reaction predominates 
during the freezing of the alloy. 

In Alloy 2 primary dendrites of magnesium solid 
solution are seen toward the head and top of the 
zone-melted alloy bar, whereas the fine, banded 
eutectic structure forms toward the bottom and tail 
of the bar as shown in Fig. 7. The tail sections of 
Alloys 1 and 2 are identical in composition and 
microstructure. Presumably this composition is 
the ternary eutectic composition. 

The macroscopic bands in the eutectic structures 
shown in Figs. 5, 7, and 10 are formed by alter- 
nating regions of coarse and fine eutectic as shown 
in Fig. 6. This banding could be caused by uneven 
movement of the crucible through the furnace 
causing alternating regions of fast and slow cooling. 
However, no other alloy system has generated sim- 
ilar bands in the same zone melting apparatus. 
Also, the bands form during directional freezing of 
these alloys in an apparatus in which the crucible is 
stationary. It is possible therefore that the bands 
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Fig. 6— Banded eutectic structure composed of alternating 
regions of fine and coarse eutectic. X500. Reduced ap- 
proximately 10 pct for reproduction. 


are characteristic of the Mg- Al-Zn system and 
they may be caused by oscillation of either the tem- 
perature or the composition in front of the advanc- 
ing solid-liquid interface. 

The zone-melted structures of Alloys 3 and 4 
differ considerably from those of Alloys 1 and 2. 
Dendrites of an intermetallic compound grew from 
the head of the bar, similar to the structure of Alloy 
1; however, these dendrites are attacked in the 
manner of a Class II four-phase reaction and gen- 
erate the fine structure shown in Fig. 8. A cross 
section of the attacked dendrites in Alloy 4 is shown 
in Fig. 9. This type of structure indicates that a 
Class II four-phase reaction, probably the reaction 
at point 6 of Fig. 4, predominates during the 
freezing. The banded eutectic structure only ap- 
pears in the last 1/2 in. of the bar when the zone 
froze directionally. 

In Alloy 5, equilibrium freezing conditions do not 
appear to have been approached during zone 
melting. Primary magnesium solid solution den- 
drites surrounded by a banded eutectic form near 
the head of the bar; however, at about the midpoint, 
a fine dispersion of an intermetallic compound re- 
places the banded eutectic structure, which then re- 
appears at the very tail of the bar. It appears that 
the composition of the liquid zone overshot the 
liquidus valley dc, as shown in Fig. 4, and entered a 
region where primary crystallization forms an in- 
termetallic compound. The liquidus valley dc has a 
very small slope since the ternary eutectic tem- 
perature (338°C) is only slightly below the binary 
Mg- Zn eutectic temperature (340°C). An approach 
to equilibrium freezing conditions is difficult with 
such slight slopes and Alloys 7 and 8 lying in this 
region of low slope of the liquidus surface showed 
no compositional segregation after zone melting. 
Some slight structural segregation, however, was 
observed. 

Alloy 6 was prepared and zone melted to ascer- 
tain whether further segregation to a ternary eutec- 
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Middle 
Fig. 7— Longitudinal section at the mid-length of the zone 


melted Mg-45Zn-2.5Al alloy bar; four passes of the molten 
zone, speed of zone travel 0.25 in. per hr. X35. 


tic structure would occur. The whole length of the 
bar consisted of a fine, banded eutectic structure 
with no evidence of primary crystallization, Fig. 10. 
The composition along the bar remained at the 
original composition. From this, it was concluded 
that the ternary eutectic composition in this region 
of the Mg-Al- Zn phase diagram is 50 pct Zn, 3 pct 
Al, 47 pct Mg. 

As a further check, thermal analyses were made 
on the Alloys 6, 7, and 8 which showed no segrega- 
tion analytically after zone melting. Primary 
thermal arrests, as well as the ternary eutectic 
arrest, were observed with Alloys 7 and 8. Only 
Alloy 6 showed a single invariant arrest of the 
Class I four-phase reaction type, confirming that 
Alloy 6 lies at the ternary eutectic composition. 


DISCUSSION 


It is seen that the segregation principles of zone 
melting may be applied to the determination of the 
eutectic compositions. For success, conditions 
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Fig. 8— Longitudinal section at the mid-length of the zone 


melted Mg-40Zn-10Al alloy bar; four passes of the molten 
zone, speed of zone travel 0.25 in. per hr. X35. 


which produce maximum segregation during 
freezing must be promoted. The zone should be 
moved slowly and agitated vigorously to promote 
the maintainance of a uniform composition through- 
out the liquid and to reduce solute build-up in front 
of the advancing solid-liquid interface. In this 
study, the last condition was not fulfilled. With the 
resistance furnace producing the zone, the only 
agitation of the zone was from very small convec- 
tion currents. With the more conventional induction 
melting, the lack of segregation observed in Alloys 
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alloy bar. X100. Reduced approximately 10 pct for repro- 
duction. 


7 and 8 might have been avoided and the segregation 
observed in Alloys 1 and 2 would have been even 
more striking. 

It is also seen that the general region of the eu- 
tectic composition should be known before this 
zone-melting technique is applied. In the binary 
case, selection of an alloy composition far from the 
eutectic composition will necessitate a large num- 
ber of zone passes before a eutectic plateau is 
formed at the tail of the alloy bar. In the ternary 
case, it is seen that the Class II four-phase reac- 
tion does not promote segregation toward the 
ternary eutectic composition. Therefore, for the 
ternary case, it is necessary to select alloy compo- 
sitions in which the Class I four-phase reaction (the 
ternary eutectic reaction) predominates during 
freezing. In most alloy systems, this is a fairly 
broad composition region. 

Finally, this method of eutectic composition de- 
termination works best when the liquidus surface is 
steep. In the Mg-Al-Zn diagram, the temperature 
of the ternary eutectic (50 pct Zn, 3 pct Al, 47 pct 
Mg) is 338°C which is only slightly below the binary 
Mg-Zn eutectic (51 pct Zn, 49 pct Mg) at 340°C. It 
was experimentally found to be difficult to produce 
segregation in the alloys with compositions near 
this binary eutectic, Alloys 7 and 8. 

The use of the zone-melting technique can save 
considerable effort in determining the eutectic 
composition. In a complex unknown system, the 
general shape of the liquidus surface and the tem- 


Fig. 10— Longitudinal section of the zone- 
melted Mg-50Zn-3Al alloy bar; four 
passes of the molten zone, speed of zone 
travel 0.25 in. per hr. X2. Reduced ap- 
proximately 48 pct for reproduction. 
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Fig. 9—Transverse view of dendrites from Mg-45 Zn-7.5Al 
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perature of the eutectic would best be found by ex- 
ploratory thermal analysis on a limited number of 
selected alloys. However, once the general compo- 
sition region of the binary or ternary eutectic is 
known, zone melting of alloys in this composition 
region under the appropriate conditions should 
readily yield the eutectic composition with a better 
degree of accuracy than will extrapolation from a 
necessarily large amount of thermal analysis data. 


SUMMARY 


1) Zone melting is an efficient method for the 
determination of the eutectic composition in binary 
and ternary systems provided the following condi- 
tions are fulfilled: 


a) Maximum segregation during freezing must 
be promoted by a slow speed of zone travel and 
agitation of the molten zone in order to promote 
the maintenance of a uniform composition throughout 
the liquid zone. 

b) The alloy composition selected must freeze 
predominantly by the eutectic reation to form a 
eutectic plateau at the end of the bar and to elim- 


inate complicating reactions such as the peritec- 

tic and Class II four-phase reactions which re- 

tard the segregation of the zone composition 
toward the eutectic composition. 

2) The zone-melting method for determining the 
eutectic composition works best in phase systems 
in which the slope of the liquidus toward the eutec- 
tic composition is high. 

3) A colony structure in the Mg-Al eutectic was 
produced by zone melting. In Mg-Al-Zn alloys, 
zone melting produced a eutectic structure with 
alternating regions of fine and coarse eutectic. The 
origin of these bands is not known. 
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Trapping of Hydrogen in Cold-Worked Steel 


Above 200°C the observed increase in the apparent solubility 
of hydrogen in low alloy steels caused by cold work is attributed to 
the formation of methane in microvoids. This methane can be iso- 
lated quantitatively, and furthermore, the amount of methane is in 
accord with the equilibrium 2H; + Fe;C = CH, + 3Fe. The micro- 
void volume, calculated from the methane content via the equation 
of state for methane, corresponds approximately to that calculated 


from the measured density decrement produced by cold work, 


Tuis investigation was undertaken with the intent of 
employing the hydrogen atom as a probe in detecting 
specific crystallographic defects in cold worked 
steel. It was expected that different degrees of chemi- 
cal interaction of hydrogen with the various types of 
defects could be utilized. The original aim was to 
assign concentration values to defect sites. The suc- 
cess of this approach requires that experimental 
conditions can be attained under which lattice-dis- 
solved hydrogen equilibrates primarily with only one 
type of defect. 

A set of experiments which appeared potentially to 
embody these requirements was described several 
years ago by Keeler and Davis.’ They noted in the 
case of a mild steel (low carbon) that the solubility 
of hydrogen between 200° and 400°C near atmospheric 
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pressure was notably increased by cold working the 
steel. The observed solubility was an order of mag- 
nitude greater than the normal lattice solubility. * 


*Normal lattice solubility is describable in terms of pressure and 
temperature by the equation’ 
log s/p” = ae 1.946 


s is solubility in micromoles per 100 g, and p is pressure in mm of Hg. 


Although the Keeler and Davis studies suggested that 
the density decrement effected by their cold-working 
operation might be related to the anomalous solubil- 
ity of hydrogen, they offered no explanation of the 
relationship between the two effects. Prior to this 
work, Darken and Smith’ had noted a similar effect 
of cold work upon enhanced sorption of hydrogen by 
steel when charged by acid pickling. In the light of 
present-day concepts, interaction between lattice- 
dissolved hydrogen and dislocations was strongly 
suggested. 

More recently, Hill and Johnson,* working with a 
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Table | 
Sample No. Description of Sample Preparation 
la i) Drawn from 1/2 to 5/16-in. diam rod (61 pet R4)- 
ii) Machined from 5/16 to 3/16-in. diam rod (Ap* = 0.69 
pct). 
iii) Vacuum annealed 6 days at 466°C. 
1b i) Drawn from 1/2 to 5/16-in. diam rod (61 pct Rg). 
ii) Machined from 5/16 to 3/16-in. diam rod (Ap = 0.69 
pct). 
lc i) Drawn from 1/2 to 5/16-in. diam. rod. 


ii) A 3/16-in. diam hole was drilled through the 5/16-in. 
diam rod leaving a test cylinder 5/16 in. OD and 
3/16 in. ID (Ap = 0.21 pct). 
le i) Drawn from 1/2 to 5/16-in. diam rod (61 pct Ry, 
Ap = 0.42 pct). 
ii) Vacuum annealed 4 days at 400°C. 


lg i) Drawn from 1/2 to 5/16-in. diam rod (61 pct R4, 
Ap = 0.42 pct). 

lh i) Swaged from 1/2 to 5/16-in. diam rod (61 pct R4, 
Ap = 0.13 pet). 

1k i) Drawn from 1/2 to 1/4-in. diam rod (76 pct R4, 
Ap = 0.585 pct). 

2a i) Swaged from 0.25 to 0.156-in. diam rod (61 pct Ry, 
Ap = 0.00 pct). 

2b and 2c i) Swaged from 0.25 to 0.10-in. diam rod, then cold 
drawn from 0.1 to 0.03-in. diam wire (Ap = 0.86 pct). 

3a i) Rolled (79 pct R4, Ap = 0.17 pct) to .003-in. thick 
sheet. 


*Ap is the measured percent density decrement effected by the speci- 
fied cold working operation. 


series of iron-carbon alloys, reported observations 
similar to those of Keeler and Davis. These investi- 
gators concluded that the active sites or traps for 
hydrogen were the internal surfaces of microcracks. 
The present investigation establishes that the for- 
mation of methane and its accumulation in voids or 
microcracks can account for the greater part of the 
excess sorption of hydrogen above 200°C by cold- 
worked mild steel. Similarly, it seems likely that 
the same voids can hold considerable amounts of 
molecular hydrogen at elevated pressures when the 
steel is acid-charged with hydrogen at room tem- 
perature. This work also raises the question of 
the volume increment to be assigned to dislocations 
in a cold-worked steel. 


EXPERIMENTAL PROCEDURE 


Material— This work was conducted on low carbon 
steels of the following analyses: 
No. 1—C, 0.15 pct; Mn, 0.38 pct; P, 0.014 pct;S, 
0.03 pct; Si, 0.14 pct 
No. 2—C, 0.17 pct; Fe, 99.8 pct 
No. 3—C, 0.10 pct; Mn, 0.43 pct; P, 0.010 pct; 
S, 0.007 pct; Si, 0.007 pct 
Alloy No. 2 was a special vacuum-melted iron-car- 
bon alloy relatively free of Mn, S, and so forth. The 
metallographic structure of each alloy consisted of 
fine pearlite surrounded by ferrite. Cold reduction 
procedures included swaging, drawing, and rolling, 
and are recorded in Table I. 
Procedure—Two methods of charging hydrogen 
from the gas phase into the steel were employed, a 
volumetric (closed system) and a gas-flow (open 
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system) technique. The special iron-carbon alloy 
No. 2 had to be charged by the gas-flow technique 
because some methane would always form and ac- 
cumulate about the test specimen in the volumetric 
technique. This was not the case for the samples 
taken from the commerical grade steels, alloys No. 1 
and 3; possibly such impurities as sulfur inhibit 
methane formation over steel. The samples charged 
in the gas-flow system were rapidly cooled to room 
temperature and transferred without the loss of ab- 
sorbed hydrogen to the closed system ‘or analysis. 
However, for those samples (commercial steel) 
which could be charged in a closed system, the 
amount of hydrogen absorbed was measured directly 
and frequently checked by desorption at reduced 
pressures in the same apparatus. In the case of 
samples that were pickled in aqueous media, hydro- 
gen analyses were also performed in the same 
closed system by desorption at reduced pressures. 
By rapidly (total time ~ 60 sec) transferring the 
specimens from the pickling solutions to the gas 
analyzer, with an intermediate rinse in NH,OH solu- 
tion and anhydrous methanol, it was possible to re- 
duce any error due to the loss of hydrogen in trans- 
fer to less than 1 pct. The gas collection or analysis 
was started from room temperature. CO, and traces 
of NH,, H.O, and CH;OH were trapped (-195°C) away 
from the steel specimens before they were heated to 
accelerate the desorption of dissolved hydrogen. The 
appearance of CO, in the system stemmed from its 
use as a purge gas to displace air from the chamber 
into which the samples were placed for brief evacua- 
tion prior to the desorption analysis. The deuterium 
employed in the gas-phase charging experiments was 
better than 99.5 pct pure. All of our gas analyses 
(CH,, H2-HD-D.) were performed with a mass spec- 
trometer joined directly to the volumetric gas ap- 
paratus. 

Only a single batch of commercial grade steel 
(alloy No. 1) was analyzed for methane. The samples 
consisted of 3/16-in. diam rods machined from 5/16- 
in.- diam cold-drawn (61 pct R,) stock. All charged 
and uncharged control samples were analyzed for 
hydrogen by both vacuum fusion andeffusion methods. 
These hydrogen analyses give the total content and 
hence include that hydrogen obtained from the de- 
gradation of all the methane that may be in the steel. 
Since the theoretical considerations suggested that 
better than 99.9 pct of the hydrogen in the steel under 
consideration was methane-bound hydrogen, the prin- 
cipal criterion for establishing the validity of the 
present method was the agreement between the meas- 
ured methane content and the calculated value which 
corresponds to one mole of CH, per two moles of H, 
charged into the steel. The basic problem in this 
analysis was the choice of a solvent for steel which 
would release trapped methane without generating 
or destroying any in the process. For this purpose 
it was discovered that an anhydrous bromine (5 pct)- 
methanol solution satisfied these requirements while 
dissolving steel at room temperature. 

For the experimental arrangement, refer to Fig. 1. 
The bromine-methanol solution used to dissolve the 
steel specimens is contained in vessel R. The 
methane as well as any other gas in vessel R which 
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Fig. 1—Schematic of Methane analyzer. 


will not condense at - 195°C at pressures below 
107 mm of Hg is eventually collected by sorption 
in the refrigerated charcoal trap T,. The gas sam- 
ples are then desorbed from the charcoal* in trap 


*This charcoal, which had been exposed to air, was conditioned by 
vacuum outgassing at 100°C for 24 hr. Hydrogen absorbed by this char- 
coal at 77°K will not come off as methane when desorbed subsequently 
at 100°C. 


T, at 100°C and metered into a gas burette which is 
an integral part of a gas dosing system of a mass 
spectrometer not shown in Fig. 1. A mass spectro- 
graphic analysis is then performed on the gas sam- 
ples. 

In actual operation, samples of steel weighing ap- 
proximately 2 g are dissolved in 300 to 400 ml of the 
bromine-methanol solution. First, the reaction ves- 
sel R(-78°C) and the flow line up to S, are evacu- 
ated through S, and S;. This operation minimizes 
the amount of air which eventually is mixed into the 
methane and sorbed on the charcoal. The samples 
are then dropped into the solution by the use of a 
magnet from the position indicated in Fig. 1. As the 
specimen is dissolved, the gas above the solution is 
allowed to pass via S,, S,, and S, through trap T, 
(-195°C) to trap T, where it is absorbed on 20 g of 
charcoal at -195°C. The refrigerated charcoal func- 
tions as a collector pump in this operation. Trap T, 
effectively removes from the noncondensable gases 
the methanol and bromine escaping from vessel R. 
It should be noted that Sz is never opened unless R 
has been cooled to — 78°C. To insure that very 
little methane remains dissolved in the methanol 
solution, the solution temperature is cycled several 
times from - 78°C to near its boiling point; S,, S, 
and S, are opened each time the solution tempera- 
ture has been returned to — 78°C. This operation is 
essentially a fractional distillation process. Operat- 
ing the water cooled condenser on R is recommended 
to minimize the amount of methanol reaching the 
stopcock lubricant on S, and S3, All stopcocks were 
lubricated with Apiezon (T) grease and all tapered 
joints were sealed with an ether resin. For each of 
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Fig. 2—Hydrogen sorption by alloy No. 1 (P},.= 1 atm, 

T = 300°C). Curve A, Sample 1b; Curve B, Sample 1a, vacuum 

annealed for 6 days at 466°C. 


the hydrogen charged steel samples studied, 20 to 
30 cc (S.T.P.) of gas was sorbed on charcoal and of 
this the methane content amounted to about 1 1/2 pct 
of the total. The major gas product of the dissolu- 
tion was carbon monoxide. 

The density of the steel specimens was measured 
by the hydrostatic weighing method. Samples as 
small as 1 g were employed, and the estimated ac- 
curacy is about +0.03 pct. 


RESULTS AND DISCUSSION 


Gas Phase Charging—In addition to the apparent 
solubility of hydrogen in steel when charged from 
the gas phase, rates of desorption and of sorption at 
various temperatures were also measured. In Fig. 2 
we have graphed (Curve A) a sorption time study on 
a cold-worked commercial steel (Sample 1d). It is 
interesting to note that even — 1127 hr (corre- 
sponding in Fig. 2 to 260 min’”’, a detectable rate of 
Hz sorption persisted. The normal lattice solubility 
is small and can be neglected under these experi- 
mental conditions. The hydrogen uptake by the same 
steel, but after vacuum annealing for 6 days at 466°C, 
is shown by Curve B. This study was discontinued 
because of the long time interval anticipated to satu- 
rate the annealed steel specimen; consequently, one 
can only conclude that the vacuum heat treatment al- 
tered the sorption rate, but not necessarily the satu- 
ration or equilibrium level. In general, the rates of 
H2 sorption were found to be sensitive to thermal 
history, composition, and to the extent of cold work. 
In the case of the special iron-carbon alloy (No. 2) 
equilibrium was attained in about 215 hr at 300°C 
(Sample 2c). 

By noting the rate of H2 sorption in steel immedi- 
ately before and after the sample temperature was 
suddenly changed, an ‘‘apparent’’* activation energy 


*Not too meaningful as it was suspected that the rate of back reac- 
tion could not be neglected. 


of 42 kcals per mole was estimated. In contrast to 
these observations on H2 sorption, desorption rates 
at reduced pressures (py, <0.1 mm of Hg) appeared 
to be more easily interpreted. The desorption rate 
data were consistent with first-order kinetics for all 
the steels studied; and even though the rate con- 
stants varied by a factor of 100, the activation en- 
ergy for the desorption process amounted to 30+ 1 
kcals in each instance (Figs. 3 and 4). Neither the 
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Fig. 3—First-order rate constants for hydrogen desorption 
from alloy No.1. 


observed rate constants nor this activation energy 
suggests a diffusion controlled desorption process. 

Test specimens of various thicknesses and dif- 
ferent surface to volume ratios were charged simul- 
taneously for a time considerably less than that 
needed for saturation. Equal amounts [cc (S.T.P.) 
per gram] of hydrogen were taken up by all speci- 
mens regardless of dimension. These observations 
strongly suggest that the sorption process was 
neither diffusion nor surface (external) controlled, 
see Table II. Hydrogen escape through the surface 
during the desorption process could not be considered 
as rate controlling above 300°C because hydrogen 
that was charged into identical samples of steel by 
pickling in acid media was found to escape from the 
steel at a measurable rate even at room temperature 
-—predicted immeasurable on the basis of the high- 
temperature desorption rate data. 

The above observations aroused the suspicion that 
hydrogen sorption proceeds via the reaction 


Table Il. Effect of Thickness on H2 Charging Rate into a 
Cold-Worked Steel, Alloy No. 1 


O. D. Gonzalez‘ 
Temperature, 306°C; Py, = 0.96 atm.; Saturation Value -50 ppm 


ppm of H, Sorbed 
in 22.8 Hr, 


Sample No.* Thickness, In. by Vacuum Fusion 
1K-A 0.25 24.9 (24.5)** 
1K-B 0.25 2757 
1K-C 0.13 21.6 
1K-D 0.13 24.7 
1K-E 0.06 22.8 
1K-BB 0.06 26.4 


*Samples were sliced to the respective thicknesses from 5/16-in. 
diam. rod. Arrangement in the furnace when charged [BB-D-B-E-C-A]. 
**Analysis performed by desorption at 450°C. Method described in 

text. 
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Fig. 4—Hydrogen desorption from alloy No, 2. 


cc(S. ¥ P.) OF RESIDUAL HYDROGEN PER GRAM 


Fe,C + 2H, = CH, + 3Fe 


and that desorption corresponds to the reverse proc- 
ess. Actually this reaction in steel has been con- 
sidered in a qualitative manner by others.* Indeed, 


*It has recently been brought to my attention that in 1938 F. K. Nau- 
mann’ discussed methane formation in unalloyed steel. 


that methane can be removed from the metal after 
charging with gaseous hydrogen was established with 
reasonable certainty at an early stage of this inves- 
tigation; methane was isolated quantitatively from the 
steel specimens charged by gaseous hydrogen. Table 
III summarizes the results of four experiments es- 
tablishing this point. 

Having isolated methane from steel, there still re- 
mained a possibility that the hydrogen was occluded 
in the steel in a chemisorbed state on the void sur- 
faces; this hydrogen then formed methane when the 
steel was dissolved in bromine-methanol. That this 
question might be resolved by means of isotope ex- 
change was suggested by the following findings: 

1) Chemisorbed hydrogen will exchange with D, 
at temperatures as low as -—195°C on iron catalysts. 
(J. T. Kimmer and P. H. Emmett°). 

2) Evaporated iron films are found to have very 
low catalytic activity for the exchange reaction be- 
tween D, and the hydrogen in methane up to 420°C. 
(C. Kemball’), 

Accordingly, an experiment was carried out in 
which gaseous deuterium was charged into steel 
samples at a temperature above 300°, after which 
hydrogen was charged in by acid pickling at 25°C. 
The time allowed for charging in sulfuric acid solu- 
tions was sufficient to reach saturation throughout 
our specimens according to estimates based on the 
findings of Darken and Smith.* In Table IV are re- 
corded the results of subsequent outgassing of these 
specimens. Below 300°C, H, was chiefly evolved; 


Table Il. Methane Content of Hydrogen-Charged Steels* 


Analysis H, Charged into Sample, CH, Found, 
No. cc STP per g cc STP per g 

1 0.00 0.00 

Z 0.32 0.16 

3 0.32 0.17 

4 0.00** 0.00 


*All steel samples identical to Sample 1b of Table I. 
**Sample originally had 0.32 cc, STP, of H, but was removed at 425°C 


in vacuum prior to this analysis. 
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above 300°C, deuterium was evolved with some hy- 
drogen. As very little exchange of the hydrogen 
isotopes occurred at low temperatures, it may be 
concluded that the high-temperature sorption of 
hydrogen involves primarily the formation and oc- 
clusion of methane (deuterated methane in these 
latter experiments) and not the adsorption of hydro- 
gen on internal surfaces. The fact that only one 
molecule of methane was isolated for every four 
hydrogen atoms charged into our steel specimens at 
300°C left little doubt that methanol was not being 
reduced to form methane in our bromine-methanol 
dissolution experiments. 

Having removed any reasonable doubt that methane 
can be formed within the structure of a cold-worked 
steel, a problem of equal importance arises in the 
assignment of the space that must be available to ac- 
commodate the methane gas, i.e. both the total void 
space and void size distribution within the steel 
structure. With the following information and as- 
sumptions, calculations were made of the volumes 
needed to contain the methane in steel specimens 
saturated with hydrogen: 

1) At equilibrium, the fugacity or activity of hydro- 
gen in the steel (solution and in voids) is identical 
with hydrogen pressure measured in the vessel con- 
taining the steel specimen. 

2) At equilibrium, the amount of methane occluded 
in voids or cracks will be fixed by the volume of the 


‘voids and by the equilibrium constant (K,) for the re- 


action forming methane that we have assumed to be 
relevant, 


2H, + Fe,C = CH, + 3Fe 
where 


and fy, (fugacity of H, in voids) = Py, (pressure of 
hydrogen in the reaction vessel), and (after L. C. 
Browning, T. W. DeWitt, and P. H. Emmett®) 


4.587 log K, = — 18,584 + 48.667 log T -13.13 
x 10° T? + 0.559 x 110.47 


Note: f(4,, (fugacity of CH,) # Pcu, (pressure of 
CH,); Py, (reaction vessel) # Py, (in cracks or 


Table IV. Spectrographic Analyses of Hydrogen and 
Deuterium Charged* Steel 


Sample No. la 


cc, STP per g 
Outgassing Temp.,°C, Range  H, D, HD 
25 to 290 (in 3 hr) 0.374 0.00008 0.00035 
290 to 450 (in 3 hr) 0.010 0.0475 0.0287 
Sample No. 1b 
cc, STP per g 
Outgassing Temp.,°C, Range  H, Dz HD 
25 to 220 (in 17 hr) 0.302 0.0009 0.0028 
220 to 320 (in 1 hr) Total of 0.02 cc, STP, not analyzed 
320 to 450 (in 3 hr) 0.062 0.325 0.087 


*Hydrogen charged via acid pickle. Deuterium charged via gas phase 
at 300°C before acid pickle. 


and the hydrogen at the high methane pressure in the 
voids; although the activity of carbon is assumed to 
be fixed by the cementite, no assumption need be 
made regarding the proximity of cementite to cracks. 

3) Under the experimental conditions at which our 
gas phase charging was effected, the number of moles 
of CH, occluded can be assumed to be equal to half 
the measured number of moles of H, absorbed. Jus- 
tification for this assumption follows from a calcula- 
tion of the equilibrium molal ratio of CH, to H, in our 
experiments: the small equilibrium amount of H, in 
the voids and in solid solution can be neglected. 


4) To describe the behavior of methane in voids a hee 


the following equation of state relating fugacity, mo- 
lar volume, and temperature was used 


3 cbBy 4 

+ Ts 

Values of constants: 


Units: atmosphere;liters per mole;°K;R=- 0.08206. 
CH,:A, = 2.2769; a= 0.01855; B, = 0.05587; b = 


=- 0.01587; c= 12.83 x 10* 


To obtain some idea of the hydrostatic pressure 


voids ) because of the interaction between the methane exerted by the methane in the voids, we make use 


Table V. Methane in Steel 


Pct Void Space 


Sample Time at Temp., ce, STP. of fu, feu Pou, Calc. Pct Based on Density 
No. Temp., °C Hr CH, per g? Atm Atm Atm Void Space Measurement 
la 350 >100 0.0875 0.93 416 369 0.46 0.69 
lb 330 115 0.173 0.96 816 655 0.59 0.69 
Ic 330 115 0.0535 0.96 816 655 0.183 0.22 
1b 300 >1127 0.35 1.00 2570 1450 0.67 0.69 
le 360 165 0.0456 0.96 312 290 0.31 0.42 
le 330 165 0.104 0.96 816 655 0.33 0.42 
1k 300 110 0.28 0.96 2365 1375 0.55 0.59 
1k 350 (equil.) 0.026 0.40 55.2 54.5 0.90 0.59 
2a 300 75 0.013 0.96 2365 1375 0.026 0.00 
2b 300 144 0.400 0.96 2365 1375 0.79 0.86 
2c 300 216 0.415 0.96 2365 1375 0.82 0.86 
3a 336 (equil.) 0.0431 to 0.0506 1.07 862 682 0.14 to 0.17 0.17 


*Equal to half the total amount of hydrogen sorbed in saturating the steel samples. 
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of the following equation relating pressure (P) and 
molar volume (V): 


b a 
PV? = rr (i + B,- 
The results of our experiments and calculations 
are summarized in Table V. In column 8 are listed 

values of void space as per cent of the specimen 
volume, calculated from the equation of state for 
CH,; in column 9 are listed values of the void space 
calculated from the measured density decrements 
effected by the cold working operation. The similar- 
ity between the two sets of values is beyond expec- 
tation. Little density decrement remains to be as- 
signed to a build-up in dislocation density by cold 
work. Failure to allow enough time for equilibrium 
to be attained might explain the lower values in 
column 8, Except for sample 1k, charged at 350°C, 
the values in column 8 were smaller than those in 
column 9. In this experiment the temperature 
(350°C) and partial pressure of H, (0.4 atm) were 
deliberately chosen to yield a low partial pressure 
of methane. Actually, that high void space values 
are obtained from the equation of state suggests that 
the hydrogen chemisorbed on the surface of the voids 
cannot be neglected when the amount of methane con- 
tained in the same space is small, particularly in 


voids less than 100A across. 

As was observed by others, an increase in the 
amount of cold reduction effected progressive in- 
creases in density decrement of our steel samples. 
Perhaps less expected and not reported before, to 
our knowledge, was the observation that a drawing 
operation (through dies) appears to effect a greater 
density decrement (Ap) than either rolling or swag- 
ing to the saine percent reduction in cross-sectional 
area (pct R,). A direct comparison between swaging 
and drawing was made in the case of Steel No. 1. For 
a 61 pct Ry (1/2 to 5/16 in.), the density decrement 
for the drawing operation amounted to 0.42 pct vs 
0.14 pct for swaging. It was also observed that a 
radial gradient in density was produced by drawing 
Steel No. 1. (Examine the percent void space values 
in columns 8 and 9 of Table V for Samples 1b and Ic, 
and also the description of the same samples in 
Table I.) The ratio of the void space values of the 
inner 3/16-in. diam section to the outer 1/16-in. 
thick cylinder for the 5/16-in. diam rod amounted 
to 3.5. 

In column 7 of Table V, one notes the formidable 
methane pressures attained in the charged specimen. 
The possibility will therefore be considered that the 
slow equilibration observed in gas phase charging 
might be due to crack propagationat these pressures, 
even though the void volumes calculated for different 
methane pressures are in agreement with the value 
calculated from the density decrements. The follow- 
ing equation’® specifies the critical hydrostatic pres- 
sure (P;) below which a crack or void of length C 
will not propagate: 
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2GY 
where v = Poisson’s ratio (0.3 for iron) 


G =Shear modulus (10°'* dynes/cm’ for iron) 


y =Surface free energy at the surface of the 
crack. 

It should be noted that the effect of plastic deforma- 
tion in crack propagation is not considered here. 
This equation will be valid only if C, the length of 
the crack, is considerably greater than the crack 
width and less than the dimension of the homogeneous 
region in which the crack is propagating. Assuming 
y =1000 ergs/cm’, C= 4.2x10*A for Po = 1450 atm; 
thus cracks smaller than 4.2 x 10*Awill not propa- 
gate at methane pressures of 1450 atm or below. 
Since no cracks were detected by light microscopy, 
this consideration seems to be an additional reason 
for believing that in our experiments the methane 
produced did not cause the internal voids to grow. 


CONCLUSIONS 


The anomalous solubility reported for hydrogen in 
cold-worked steel at temperatures above 200°C can 
be attributed to methane formation through a reac- 
tion between hydrogen and cementite; this methane 
can be isolated quantitatively from steel. For the 
sample sizes studied this reaction was not diffusion 
controlled. 

In steel samples charged with gaseous hydrogen 
above 200°C, the calculated volume needed to accom- 
modate the methane found equals, as a first approxi- 
mation, the volume calculated from the measured 
density changes effected by the cold work. Hence the 
methane formed is accommodated in microvoids in 
the metal. 

Isotope experiments have ruled out the possibility 
that methane is produced in steel at 25°C by acid 
charging. 
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Recovery and Recrystallization in 99.98 Pct Cr 


Recovery and early vecrystallization of heavily deformed, 
99.98 pct Cr was investigated by studying metallographic struc- 
ture, X-ray line sharpening, electrical resistivity, plastic 
properties, internal friction, and shear modulus. Appreciable 
recovery of resistivity, internal friction, and shear modulus 
together with some hardening and relief of internal strains oc- 
curred before the visible growth of a textured substructure 
above 350°C (recrystallization in situ). The complex behavior 
of shear modulus, internal friction, and its strain amplitude 


dependence during annealing are discussed qualitatively in 
terms of the relative mobility of dislocations. 


By plastically deforming fully recrystallized 99.98 
pct Cr above the brittle to ductile transition tem- 
perature, at ~ 350°C, as in wire drawing, chromium 
can be made very ductile at room temperature. 
However, this ductility is lost on annealing at high 
temperatures when recrystallization takes place.’ 

The present investigation was made to determine 
the general pattern of the changes in a number of 
physical and mechanical properties during recov- 
ery and recrystallization of heavily deformed chro- 
mium as part of an effort to elucidate the reasons 
for lack of ductility in the fully recrystallized con- 
dition. 


PREPARATION OF MATERIAL 


Wire specimens 0.027 in. in diam were prepared 
from arc-melted, electrolytic chromium by extrud- 
ing, hot swaging and finally wire drawing at 300° to 
350°C, i.e. above the brittle-to-ductile transition 
temperature. The total reduction in area of the wire 
was 98 pct and the last 3 pct of reduction was made 
at 100° to 150°C before cooling to room tempera- 
ture. The impurity content of the material is shown 
in Table I, Internal friction and modulus measure- 
ments were made on a single specimen after an- 
nealing in situ at successively higher temperatures. 
For all other measurements, a fresh specimen was 
used for each temperature and annealing of these 
specimens was done in evacuated (0.001 mm Hg) and 
sealed silica tubes for 1 hr at the various tempera- 
tures up to 700°C. 


EXPERIMENTAL METHODS AND RESULTS 


The occurrence of a transition in some physical 
properties of chromium at ~ 40°C* imposed limita- 
tions on the temperature region where some of the 
measurements could be made. The reason for this 
transition in chromium is at present unknown but is 
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probably associated with an antiferromagnetic state 
observed below ~ 40°C. * 


*Recent neutron diffraction measurements indicate a Néel temperature 
of ~40° C for chromium single crystals.* 


Heavy deformation produces an anomalous de- 
crease in resistivity when measured at tempera- 
tures below ~40°C* though a normal increase is 
observed above this temperature. On the other hand 
internal friction in heavily deformed chromium” 
over the temperature range 40° to 50°C is invariant 
with temperature. Above and below this range in- 
ternal friction is strongly temperature dependent, 
increasing with increasing temperature. A tempera- 
ture in this range was therefore convenient for both 
resistivity and internal friction measurements and 
for consistency the measurements of the mechanical 
properties were also made at about this tempera- 
ture. No structural change has, however, been ob- 
served in careful X-ray measurements® between 
-195° and 50°C, i.e. departure from cubic symme- 
try was not greater than 3: 10,000; X-ray line sharp- 
ening measurements were therefore more conven- 
iently made at room temperature. 


Table | 
Impurity 
Content,* 
Pct 

Mg <0.0002 
Pb 0.0002 
Si <0.0005 
Al 0.0005 
Fe <0.0005 
Cu 0.0002 
Ag 0.0001 
Ti trace 
Cc <0.0005 
0.013 
N 0.0009 
H, 1.0 m1/100 g 


*All metallic elements determined spectrographically. Specimen his- 
tory: arc melted electrolytic chromium ingot (1.5 in. in diam) + extruded 
bar (0.5 in. in diam) » swaged rod (0.2 in. in diam) » wire drawn to 
0.027 in. in diam at 300°C, final 3 pct reduction at 150°C. Total reduc- 
tion in area 98 pct. 
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(b) After heating to 350°C for (c) After heatin 
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Fig. 1—Progressive development of recrystallization in 98 pct reduced chromium wire. X2000. Reduced approximately 


56 pet for reproduction. 


A) Microscopic Examination—The fibrous nature 
of the ‘‘as drawn’”’ wire is shown in the micrograph 
Fig. 1(a). The first visible indication at X2000 of a 
structural change occurred after annealing for 1 hr 
at 350°C, Fig. 1(b) with widening of the fibres and 
the development of a substructure which is shown 
more clearly after heating to 550°C for 1 hr, Fig. 
1(c). Electron microscope examination of the spec- 
imen annealed at 350°C showed clearly the exist- 
ence of subgrain boundaries across the fibers. * 


*We are indebted to Mr. J. F. Nankivell of Aeronautical Research 
Laboratories, Melbourne, for this examination. 


The subsequent equiaxed growth of the subgrains at 
700°C is shown in Fig. 1(d) and although examination 
X2000 showed this process to have commenced 
throughout the specimen (grain size 2 to 5) the 
directional nature of the fibrous structure seen at 
lower magnification, X200, was not completely de- 
stroyed until after annealing at 850°C. 

B) X-ray Line Sharpening and Texture—i) Using 
chromium radiation, X-ray back-reflection patterns 
from the (211) planes after deformation showed the 
a, and a2 doublet quite diffuse, Fig. 2(a). After an- 
nealing for 1 hr at 700°C the a, and a2 lines were 
clearly resolved and although continuous showed the 
first sign of becoming ‘‘spotty’’, Fig. 2(d). 

ii) X-ray line contour measurements were made 
on the (211) reflection (20 angle 81 to 82 deg) using 


(a) (b) 


(2) after final drawing (b) after drawing and heating to 
700° C for 1 hr. 


Fig. 2—Back-reflection pattern (211). 


396-VOLUME 221, APRIL 1961 


copper radiation and a nickel filter on a Geiger- 
counter spectrometer. The measure of line-sharp- 
ening plotted in Fig. 3 was the ratio of the a, peak 
to the a, -— @2 minimum as used by Lutts and Beck’ 
and showed a marked increase in the rate of line 
sharpening at 300°C. (Probable error in the ratio 
at this point is 10 pct). 

iii) For the study of texture, transmission pat- 
terns using Molybdenum radiation were taken on the 
center of wire specimens after pointing electroly- 
tically. The strong [110] texture parallel to the 
wire axis observed after deformation, Fig. 4(q), 
persisted to a marked degree after annealing for 
15 min at 900°C, Fig. 4(0). 

C) Electrical Resistivity— Resistance measure- 
ments, using a Kelvin double bridge, were made on 
specimens of 0.027 in. diam while in an oil bath 
maintained at 45°C (+0.01°C). A knife edge jig 
~10 cm long was used for potential contacts, and 
measurements were made on the same specimen 
before and after annealing. The results plotted in 
Fig. 5 indicate that about one-third of the total 
change of resistance due to deformation had annealed 
out before 300 to 350°C and recovery was essenti- 
ally complete at 600°C. Taking this latter value as 
that of the fully annealed condition the increase in 
resistance at 45°C due to 98 pct reduction in area 
at 300°- 100°C was 2.3 pct. 

D) Mechanical Properties— Limit of proportion- 
ality, ultimate tensile stress, elongation, and re- 
duction of area were measured after the various 
annealing treatments on wire specimens at a strain 
rate of 5.2 x 10°* min™’, see Fig. 6. A gage length 
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Fig. 3—Ratio of intensity of a, peak to a, — a, minimum on 
(211) reflection as a function of annealing temperature. 
(One hour at temperature). 
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(b) 
(a) after final drawing (d) after heating to 900° C for ~15 
min. 
Fig. 4—Transmission patterns illustrating the strong [110] 
texture. 


of ~0.5 in. was reduced from 0,027 in. to 0.025 in. 
in diam by electropolishing to remove surface de- 
fects and to ensure failure along the gage length. 
Tests were made in duplicate. Reversion of mechan- 
ical properties was evident after heating to 300 to 
350°C for 1 hr and was preceded by an increase in 
the limit of proportionality (7 pct) and ultimate ten- 
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Fig. 5—Decrease in electrical resistivity on annealing 
heavily (98 pct) deformed chromium. (One hour at tem- 
perature). Final wire drawing temperature 100° to 150°C. 
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Fig. 6—Effect of annealing temperature on mechanical 
properties (measured at ~ 45° C) of 98 pct deformed chro- 
mium. (One hour at temperature). 


sile strength (2 to 3 pct) and a decrease in ductility. 
A total of 40 pct reduction in strength was observed 
after heating to 700°C for 1 hr. No yield points 
were observed in any of the tests. 

E) Internal Friction and Modulus Measurements— 
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Fig. 7—Effect of annealing temperature on internal fric- 
tion and shear modulus of heavily deformed chromium. 
(~15 min at temperature). 
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STRAIN AMPLITUDE 


Fig. 8—Strain amplitude dependence of internal friction as 
a function of annealing temperature (1 cps). 


Internal friction measurements were made at 45°C 
on specimens of 0.030 in. diam and 10 in, long ina 
Ké® type low frequency (~1 cps) torsional apparatus 
giving a background damping of 7 x 107*. A relative 
measure of the change in shear modulus is given by 
the change in the square of the frequency of vibra- 
tion. After deformation and mounting, specimens 
were allowed to equilibrate in the apparatus at room 
temperature before annealing, in situ, in a helium 
atmosphere for ~15 min followed by slow cooling. 

These measurements (see Fig. 7), which are re- 
peatable, show a marked sensitivity in the early 
stages of recovery. After a steep decrease to less 
than half the initial value, a minimum is observed 
in the internal friction curve at 350°C. A corre- 
sponding maximum in the modulus occurs after an 
initial increase and represents a 3.4 pct modulus 
defect (AE/E) with reference to the value of f” at 
800°C. 

Since damping in deformed materials is usually 
amplitude dependent, the strain amplitude depend- 
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Fig. 9—Variation in strain amplitude dependence of inter- 
nal friction (gradient) with annealing temperature. Strain 
amplitude range: 1 107° to 5 x 107°. 


ence of internal friction after various annealing 
treatments was investigated. Tests were made both 
above (50°C) and below (20°C) the transition tem- 
perature over strains of 107° + 107*. The results at 
20°C are shown in Fig. 8 and indicate a linear de- 
pendence (with the exception of the 700°C anneal) 
and a correspondence between the degree of 
strain amplitude dependence and the minimum 
and maximum in the internal friction and modulus 
measurements, ¢.e. where damping is low, strain 
amplitude dependence is low and vice versa. No 
hystereseis was observed in any of these measure- 
ments. Plotting the gradients of these lines against 
annealing temperature, Fig. 9, gives a curve similar 
in form to the internal friction vs annealing tem- 
perature curve. (The gradient after annealing at 
700°C shown in this graph is that measured below 
5X 107°). The measurements made at 50°C showed 
a similar pattern to the results obtained at 20°C 
(see Fig. 9) with the exception of measurements 
made after annealing at 900°C. (In the fully annealed 
condition damping, presumed to be of a magnetic 
origin, is observed below ~ 40°C’). 


DISCUSSION 


The Structure after Deformation—Metallographic 
examination of heavily deformed chromium after 
annealing at various temperatures indicated that the 
development of the annealed grain structure occurred 
by sharpening of the fibre and growth of a sub-struc- 
ture [see Figs. 1(5) and 1(c)] rather than by random 
nucleation of completely new grains (primary re- 
crystallization), This visual observation of recrys- 
tallization 77 situ is supported by two other features 
of the work i) the retention of marked [110] texture 
after the complete growth of an equaxed grain struc- 
ture at 900°C, see Fig. 4(b); a random texture is 
expected if primary recrystallization occurs’’’° and 
ii) a gradual decrease in the limit of proportionality 
measured after annealing between 350° and 700°C; 

a sharp fall in the limit of proportionality is ob- 
served if primary recrystallization takes place.” 
Thus, since recrystallization in situ is the pre- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


( 
é 
1 
f 
fe 
T 
T 


45 1.2 
O 


dominant process in the development of a new grain 
structure it seems reasonable to assume an initial 
structure of submicroscopic subgrains, probably 
ill-defined, in the unannealed condition. A similar 
structure has been deduced from X-ray microbeam 
studies”° and metallographic examination” of heav- 
ily deformed copper. Recrystallization in situ is 
also observed on annealing heavily drawn tungsten 

Recovery—A full explanation of the change in 
physical and mechanical properties below the an- 
nealing temperature where structural changes are 
visible, i.e. 350°C, is not yet possible because of 
the tenuous nature of theory, however, some com- 
ment on the present results can be made. 

Nowick** ascribes the change in damping and 
modulus after heavy deformation to the motion of 
dislocation loops within subgrains, the excess dis- 
locations present in the boundaries being inactive 
because of their strong mutual interaction; recovery 
of these properties is attributed to i) the pinning of 
dislocation loops by point defects produced during 
deformation or ii) the rearrangement of dislocation 
networks to reduce either the density or the effec- 
tive loop length. 

Assuming in the present work an initial structure 
composed of subgrains then the gradual sharpening 
of the (211) diffraction line on heating below 300°C 
(12 pet of the total change) indicates that some 
strain and distortion within the subgrains is re- 
moved. Changes of this kind are attributed by Gay 
et al.’° to the rearrangement of dislocations in the 
subgrain boundaries and movement of dislocations 
in the subgrains to the boundaries. Such a rear- 
rangement could account for the decrease in inter- 
nal friction observed below 350°C, see Fig. 7; how- 
ever, since the disappearance and regrouping of 
congested dislocation networks produced during 
deformation can occur through the agency of point 
defects by the mechanism of dislocation climb’? it 
is not possible from the present work to separate 
out the respective role of point defects and disloca- 
tions. Recovery of one third of the total increase in 
resistivity due to deformation below 300° to 350°C 
and the hardening effect measured on heating im- 
mediately below 350°C, Fig. 6, does however, sug- 
gest that point defects play some part in the recov- 
ery process.’® 

Recrystallization— As already noted annealing 
above 350°C produces the first visual indication of 
the development of a new grain structure and, as 
expected,’ both the X-ray line sharpening measure- 
ments and the mechanical properties show marked 
changes in the rate of recovery at about this tem- 
perature. These changes are characteristic of the 
disappearance of dislocations from the structure 
as subgrain growth commences’”*?’** and as a cor- 
ollary of this the remaining dislocation networks 
would be more open and hence less rigid and there- 
fore explain the increase in the strain-amplitude 
dependent damping and decrease in modulus ob- 
served above 350°C, Figs, 8 and 7. 
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A consequence of the grain boundary area dimin- 
ishing on further grain coarsening at higher anneal- 
ing temperatures would be a decrease in the number 
of favorable sites for interstitial impurity atoms to 
be located, eventually leading to an increase in con- 
centration of impurities within the grains. The ob- 
served decrease in internal friction (at 45°C) and 
roughly corresponding increase in modulus on an- 
nealing above ~ 600°C and ~ 550°C respectively is 
consistent with the idea that these impurities will 
be distributed within the grains along existing dis- 
locations networks to pin them down. 

On this basis the break in the logarithmic decre- 
ment vs strain amplitude plot after annealing at 
700°C, Fig. 8, would be due to dislocation loops 
breaking away from dilute solute atmospheres under 
the particular experimental conditions obtaining. It 
is believed that the decrease in internal friction ob- 
served after annealing above ~ 600°C represents 
the onset of a process which at a much latter stage 
results in complete room temperature tensile em- 
brittlement of recrystallized chromium.” The sub- 
sequent decrease in the modulus after annealing 
above 800°C, Fig. 7, is at present obscure. 

Finally, comparison of the gradients obtained 
from the strain amplitude measurements at 20° and 
50°C, Fig. 9, shows the occurrence of a new strain 
amplitude dependant damping at 20°C after anneal- 
ing above 800°C. This damping is due to a magnetic 
domain effect measured below ~ 40°C° and does not 
become effective until dislocations within the grains 
are reduced sufficiently to permit magnetic domain 
wall motion. 


CONC LUSIONS 


1) Metallographic and X-ray observations made 
after isochronal annealing of heavily (98 pct) de- 
formed chromium of 99.98 pct purity implied that 
a new textured grain structure was produced by 
recrystallization in situ after heating to 350°C. 

2) Appreciable recovery of strain amplitude de- 
pendent internal friction, shear modulus, electrical 
resistivity and some hardening prior to the visible 
growth of a substructure on heating below ~ 350°C 
suggest that point defects produced during deforma- 
tion play some part in the recovery process. 

3) The complex behavior of shear modulus, inter- 
nal friction and its strain amplitude dependence 
during recrystallization is in part qualitatively ex- 
plicable in terms of the relative motion of disloca- 
tions and their interaction with impurity atoms. 

4) Dislocation damping due to deformation is 
largely removed after recrystallization at 800°C. 
Further annealing then permits damping of a mag- 
netic origin to become effective below ~ 40°C. 


ACKNOWLEDGMENTS 


Acknowledgments is made to the Chief Scientist, 
Australian Defence Scientific Service, Department 
of Supply, Melbourne, Australia, for permission to 
publish this work. The author is much indebted to 


VOLUME 221, APRIL 1961-399 


‘ 
J 
r 
oye 
Ye | 
¢ 
Be, 


Mr. J. I. Nish and Dr. L. M. Clarebrough for helpful 
discussions. Thanks are also due to Mr. K. A. Gross 
for advice on the X-ray work, Mr. S. C. Henshall for 
the mechanical tests and Miss J. A. Sheridan for 
assistance. 


REFERENCES 

1H. L. Wain, F. Henderson, and S. T. M. Johnstone: A Study of the Room-Tem- 
perature Ductility of Chromium, J. /nst. Met., 1954-55, vol. 83, p 133. 

2A. H. Sully: Chromium, Butterworth, pp. 77-103, 1954. 

3R. J. Weiss: Private communication to G. K. White and S. B. Woods, in Elec- 
trical and Thermal Resistivity of the Transition Elements at Low Temperatures. 
Phil. Trans., Royal Society, 1959, ser. A, vol. 251, p. 273. 

“M. E. de Morton: Effect of Plastic Deformation on the Electrical Resistivity 
of Chromium, Nature, 1958, vol. 181, p. 477. 

5M. E. de Morton: Preliminary Internal Friction Measurements in Chromium, 
Trans. Met. Soc. AIME, 1960, vol. 218, p. 294. 
°K. A. Gross: Defence Standards Laboratories, Melbourne, Unpublished work. 


Phase Equilibria and Elevated-Temperature Properties 


of Some Alloys in the System Ni;Cr-Ni,Al 


A portion of the NizCr-Ni3Al phase diagram has been in- 


7A. H. Lutts and P. A. Beck: Annealing of a Cold Rolled Aluminum Single 
Crystal, AJME Trans., 1954, vol. 200, p, 257. 

®*T. S. Ke: Experimental Evidence of the Viscous Behaviour of Grain Boun- 
daries in Metals, Phys. Rev., 1947, vol. 71, p. 533. 

°w. H. Smith: On the Casting, Rolling and Annealing Textures of Chromium, 
AIME Trans., 1955, vol. 203, p. 1064. 

10p. Gay, P. B. Hirsch, and A. A. Kelly: X-ray Study of Polycrystalline 
Metals Deformed by Rolling, Part 3, Acta Cryst., 1954, vol. 7, p. 41. 

4C. Crussard, F. Aubertin, B. Jaoul, and G. Wyon: Polygonization in Strongly 
Deformed Metals, in Progress in Metal Physics, Butterworths Scientific Publica- 
tions, London, 1950, vol. 2, p. 193. 

127, W. Pugh: On the Recovery and Recrystallization of Tungsten, in Plansee 
Proceedings, 1958, Pergamon Press, London, p. 97, 1959. 

13G. L. Davis: Recrystallization in Tungsten Wires, Metallurgia, 1958, vol. 58, 
pp. 177 and 228. 

144, S, Nowick: Recovery of Internal Friction and Elastic Constants, in Creep 
and Recovery, ASM, Cleveland, Ohio, 1957, p. 146. 

15N. F. Mott: Mechanical Properties of Metals, Proc. Phys. Soc., 1951, vol. 
B64, p. 729. 

416A, H. Cottrell: Point Defects and the Mechanical Properties of Metals and 
Alloys at Low Temperatures, in Vacancies and Other Point Defects in Metals 
and Alloys, The Institute of Metals, London, 1958, p. 1. 

17H, L. Wain, F. Henderson, S. T. M. Johnstone, and N. Louat: Further Ob- 
servations on the Ductility of Chromium, J. /nst. Met., 1957, vol. 86, p. 281. 


vestigated, including the precipitation of Y' (Ni;Al) as well as 
the existence of ordered Y (Ni matrix). Extensive metallographic 
studies by electron microscopy have been carried out and X-ray 
diffraction diagrams have been taken at both elevated and am- 
bient temperatures. No long-range ordering of the Y phase was 
found above 893°C (1639°F) in the compositional range inves- 
tigated. The high rate of formation of the ordered Y’ phase upon 


quenching has been confirmed, a phenomenon which up to the 
present time has retarded the understanding of this phase dia- 
gram, Specimens with controlled amounts of Y' exhibited up to 
a six-fold improvement in yield and creep strength compared 


with single-phase Ni-Cr-Al alloys. 


Most of the important high nickel heat-resistant 
alloys are related to the nickel-chromium-alumi- 
num system. One of the important functions of the 
aluminum, often accompanied by titanium, is to 
produce a precipitate of the very fine y’ phase 
(Niz3Al, X) where X may be Ti, Cr, or other ele- 
ments. A number of investigators’ ** have demon- 
strate the presence of y’ in these alloys but most of 
their materials contained large amounts of other 
elements resulting in appreciable amounts of con- 
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fusing phases such as carbides. Further clouding of 
the precise role of y’ has been the suspected exist- 
ence of an ordering reaction in the y matrix itself, 

o. "1" It appeared from these investigations that 
aluminum in Ni-Cr alloys would raise the ordering 
temperature of the matrix from 540°C at Ni;Cr to 
1300°C at Ni,Al. In support of this possibility, the 
matrix phase in the parallel Ni- Fe-Al system is 
ordered to very high temperatures. *® 


OBJECTIVES OF THIS RESEARCH 


From this survey of the literature it appeared 
desirable to conduct an investigation of the simple 
Ni-Cr-Al system using the alloys of the highest 
available purity to avoid the complication of foreign 
phases and thereby isolate the structures in the Ni- 
Cr-Al system. Procedures were developed to study 
y -yoand y — y’ equilibria. Preliminary mechanical 
tests at elevated temperatures were also conducted. 
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Table |. Chemical Analyses of Ni-Cr-Al Alloys 


Final Analyses 


Aim Analyses, 
teat At. Pct’ Wt Pct 
No. Cr Al Ni 8 Al € N B 
R332 20 77.87 4.14 0.03 0.0126 
R333 15 10 81.42 13.08 5.25 0.03 0.0098 - <0.01 75.6 7 10.6 
R334 16 9 79.62 14.11 6.15 0.05 0.0084 - <0.01 Te 14.6 12.2 
R379 11 14 82.05 10.09 7.65 0.05 0.0075 - <0.01 74.5 10.4 15.1 
R380 9 16 82.40 8.63 8.70 0.04 0.0125 - <0.01 74.2 8.8 17.0 
R346 9 16 82.96 8.04 8.83 0.07 0.007 - <0.01 74.6 8.2 17.2 
R347 5 20 85.92 4.22 9.93 0.04 0.007 - <0.01 76.5 4.3 19.2 
R436 16 9 79.66 14.79 Suda = 0.0084 - - 73.8 15.4 10.75 
R437 22 3 77.89 19.49 2.48 = 0.0056 - 73.8 20.9 5.32 
R438 10 15 82.20 9.53 8.03 ~ 0.0070 - = 74.5 9.75 15.85 
R447 22 3 82.53 18.72 1.64 0.005 0.003 0.0032 - 79.6 17.0 3.4 
R448 16 9 80.49 14.82 4.63 0.0062 0.002 0.0055 - 75.0 15.6 9.4 
R449 10 35 78.88 12.64 8.23 0.02 - - - 71 12.9 16.1 


*Balance nickel. 


PROCEDURE 


Preparation of Specimens— High-frequency induc- 
tion furnace heats were vacuum melted at below 
10- pressure of Hg and cast into 10-lb ingots un- 
der an argon atmosphere. Materials of the highest 
available purity were employed and the heat anal- 
yses are given in Table I. 

In the processing of these materials for phase 
determinations special care was taken to avoid seg- 
regation. The ingots were homogenized at 1260°C 


Ss = SOURCE , X-RAY TUBE 

A-B = MONOCHROMATOR 

= FOIL SPECIMEN (NOT BENT) 

X-RAY CAMERA , DIFFRACTION AREA 
= FOCUS 

= RADIUS OF FOCUSING CIRCLE 


Fig. 1—Schematic diagram of X-ray geometry used in 
elevated temperature X-ray diffraction. 
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(2300°F) for 4 hr and hot rolled. During the rolling 
operations, the material was reheated five times at 
1260°C (2300°F) for 10 min. No evidence of segre- 
gation could be found either in the bar stock or later 
in the cold rolled foil needed for X-ray diffraction 
specimens. The specimens for mechanical testing 
were machined from the bar stock. 

Metallography and X-Ray Diffraction— First the 
solvus line, y-— y’ was determined metallographic- 
ally. Specimens were aged at selected temperatures 
for 12 to 24 hr and quenched in iced brine. In pre- 
liminary work some cast samples were used and 
denoted by (c) in the figures. The cast samples 
were first homogenized at 1260°C (2300°F) for 4 hr. 
Conventional electron micrographic techniques were 
employed. 

X-ray diffraction at both ambient and elevated 
temperatures was also used in the phase determi- 
nations. For the ambient temperatures, conven- 
tional equipment using CrKa radiation and quenched 
specimens was employed. 

For diffraction patterns at elevated temperatures 
a camera was constructed similar to an original 


Fig. 2—Vaporization of aluminum from a foil surface. The 
dark areas between the foil surfaces and nickel plate are 
crevices from electrolytic etching. The etching solution 
preferentially attacked the nickel plate rather than the foil 
specimen. Depletion of y’ from the surface indicated that 
vaporization of aluminum and probably chromium had oc- 
curred. Foil: Heat R499. Temperature: 1073°C (1962°F). 
Time at temperature: 90 hr. Atmosphere: 0.01-y vacuum. 
X1000. Reduced approximately 49 pct for reproduction. 


VOLUME 221, APRIL 1961-401 


RY 


simultaneous optical and thermocouple measure- 
ments. To produce patterns with satisfactory in- 
tensity of superlattice lines exposure times were of 


the order of 72 hr. 


DISCUSSION OF RESULTS 


Metallographic Data—The variously heat-treated 
specimens provide a simple picture of most aspects 
of the y -— y’ transformation, particularly at lower 
2 ie : ee Al contents as shown graphically in Fig. 4. The y’ 
Fig. 3—Suppression of aluminum vaporization with helium. phase usually occurs as a al ecipitate in the ¥ = 
The dark areas between the foil surfaces and nickel plate trix and is clearly distinguishable both in fine and 
coarse distribution. The solvus between the y and 


are crevices from electrolytic etching. The etching solu- 
tion preferentially attacked the nickel plate rather than y + y' fields agrees fairly well with that previously 


the foil specimen. Note little or no surface depletion of rmined by Tavlor and Floyd." 

y’. Foil: Heat R499. Temperature: 1073°C (1962° F). 

Time at temperature: 90 hr. Atmosphere: 600 mm of Pp 
imens quenched from the single-phase field show 


helium. X1000. Reduced approximately 49 pct for re- 


production. clear single-phase y grains. Of course, ordering 


in this matrix phase would not be discernible met- 


design by P. A. Flinn?®” Foils 0.001 in. thick were allographically. At higher aluminum contents, a 
used as specimens and heated by passing a con- rough etching appearance was noted in the matrix. 
trolled electric current through the foil in the cam- This point can better be discussed after the X-ray 
era. The apparatus consisted of an X-ray tube with results have been reviewed. 

a chromium target, crystal monochromator, X-ray X-Ray Diffraction Data— The data obtained from 
camera, vacuum system, and helium purification diagrams taken at elevated temperatures indicate 
train, Fig. 1. The purified helium atmosphere in- no ordering of the y matrix over the analysis and 
troduced into the X-ray camera was necessary to temperature ranges investigated, Fig. 5. In the 
retard the evaporation of Al and Cr from the foil y + y' field, superlattice lines were obtained from 
surface, Figs. 2 and 3. Even with this technique the the y’. Theoretical calculations can be performed 
maximum temperature at which evaporation could for the two possibilities: 1) y and y’ both ordered 
be reasonably suppressed was 1073°C (1963°F). and 2) only y’ ordered, Table II, Fig. 6. These cal- 
The temperature of the foil surface was measured culations, when compared to the measured intensi- 
with an optical pyrometer which was calibrated by ties, confirm that only y’ ordering is present. 
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Fig. 4—Solvus band for 12 to 24-hr solution treatments for alloys of compositions from Ni3Cr to NigAl. 
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Fig. 5—Summary of elevated-tempera- #% 
ture X-ray diffraction results. ° + 
Y+Y' PHASE FIELD 
800F 
R449 
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The data from the quenched specimens using 
ambient temperature X-ray diffraction agree with 
the elevated temperature data up to 12 at. pct Al, 
Fig. 7. Above this percentage, however, when 
specimens are quenched from the single-phase field 
superlattice lines are obtained. Any superlattice 
lines from ordered yo would be very close to the 
values for y’ precipitation; therefore, the d values 
of the lines do not disclose their origin. 

To resolve this apparent conflict between the ele- 
vated and ambient temperature data, a series of 
specimens was quenched at different rates from the 
single-phase y field (Heat R380 —17 pct Al). The 
electron micrographs showed a pebbly appearance 
in the rapidly quenched sample, while those 
quenched more slowly in oil and air showed dis- 
tinct y’ precipitation. The particle size measure- 
ments are shown in Table III. 

These data indicate that the superlattice lines of 
the specimens quenched from the y field were due 
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Fig. 6—Correlation of theoretical and experimental in- 
tegrated intensity ratios with temperature for heat R449. 
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to unsuppressed precipitation of y’ rather than to 


ordering of the matrix. Further confirmation of this 


conclusion is in the nature of the superlattice lines. 
In all cases these were broad and characteristic of 
a fine precipitate rather than those of a structure 
formed at temperature. 

The results from this investigation of the struc- 
tures of these alloys, coupled with the recent neu- 
tron diffraction data of Roberts and Swalin,”™ in- 
dicate that no long-range ordering of the matrix y 
phase exists in these temperature and composition 
ranges. 

Following this investigation of the phase equi- 
libria, it appeared desirable to initiate mechanical 
testing of a few selected analyses. As a beginning 
one single-phase and one two-phase alloy were se- 
lected, R447 and R448 of Table I. A test tempera- 
ture of 750°C (1382°F) was selected for the initial 
tests because here the matrix phase composition 
does not change significantly as chromium is re- 
placed with aluminum. 

Elevated Temperature Properties of Ni-Cr-Al 
Alloys— The creep strength, 7.@., the stress to pro- 
duce a creep rate of 0.001 pct per hr at 750°C 


Table Il. oa of Integrated Intensities and Intensity Ratios 
of Elevated Temperature Diffraction Diagrams 
with Theoretical Intensity Ratios 


Theoretical Intensity Ratios 


Assuming Assuming Both 


Heat  Temp., Experimental Intensities’ Only y’ is y and y’ 
R332 893 0 8.20 0 0 - 

R333 893 0 14.70 0 0 0.031 
R334 893 0.41 15.12 0.027 0.03 0.037 
R334 982 0 15.28 0 0 0.036 
R334 1038 0 11.0 0 0 0.036 
R334 1038 0 11.38 0 0 0.036 
R334 893 0.38 11.94 0.032 0.03 0.037 
R334 893 0.19 10.30 0.020 0.03 0.037 
R449 900 0.46 8.10 0.057 0.058 0.0585 
R449 1000 0.45 10.05 0.045 0.049 0.0535 
R449 1073 0.42 13.00 0.032 0.030 0.058 
R449 1073 0.79 22.6 0.035 0.030 0.058 


*Microphotometer used to measure intensities. 
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Fig. 7—Summary of ambient tempera- 
ture X-ray diffraction results. 
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(1382°F), is five to six times greater for the pre- 
cipitation hardened material, Fig. 8. The yield 
strength at 750°C (1382°F) of the two-phase alloys 
is also approximately five to six times that of the 
single-phase alloy, Table IV. These results are 
apparently typical of the expected effects of pre- 
cipitation hardening upon elevated temperature 
properties.” Also, these results show the marked 
effect of y’ precipitation upon creep properties in 
the pure Ni-Cr-Al system. 


CONCLUSIONS 


1) No long-range ordering exists in the Ni-Cr-Al 
system in the temperature range of 893°C (1639°F) 
to 1073°C (1963°F) and in the composition range in- 
vestigated. 

2) In alloys containing high percentages of alumi- 
num the rate of precipitation of y’ is extremely 
rapid and cannot be suppressed by ice-brine 
quenching. 

3) The creep strength and yield strength of Ni- 


Table III. Particle Sizes of y’ Precipitated During Quenching of 
Solid Specimens of R380 into Ice-Brine, Water, Oil, and Air Baths 


Measured 
Particle 
Sample No. Quenching Bath Vol. Pct y’ Size, A 
R380—225 Ice-Brine 53.4 730 
—226 Water 53.4 892 
—227 Oil 53.8 1110 
—228 Air 57.4 1520 


Cr-Al alloys at 750°C (1382 °F) are increased five- 
or six-fold as a result of y’ precipitation. 
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STRESS x 10°, psi 


SINGLE PHASE ALLOY 
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36F MEAN FREE PATH— 1.15 cm. 
R448 COARSE DISPERSION 
PARTICLE SIZE — I200A 


MEAN FREE PATH — 2.I5XIO° cm. 


Fig. 8—Elevated-temperature properties 
of Ni-Cr-Al alloys at 750°C (1382° F). 
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Correction to Volume 218, December 1960 


Growth of (110)[001]-Oriented Grains in High-Purity Silicon Iron—A Unique Form of Secondary Recrystal- 
lization, by J. L. Walter and C. G. Dunn, p. 1033 


Page 1036—Left-Hand Column 


Reads 
‘‘These orientation relationships between the secondaries and the matrix grains are dif- 


ferent from all other exceptions, .. .’’ 


Should Read 


‘‘These orientation relationships between the secondaries and the matrix grains are dif- 
ferent from all other reported relationships. With one or two possible exceptions, .. .’’ 


Stability Relations of Calcium Ferrites: Phase Equilibria in the System 2CaO Fez 03 -FeO Fez O3 -Fe2 
Above 1135°C, by Bert Phillips and Arnulf Muan, p. 1112. ae 


Page 1112—Author Box 


Reads 


‘‘ARNULF MUAN, Member AIME, was Associate Professor of Metallurgy, The Pennsyl- 
vania State University, .. .”’ 


Should Read 


‘‘ARNULF MUAN, Member AIME, is Associate Professor of Metallurgy, The Pennsyl- . 
vania State University, .. .’’ 
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Technical Notes 


A Technique for the Preparation of Thin 
Films of Two-Phase Alloys Suitable for 
Use in Transmission Electron 
Microscopy 


G. S. Ansell, L. R. Sefton, and E. Eichen 


In order to obtain foil sufficiently thin to permit 
transmission electron microscopy of two-phase 
alloys, particularly alloys in which the second 
phase is present as a very finely dispersed second 
phase, a technique has been developed to permit 
the thinning of these materials without either the 
large degree of pitting present in the electrochem- 
ical or chemical thinning process or the slicing of 
the second phase particles accompanying the mi- 
crotoming process. 

The metal or alloy to be thinned is first ground 
to initial sheet thickness of approximately 0.002 in. 
by hand grinding on 4/0 emery paper. This start- 
ing sheet of material is then reduced in cross sec- 
tion by an air-abrasion technique using an S. S. White 
dental abrasive unit. This unit consists of a supply 
of compressed CO, which provides a stream of high 
velocity gas impinging on the metal surface. In- 
corporated in the machine is a hopper-type of device 
in which fine abrasive particles of alumina are in- 
troduced into this high velocity gas stream. The 
abrasive particles are irregular in shape, approxi- 
mately 30 uw across. If any particles are introduced 
into the sample during thinning, they should be 
readily observable. Impingement of this gas abra- 
sive mixture on the metal surface causes rapid re- 
moval of the metal in a rather uniform manner. 
The rates of metal removal may be adjusted by 
both regulating the gas pressure and amount of 
abrasive material introduced into the gas stream. 
By moving the gas stream abrasive mixture slowly 
about the specimen or sheet surface, a large area 
of the sheet may be uniformly reduced to a thick- 
ness which is then suitable for use in transmission 
electron microscopy. Attendant with this metal 
removal is a result in cold working of the metal 
surface due to the impingement of the abrasive 
particles. The resultant foils, therefore, if made 
from materials which are desirable to view in the 
annealed condition, have to be subsequently heat 
treated. If the alloy from which these foils have 
been made has been initially heavily worked or 
deformed during manufacture, then no subsequent 
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fessor of Metallurgical Engineering, Rensselaer Polytechnic 
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X-ray Spectrographer, and E. EICHEN, Member AIME, is 
a Associate, Research Center, Allegheny Ludlum Steel 

orp. 
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heat treatment is necessary as in the case of the 
SAP-type alloys. Following this initial abrasive 
thinning technique, the material is then given a 
final electropolish which is just sufficient to re- 
move any oxide which has formed on the metal sur- 
face during the abrasion technique. Care has to be 
exercised in this technique to make sure that none 
of the attendant problems associated with the chem- 
ical or electrochemical removal process are en- 
countered. An electrolyte solution which has been 
found suitable for aluminum-aluminum oxide SAP 
materials is one containing 78 ml of perchloric 
acid, 120 m1 of distilled water, 700 ml of ethanol, 
and 100 ml of butylcellosolve. The current density 
used is 1 amp per sq cm and a polishing time of 

3 sec on each side of the foil is used. Extreme 
care must be used in choosing the current density 
and time to ensure that just the oxide film on the 
specimen is removed. Times or current density 
which are greater than this will lead to perforation 
of the film due to the removal of the Al,O, par- 
ticles or a complete loss of the film due to com- 
plete solution of the matrix. Once the oxide film 
is removed the specimens must be kept in alcohol 
until placed in the microscope to prevent any fur- 
ther oxidation. 

Fig. 1 shows an electron micrograph at X28,000 
of a thin foil of an aluminum-aluminum oxide SAP- 
type alloy prepared using this technique. The alloy 
consists of a matrix of commercial purity aluminum 
containing a very finely dispersed second phase of 
aluminum oxide flakes. In the electron micrograph, 
the dark patches are the aluminum oxide particles. 
The lighter portions of the micrograph are the 
aluminum matrix. Within the aluminum matrix, the 
dislocation structure of the alloy is clearly visible. 
This structure consists of intersecting twin bound- 
aries and single dislocations. 

No abrasive particles were observed in the sam- 
ples. In addition, thin films of commercial purity 
aluminum were prepared using this method and 
observed in the electron microscope. Here also, 
there was no evidence of abrasive particles intro- 
duced in the samples. 

The technique presented provides a satisfactory 
method for the production of thin films of aluminum- 
aluminum oxide SAP-type alloys for use in trans- 
mission electron microscopy where none of the 
usual thinning techniques appears to be satisfactory. 


Fig. 1—Transmission photograph of an aluminum-alumi- 
num oxide SAP-type material. X28,000. Reduced approx- 
imately 50 pct for reproduction. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


I 
] 
t 
a 
t! 


a 
de 
he 
gr 
es orc 
*% . alli 
é 
J 
| Divi 
THE 


In addition, this method of thinning should also prove 
to be a useful technique for other two-phase alloys 
especially those containing a very finely dispersed 
second phase where none of the normal thinning 
techniques appears satisfactory. Inherent in this 
method of thinning, the resultant foil becomes very 
heavily cold worked. In the case of the SAP-type 
alloys where the alloy is extremely heavily de- 
formed during its manufacture, this cold working 
is not detrimental. In the case of alloys in which 
the alloys are not cold worked during their manu- 
facture and one wishes to study thin films of the 
annealed materials, a subsequent heat treatment 
after the initial thinning operation is required. 


Comparison of Dispersion Hardening in 
Four Silver-Base Alloys of Equivalent 
Composition 


J. Gurland 


Tue effect of four different second-phase addi- 
tions on the strength of composite alloys with a 
common matrix was investigated. The four com- 
positions each consisted of 85 pct by volume of 
silver with additions of 15 pct of either tungsten, 
molybdenum, tungsten carbide, or nickel. These 
particular additives were chosen because of their 
low mutual solid solubilities with silver at room 
temperature, the alloys consisting essentially of 
a dispersion strengthened silver matrix in which 
the second phase is distributed randomly. 

Test specimens were prepared by a powder 
metallurgy procedure consisting of ball milling 
the mixed powders, compacting, and sintering at 
920°C for 1 hr in hydrogen. The constituent pow- 
ders were of CP quality and of particle size be- 
tween 2 and 10 up. The compacts were subsequently 
hot pressed at 1000 psi and 1400° F in an Inconel die, 
coined at room temperature at 60,000 psi and fi- 
nally annealed and outgassed in vacuum at 800°F. 
The microstructures of the alloys are shown in 
Fig. 1, and the microscopically observed porosity 
grade was A-2 or better as evaluated by ASTM 
Recommended Practice B 276-54. 

The properties of the sintered compacts are 
listed in Table I, and the load-deformation curves 
in bending are shown in Fig. 2. The samples, of 
rectangular cross section, were loaded at the center 
of °s in. span, and the reported stress was calcu- 
lated on the basis of linearly elastic behavior in 
order to allow the comparison of specimens of 
Slightly different dimensions. It is apparent that 
the tungsten, molybdenum, and tungsten carbide 
alloys exhibit very similar deformation curves. 

The moduli of elasticity were determined from 
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the slopes of the stress-deflection curves at small 
loads. The measured values agree quite well with 
those calculated by the strength of materials ap- 
proximation proposed by Paul’ for the elastic con- 
stants of mixtures, the calculated values being 
15.0, 15.0, 17.4, and 13.4 million psi, respectively, 
for the tungsten, molybdenum, tungsten carbide, 

and nickel combinations with silver. 

The strength of the Ag-Ni composition is appre- 
ciably lower than that of the other three alloys. The 
discrepancy between the two groups is accounted for 
by the following characteristics of deformation and 
failure which were observed microscopically during 
the tests: 

A) The deformation of the W, Mo, and WC alloys 
did not involve the second phase particles to any 
appreciable extent. Slip and fracture took place in 
the silver-rich matrix alone, although the fracture 
path generally skirted the particles by favoring the 
phase boundaries. The deformation proceeded ac- 
cording to the following sequence: 1) formation of 
small, discontinuous microcracks in areas of the 
matrix adjacent to a particle, 2) general slip in the 
matrix and extension of cracks, 3) failure of speci- 
mens by propagation of cracks through matrix. The 
near coincidence of the 3 load-deflection curves 
suggests that the nature of the second phase par- 
ticles does not decisively influence the plastic be- 
havior of composite alloys of this composition as 
long as the particles do not undergo any consider- 
able deformation themselves. 

B) A markedly different behavior was exhibited 
by the Ag-Ni composition where the relatively low 
flow strength is associated with the low yield 
strength of the nickel grains. Slip in the nickel 
grains was first observed at a stress of approxi- 
mately 10,000 psi, although failure, at a later 
stage, took place by the propagation of cracks 
through the matrix. The ductility of this aggregate, 
in which both components deform plastically, is 
appreciably greater than that of the elastic- 
plastic composites. 

In summary: 

1) The measured values of the moduli of elastic- 
ity of the composite alloys under discussion are in 
good agreement with the ‘‘strength of materials”’ 
approximation proposed by Paul.’ 

2) The overall plastic behavior of these particle- 
strengthened alloys is unaffected by the nature of 
the second phase particles, if the latter remain 
elastic. 

This work was supported by the Office of Naval 
Research. The experimental results are presented 


Table |. Properties 


Bending 
Modulus of Fracture 


Density, g/cm Hardness, Elasticity, Strength, 


Theo- Rockwell Million Thousand 
Composition Obtained retical H Psi Psi 
100 pct Ag 10.47 10.49 46.5 ayes 17.5 
85 pct Ag—15 pct W 11.62 11.82 90.6 14.5 42.6 
85 pct Ag—15 pct Mo 10.26 10.45 89.9 15.2 48.5 
85 pct Ag—15 pct WC 11.06 11.28 92.3 17.8 46.2 
85 pct Ag—15 pct Ni 10.14 10.26 69.2 12.1 35.2 
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Fig. 2—Deformation in bending. 


Fig. 1—Microstructures. a) 85 pct Ag-15 pct W. X1500. 5) 85 pet Ag-15 pct Mo. X1500. c) 85 pet Ag-15 pet W. X1500. 
d) 85 pet Ag-15 pet Ni. X1000. Reduced approximately 13 pct for reproduction. 


in detail in report: Nonr 562(19)/6, Division of 
Engineering, Brown University. 


1B. Paul: Prediction of Elastic Constants of Multiphase Materials, Trans. 
Met. Soc. AIME, 1960, vol. 218, p. 36. 


Mercury Embrittlement of Titanium 
Alloy RC-130-A 


H,. P. Leighly, Jr. 


W orner? briefly studied the embrittlement of 
titanium by mercury. He found that mercury will 
wet the titanium surface at 400°C in vacuo, if the 
specimen had been heated previously to 700°C to 
dissolve the oxide coating. Subsequent exposure to 
the atmosphere causes the mercury film to recede 
rapidly. Bending of the titanium specimen even 
after the mercury film has receded results ina 
brittle fracture. 

For the study of the embrittling effect of mercury 
on titanium, specimens 2 by 12 by 0.051 in. were 
cut from RC-130-A sheet, an alloy having a nominal 
8 pct Mn content and a mixed a-f structure. The 
specimens were stressed horizontally at a prede- 
termined value after which a plastic ring having a 
cavity /2 in. diam by 72 in. deep was placed on the 
specimen. The cavity was filled with mercury and 
a hole was drilled in the specimen through the pool 
of mercury. If the stress level was high enough, 
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fracture occurred instantaneously with the drilling. 
By repeating the test at different stress levels, the 
threshold stress can be determined. 

Mercury embrittlement causes a drastic reduc- 
tion in the ultimate tensile strength of this alloy 
from 132,000 psi to about 15,700 psi. The drilling 
of the hole, in the absence of mercury, does not 
change the tensile properties. Fig. 1 shows the 
typical fractures observed as a result of the em- 
brittlement of this alloy by mercury. The central 
portion of the fracture was brittle represented by 
the jagged region which appears to have occurred 
on the shear planes at about 45 deg to the stress 
axis. Ductile fracture, which is perpendicular to 
the stress axis, occurred near the specimen edges 
accompanied by a reduction of the specimen thick- 
ness. Examination of the fracture reveals that 
only in the brittle region does mercury wet the 


Fig. 1—Typical fractures of titanium alloy RC-130-A 
after inoculation with mercury. 
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surface. In this region, there is a certain amount 
of branching of the fracture cracks as well as a 
tendency for spalling around the bottom of the 
hole drilled through the pool of mercury. 

The author wishes to acknowledge support by the 
Office of the Chief of Ordnance, U.S. Army, under 
the technical direction of the U.S. Ordnance Ar- 
senal, Frankford, Philadelphia, Pa. 


AWorner: Bull. Inst. of Metals, 1956, vol. 2, p. 147. 


A Simple Device to Improve Uniaxial Load- 


ing in Compression Tests 


Wilhelm in der Schmitten 


A necessary condition for a uniaxial stress dis- 
tribution in compression testing is that the speci- 
men end surfaces make full contact with the ap- 
paratus compression plates. In addition all 
compression surfaces must be machined per- 
pendicularly to the loading axis. In general this 
condition is not sufficiently fulfilled in a simple 
apparatus. Therefore on application of the load 

the compression plate may first touch the specimen 
at one point only. This may cause crumbling of the 
specimen if the material under investigation is 
brittle (e.g., ionic crystals). It also precludes a 
precise study of the beginning of deformation as the 
effective cross sectional area is unknown. In addi- 
tion a complex stress state is set up which renders 
quantitative work impossible, e.g., on dislocation 
density and arrangement as a function of stress. 

To overcome these difficulties a ‘‘self-adjusting’’ 
upper compression plate is required. A simple and 
reliable method of achieving this is shown in Fig. 1: 
A steel hemisphere is placed on the specimen. As 
soon as the compression plate (which no longer 
needs precise machining) makes contact with this 
hemisphere the load is uniformly distributed over 
the whole specimen surface, and a homogeneous 
uniaxial state of stress results. 

An advantage of the method is that the loading is 
always central, even when the specimen surface is 
not parallel to the compression plate (Fig. 1, dashed 
line). Therefore to a first approximation a uniaxial 
state of stress is maintained if the misorientation of 
the specimen end surface is small. 

Two typical stress strain curves of identically 
prepared sodium chloride crystals are shown in 
Fig. 2; curve I was taken without and curve II with 
the hemisphere under otherwise identical condi- 
tions. The improvement in the accuracy of defining 
the beginning of elastic and plastic deformation is 
clearly indicated. 
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Fig. 1—Hemisphere as ‘‘self-adjusting’’ upper com- 
pression plate (making point of central loading inde- 
pendent of misorientations of specimen end surface). 
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Fig. 2—Stress strain curves of sodium chloride taken 
without (I) and with (II) hemisphere. 


The writer wishes to thank the Deutsche 
Forschungsgemeinschaft for financial support, and 
Professor P. Haasen for providing facilities for 
this work. 


Observations on the Ductility and Frac- 
ture of Recrystallized Chromium 


Rollin E. Hook, Attwell M. Adair, 
and Harry A. Lipsitt 


P AST experimental evidence has indicated that the 
brittleness of chromium is associated with inter- 
stitial solute elements, mainly nitrogen,’ and that 
the same chromium which exhibits room-tempera- 
ture ductility in the cold-worked condition shows no 
ductility upon recrystallization. The brittle frac- 
ture of chromium is reported to be almost entirely 
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Fig. 1—Recrystallized chromium bent at room tempera- 
ture, maximum fiber strain of 38 pct. X12. Reduced ap- 
proximately 47 pct for reproduction. 


transgranular in nature,’ ° and, although Smith and 
Seybolt* found intergranular fracture due to carbon 
and sulfur, the fracture of their bend test samples 
containing nitrogen was always transgranular. Ex- 
planations of the brittleness of chromium invoke 
Cottrell-locking,’ strain-induced precipitation,’ or 
amount and orientation of grain boundary im- 
purities’ as possible mechanisms for the cause of 
brittleness. The reciprocal effect of grain bounda- 
ries and plastic deformation in generating condi- 
tions contributing to stress concentration and 
ultimately to the initiation of brittle fracture is well 
known, particularly, in the case of the embrittle- 
ment of molybdenum by oxygen.° 

The present work involved the use of 0.040 and 
0.050 in. diam drawn wire prepared from elec- 
trolytic chromium by the Bureau of Mines, Albany, 
Ore. A typical analysis is as follows: 0 < 200 ppm, 
H = 8 ppm, N= 50 ppm. Although no carbon anal- 
ysis is available for this material, the Bureau of 
Mines chromium is claimed to contain less than 
100 ppm C—usually about 50 ppm. The as received 
0.040 in. diam wire was in acold-worked condition 
and could be bent 90 deg at room temperature with 
no incidence of fracture. However, upon a 2-hr re- 
crystallization anneal at 1150°C in vacuum, severe 


Fig. 2—Intergranular fracture in chromium showing idio- 
morphic phase. X500. Reduced approximately 42 pct for 
reproduction. 
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Fig. 3—Mating surfaces of intergranular fracture show- 
ing idiomorphic phase. X1500. Reduced approximately 
31 pct for reproduction. 


embrittlement occurred. The 0.050 in.-diam as- 
received wire was in the recrystallized condition 
and initially quite brittle. 

In order to produce single-crystal and very large 
grained polycrystalline specimens, 4-in. segments 
of these wires were annealed by resistance heating. 
An electric current was passed through the wires 
while in a chamber containing an argon atmosphere 
of 6 lb (gage). Although vaporization of the spec- 
imen was minimized by this procedure, a glass 
viewing window soon became coated, making optical 
temperature measurements rather uncertain. How- 
ever, occasional melt throughs occurred, indicating 
that the temperature was near the melting point. 
After annealing for times of 15 to 60 min, the spec- 
imens were rapidly cooled to room temperature by 
shutting off the power. One single-crystal segment 
of wire grown in this manner was bent to a maxi- 
mum fiber strain of 50 pct without fracturing at 
room temperature. It was found that the large- 
grained polycrystalline sections of the wires also 
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exhibited some ductility in bending. Fig. 1 shows a 
section of recrystallized chromium wire which was 
bent as a cantilever at room temperature. The 
maximum fiber strain is approximately 38 pct. 

Fracture surfaces of polycrystalline sections of 
both wire sizes bent to fracture were examined by 
the optical microscope. This examination revealed, 
in most instances, the occurrence of some inter- 
granular and mostly transgranular fracture. The 
intergranular fractures were observed to occur at 
and near the tension surface and appeared to be 
sites of initiation of fracture as indicated by the 
fanning out of river patterns from these sites as 
shown in Fig. 2. This fractograph shows an area at 
the tension side of a 0.050-in. diam wire which bent 
to a maximum fiber strain of approximately 14 pct 
before failure. The wire was composed of from six 
to eight grains through the cross section at this 
point. An interesting feature of the intergranular 
fracture surfaces is the appearance of an idio- 
morphic phase. This phase appears to have a cubic 
external symmetry and appears to be oriented with 
respect to the matrix. Fig. 3 shows the mating 
fracture surface at high magnification and reveals 
the correspondence between particles on one sur- 
face and holes on the other. The appearance of this 
idiomorphic phase at the grain boundaries and the 
observation of grain boundary initiated fracture 
suggests that solute segregation to grain boundaries 
may play a significant role in the brittle fracture of 
chromium. Efforts are now being made to identify 
this grain boundary phase and techniques are being 
developed to test these recrystallized wires in 
tension. 
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Thermal Expansion of Beta Titanium 


D, N. Williams 


Tue present study was undertaken with two specific 
objectives: measurement of the thermal-expansion 
coefficient of 8 titanium and examination of the ef- 
fect of solid-solution alloying on the thermal expan- 
sion coefficient. 

Four titanium alloy materials were available in 
the form of annealed 5/8-in. diam rod. Three of 
these, Ti-8V, Ti-20V, and Ti-6Al-4V, were pre- 
pared in the laboratory from 140 Bhn sponge. The 
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Table |. Alloy Materials Used in the Thermal-Expansion Studies 


Melting Beta Transus 
Composition, Temperature, Temperature, 
Wt Pct F F 
Unalloyed Ti (A-55) 3130 1620 
Ti-8V 3040 1420 
Ti-20V 2780 1200 
Ti-6Al-4V 2900 1825 


Table Il. Mean Thermal-Expansion Coefficients 
of Four Titanium Alloys 


Mean Linear Thermal-Expansion Coefficient, 
10-° per Deg F 


Temperature Ti Ti-8V Ti-20V Ti-6A1-4V 
Range, Heat- Cool- Heat- Cool- Heat- Cool- Heat- Cool- 
F ing ing ing ing ing ing ing ing 


68 to 200 4.3 4.0 4.8 5.0 5.0 Fo | a3 5.4 
200 to 400 5.3 5.0 5.0 5.4 5.2 5.3 5.4 5.4 
400 to 600 5.7 53 5.4 5.9 5.3 5.5 5.7 5.6 
600 to 800 5.8 5.8 5.6 so 5.6 59 5.9 5.8 
800to1000 5.9 5.9 5.8 6.0 6.0 6.4 6.2 6.2 

1000to1200 5.9 6.2 3.0 6.0 6.2 6.2 6.6 6.8 
1200to1400 5.8 6.6 2A 5.6 6.5 7.0 6.9 7.3 
1400to1600 5.0 7.6 5.0 42 6.7 7.4 5.4 7.6 
1600to1800 4.4 4.2 5.4 7.7 6.6 135-29 6.7 
1800to2000 6.2 6.9 5.8 7.5 6.7 77 6.7 7.0 
2000 to2200 6.6 7.8 Ure. 8.1 8.0 
2200 to 2400 6.5 7.9 6.7 7.8 7.7 8.2 7.7 8.2 
2400 to 2600 6.2 8.3 7.3 8.7 8.2 8.4 8.8 
2600 to 2800 - - - - 8.4 8.9 - - 


preparation of these alloys has been described ina 
previous publication.’ The fourth material, high- 
purity unalloyed titanium, was obtained commer- 
cially (A-55 grade). The melting point and f# transus 
temperature of these materials are given in Table I. 
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Fig. 2—A comparison of the thermal expansion coefficient 
of the 8 phase of four titanium alloys. 


Thermal-expansion measurements were made 
between room temperature and 2700° or 2800°F ina 
high-temperature dilatometer, described previously 
(Apparatus F),” which contained a sapphire plate and 
rod system. A vacuum of approximately 3 x 10 * mm 
of Hg was maintained around the samples during 
dilation runs. 

The mean thermal-expansion coefficients calcu- 
lated over 200°F temperature intervals are given 
in Table II. Results obtained on both the heating and 
cooling cycles are reported. These values approxi- 
mate the average slope of the expansion vs tempera- 
ture curve within the indicated 200° F temperature 
interval. The values obtained during heating and 
cooling were averaged and plotted graphically as 
shown in Fig. 1. A significant discontinuity was ap- 
parent in all samples near the f transus tempera- 
ture indicated by an arrow in Fig. 1. This discon- 
tinuity apparently results from the volume contrac- 
tion which occurs when the a modification of tita- 
nium transforms to 

The thermal-expansion coefficients of the 8 phase 
of the four alloys are compared in Fig. 2. 

Extrapolation of the data summarized in Fig. 2 to 
permit an estimate of the thermal-expansion coef- 
ficient of 8 titanium at room temperature does not 
appear justified. It is of interest to note, however, 
that for unalloyed titanium extrapolation of the @ 
and 6 thermal-expansion coefficients to the a-f 
transformation temperature (1620°F) in Fig. 1 
would suggest that the thermal-expansion coefficients 
are the same for both phases at this temperature, 
approximately 6.3 x 10 ° per degree F. 

As shown in Fig. 2, alloying has a significant effect 
on the thermal-expansion coefficient of § titanium, 
and also upon the temperature dependence of the 
thermal-expansion coefficient. Vanadium appears to 
raise both the magnitude and the rate of increase with 
temperature of the thermal-expansion coefficient. 
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Aluminum, based on the single alloy studied, also in- 
creases the magnitude of the thermal-expansion co- 
efficient, but reduces the rate of increase with tem- 
perature. The thermal-expansion coefficients of the 
B phase of these titanium alloys correlates reason- 
ably well with the melting temperatures given in 
Table I suggesting that an inverse relationship be- 
tween melting temperature and thermal-expansion 
coefficient may exist for solid-solution alloys simi- 
lar to that observed for pure metals. 
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Shock Loading to Produce Fine Grain 
Structure 


E. G. Zukas and R. G. McQueen 


Tue production of isotropic fine-grained ingot iron 
would be most useful since physical measurements 
associated with the elastic properties of iron are 
influenced by the size and orientation of the indi- 
vidual grains. This can be accomplished at present 
for small samples by established metallurgical 
procedures, but for large samples (in excess of 2 
in. diam by 1 in. thick) it is virtually impossible to 
produce reasonably small uniform grains with ran- 
dom orientation. Such pieces can, however, be pro- 
duced by impulsive loading followed by a suitable 
recryStallization treatment. 

The shock loading system employed is dia- 
grammed in Fig. 1. Here the 3/8-in. iron plate is 
accelerated by the plane-wave initiated high ex- 
plosive charge through a 1 5/8-in. air space. Col- 
lision of this plate and the specimen of interest 
generates a shock wave in excess of 300 kbars 
which passes through the specimen. For this type 
of work it is not necessary to use machined parts: 
for example, the ingot iron pieces are saw cut from 
the billet so that they can be inserted in short sec- 
tions of iron pipe. The recovered specimens are 
less distorted, however, if the air gap between the 
iron sample and pipe is filled with Woods metal. 

The dimensional changes resulting from this type 
of loading technique are minor, usually less than a 
10 pct reduction in thickness. Compressive yield 
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Fig. 1—Assembly for shock loading metal samples. 


tests indicated that the work added by the shock was 
equivalent to cold rolling to about 80 to 90 pct re- 
duction in area. 

A photomicrograph of a sample showing the orig- 
inal grain size of the material is shown in Fig. 2. 
The microstructure of a shock loaded piece (6 1/2 
by 6 1/2 by 2 1/2-in.) after annealing at 650°C for 
2 hr is shown in Fig. 3. The grain size distribution 
is uniform throughout the entire sample. Crystal 
orientation as determined by standard X-ray 
methods was completely random. Since the grain 
size of a recrystallized material depends on both 


Fig. 2—Microstructure of ingot iron before shock load- 
ing. X100. Reduced approximately 46 pct for reproduc- 
tion. 
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Fig. 3— of ingot iron loading 
to about 400 kbars followed by recrystallization at 650°C. 
X100. Reduced approximately 46 pct for reproduction. 


time and temperature, considerable control of the 
final grain size exists. 

The procedure is undoubtedly applicable to many 
other metals and alloys but new heat treating 
schedules would have to be determined. 


On Secondary Recrystallization in High- 
Purity Alpha Iron 


C. G. Dunn and J. L. Walter 


and Coulomb and Lacombe”* have re- 
cently discussed secondary recrystallization in soft 
iron (99.5 pet Fe). They found that the appearance of 
this phenomenon was dependent on both the presence 
of impurities and the thickness of sheet specimens. 
They concluded that impurities such as carbon, sul- 
fur, and oxygen in the soft iron stabilized the ma- 
trix structure and allowed growth of a few grains of 
specific orientations. They also found that secondary 
recrystallization ceased when the final thickness was 
small and attributed this complete inhibition of 
growth in thin sheet to the restraining action of 
thermal grooves. When purer iron (99.99 pct Fe) was 
used, normal grain growth but not secondary recrys- 
tallization was obtained. 

On the other hand it is known that the necessary 
stabilization of the matrix structure for secondary 
recrystallization in high-purity silicon iron probably 
does not depend on impurities but more likely re- 
sults from the specimen thickness effect of Beck 
et al.,* according to evidence and ideas advanced by 
Walter and Dunn, 6 and Detert.” Furthermore, 
Mullins® has indicated that if a gas-metal surface 
energy difference exists across a grain boundary 
equal to or greater than about 3 pct of the grain 
boundary energy, then such a grain boundary should 
not become stuck. Similarly, Walter and Dunn have 
estimated that any increase in restraining force due 
to increased thermal grooving with decrease in 
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Fig. 1—Iron specimen after 112 hr at 875°C in a hydrogen 
atmosphere. Macroetch. X3. Reduced approximately 23 
pet for reproduction. 


thickness in iron specimens should probably be off- 

set by an increase in driving force, the surface en- 

ergy part varying inversely with the thickness of the 
specimen.° 

In the present note we show that secondary recrys- 
tallization can occur in 99.99 pct Fe. 

Cold-rolled strip, 0.0025 in. (0.065 mm) thick, was 
produced from an ingot of high-purity electrolytic 
iron. The final reduction in thickness was 75 pct. An 
atmosphere of pure dry hydrogen was used in the 
intermediate anneals, which were at temperatures 
below 910°C. Hydrogen with a H,O/H2 pressure ratio 
of about 107° was used in final isothermal anneals at 
875°C. 

A large-grained structure typical of results ob- 
tained by secondary recrystallization is shown in 
Fig. 1. The large grains have the (110)[001] orien- 
tation. There are, however, an appreciable number 
of annealing twins within the (110) grains and these 
have a (114) plane in the plane of the sheet. 

A portion of a large (110)[001] secondary grain in 
a matrix of small two-dimensional grains is shown 
in Fig. 2. The surface is in the annealed condition 
except for a thin low-temperature oxide film from a 
heat tint added to provide additional contrast in the 
photograph. The boundaries of matrix grains are 
delineated by v-shaped thermal grooves and often by 
a slight change in color of adjoining grains caused by 
differences in thickness of the oxide film. Within the 
visible area of the secondary grain, which is the 
large, light region in the figure, there are discernible 
former boundaries of the consumed matrix grains 
and of the growth front. The darker area at the 
growth front, which protrudes into the (110) second- 
ary, is a (114) oriented crystal and a {112} twin of the 
secondary grain. 


Fig. 2—Microstructure of surface after 7 hr at 875°C in hy- 
drogen. Heat tinted fer about a minute at 350°C in air. X100. 
Reduced approximately 12 pct for reproduction. 
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Annealing twins have been observed at widely sepa- 
rated parts of the growth front (both at grain corners 
and at single boundaries) and also as island crystals 
within the large secondary. They formed, therefore, 
during the period of growth after primary recrystal- 
lization. The fact that iron, a bcc lattice, can have as 
many as three {112} twin interfaces and thus can have 
a low interfacial energy for the closure boundary may 
be important to the mechanism of twinning at a single 
boundary. 

Observations on thermal grooving of boundaries of 
both the matrix grains and the growth fronts of (110) 
secondaries as a function of annealing time indicate 
that increase of grooving of matrix grain boundaries 
with time tends to produce sticking and irregular 
migration along the growth front. Furthermore, 
examples were seen of migration with straight or 
slightly convex fronts (Fig. 2 shows only concave 
fronts), which may be interpreted as evidence of a 
difference in (hkl) surface energy across the bound- 
ary. A lower surface energy in the (110) surface 
than in other (#kl) surfaces would favor continued 
growth of (110) grains and would be in agreement 
with the surface energy results obtained in high- 
purity silicon iron annealed either in hydrogen or 
vacuum at 1200°C.°° 

The above observed tendency toward boundary 
sticking and the present state of knowledge about 
the effects of specimen thickness and of impurities 
suggest that complete inhibition of growth could be 
expected with a substantial increase either in speci- 
men thickness or in the amount of impurities, or 
both, Whether there is a thickness range such that 
no secondary recrystallization can occur* (i.e. be- 


*Secondary recrystallization in a strong texture matrix should be ex- 
cluded from this consideration. 


tween thin specimens with no or very low amounts of 
impurity and thick specimens with definite amounts 
of impurity) is not known. Whether Coulomb inves- 
tigated the 99.99 pct Fe only in an ‘‘unfavorable’’ 
thickness range where growth might be restricted 
to normal grain growth also is not known (the thick- 
ness range studied’ was not specified for the purer 
iron). The present results in contrast to those of 
Coulomb and Lacombe show that secondary recrys- 
tallization can occur in high-purity iron if the ma- 
terial is in the form of thin sheet. 


1P, Coulomb: Metaux, 1960, vol. 35, pp. 1, 66. 

?P. Coulomb and P. Lacombe: Compt. rend., 1959, vol. 148, p. 964. 

3P. Coulomb and P. Lacombe: Discussion, Tertiary Recrystallization in Sili- 
con Iron, Trans. Met. Soc. AIME, 1960, vol. 218, p. 366. 

“P. A. Beck, J. C. Kremer, J. L. Demer, and M. L. Holzworth: Trans. Met. 
Soc. AIME, 1948, vol. 175, p. 372. 

5J. L. Walter and C. G. Dunn: Trans. Met. Soc. AIME, 1959, vol. 215, p. 465. 

°C. G. Dunn and J. L. Walter: Trans. Met. Soc. AIME, 1960, vol. 218, p. 448. 

7K. Detert: Acta Met., 1959, vol. 7, p. 589. 

®W. W. Mullins: Acta Met., 1958, vol. 6, p. 414. 

°C. G. Dunn and J. L. Walter: Authors’ reply, Ref. 3. 
103. L. Walter and C. G. Dunn: J. Metals, September 1958, p. 573. 
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On the Role of Strain Hardening in the 
Plastic Range Fatigue 


Dogan E, Gicer 


In the following note, with the help of a new param- 
eter of strain hardening, the attention is drawn to the 
close relationship between the relative performances 
of steels under plastic range cycling and their strain 
hardening characteristics. 

If a cantilever beam of rectangular cross section 
is tested with the arrangement shown in Fig. 1 in re- 
versed bending between constant deflection limits at 
the lever head, the longitudinal strain-deflection hys- 
teresis shown in Fig. 2 is obtained. There is no 
lateral strain due to constraint at the rectangular 
test section.’ If the absolute value of strain under- 
gone between a maximum state of tension and maxi- 
mum state of compression is called A, it will be 
seen that A decreases with cycling rapidly due to 
the strain hardening in the test section and the en- 
suing change in the bent beam profile. It will also be 
seen that A reaches an approximately stable value 
around 10th cycle. If we call the first cycle strain 
range, A,, and that of 10th cycle, Ajo, then 


= A, Ajo 


is an index of the strain hardening capacity at a par- 
ticular deflection level. A plot of 7 vs A, is repro- 
duced in Fig. 3 for two ASTM steels: A-302 and 
A-201. A-302 is a low alloy structural steel, A-201 
a low-carbon steel. The specimens were first nor- 
malized at 1650°F for 75 min then grooved with a 
milling cutter; and the notches were ground to 50G 
finish. The final operation before testing was a 
stress relief at 1150°F for 75 min. The behavior of 
the two steels changes around A, = 0.8 pct or A,,=A, 
-7 = 0.7. If these curves are compared with the en- 
durance life curves given in Fig. 4, it will be seen 
that the relative performance of the two steels also 
change around A,, ~ 0.70 pct. The steel with lower 
strain hardening capacity (n) at a certain strain level 


_~Collimator 

Lever Head 7 
f Vise 


| 


Optical Strain Gage 


Rubber Band 


Fig. 1—Experimental arrangement for longitudinal strain 
measurements. 
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of Engineering, Brown University, Providence 12, R. |. 
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Fig. 2— Longitudinal strain-deflection hysteresis. Change 
of strain range A and residual strain range 6. With cycling. 


shows a longer endurance life, irrespective of their 
strength levels. 

Since the exponent governs strain hardening at 
lower strain levels than the Modulus, the relative 
values of both parameters also coincide with the 
change in 7 values and the relative performances of 
the two steels at different strain levels. These two 
observations indicate to the close relationship be- 


Biaxial Yield Strain Hardening Uniaxial 

Steel Strain Range, Exponent, Sec. Modu- Yield, 

Pct n lus, Psi Psi. UTS, Psi. 
A-302 0.50 0.16 69,000 58,000 78,000 
A-201 0.40 0.22 55,000 36,000 58,000 

| ] T T T 
0.40}- 
0.30;- 
7) %e 
0.10 ves Ronge 
A20! Yield Range 


First cycle strain range, A ,% 
Fig. 3—Change in strain range with cycling for two steels. 
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tween strain hardening and plastic range fatigue be- 
havior. 


1J. H. Gross, D. E. Gucer, and R. D. Stout: Plastic Fatigue Strength of Pres- 
sure Vessel Steels, Welding J., vol. 33, Research Supplement, pp. 31-s to 39-s. 


The Effect of Nickel on the Chromium 
and Carbon Relationship in Stainless Steel 
Refining 


A, Simkovich and C. W. McCoy 


Tue relationship among chromium, carbon, and tem- 
perature during the oxidation period of stainless 
steel melting was developed by Hilty et al.'~* whose 
studies were confined to plain chromium stainless 
steels. The simplified version of their relation is 
given by the equation: 


%Cr _ -13,800 
log = + 8.76 [1] 


where the equilibrium concentration of carbon and 


A. SIMKOVICH, Student Member AIME, formerly Staff 
Metallurgist, Process Research Laboratory, Crucible Steel Co. 
of America, Pittsburgh, Pa., is now a graduate student at 
Carnegie Institute of Technology, Pittsburgh, Pa. C. W. 
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chromium in the liquid metal at oxygen saturation is 
expressed in weight percent, and T is the absolute 
temperature of the bath in degrees Kelvin. 

Although Eq. [1] was derived from data obtained 
from experiments with plain chromium steels, it is 
often applied to stainless steels containing nickel. 
Richardson‘ had speculated that high concentrations 
of nickel in steel would raise the carbon activity 
coefficient, and Fuwa and Chipman’ recently pub- 
lished data in which they showed this effect of nickel 
on the activity coefficient of carbon in the ternary 
Fe-Ni-C system. On this basis one might expect 
some variation in Eq. [1] when nickel is in the bath. 
This study was performed to establish a quantita- 
tive correction to Eq. [1] which would account for 
the effect of nickel. 

Experiments were made in 25-lb magnesia cru- 
cibles in a 30-lb capacity induction furnace. The 
charge materials consisted of low- and high-carbon 
ferrochrome, Armco iron, electrolytic chromium, 
and nickel shot. Temperatures were measured with 
calibrated platinum-platinum + 10 pct Rh thermo- 
couples, and are estimated to be accurate within 
+7°C, 

Samples of the bath were taken by drawing 25 to 
30 g of the alloy into a silica sheath with a rubber 
aspirator bulb and then plunging the sheath and the 
Pin into water. These pins were crushed or ma- 
chined for chemical analyses. 

The procedure in each heat was to melt the charge, 
and hold the bath at about 1580°C for approximately 
1/2 hr to permit equilibrium between the bath and 
the chromium-bearing slag formed by reaction with 
the atmosphere. A range of 7 to 10 pct Cr in the 
bath was chosen as typical of the level obtained in 
actual practice after oxidation. A sample was taken, 
and 15 min later, a second sample was pulled. Sub- 
sequently, oxygen, under a pressure of 10 psi, was 
injected into the bath through a 1/2 -in.-diam silica 
tube for approximately 10 sec, thereby oxidizing 
carbon and chromium and raising the bath tempera- 
ture 25 to 30 deg. Again the procedure of holding 
and sampling, as outlined above, was followed. 

Usually three such injections of oxygen, each 
followed by the sequence of holding and sampling, 
were made per heat. Temperature of the bath was 
held relatively constant during the holding periods 
after each injection by taking thermocouple readings 
at 2-min intervals and correcting minor fluctuations 
in temperature by slight adjustments of power input 
to the furnace. 

A summary of the chemical analyses and the 
measured and calculated bath temperatures is given 
in Table I, The temperatures listed under T,, are 
the ones measured experimentally; those listed un- 
der the Columns 7, and 7; were calculated from the 
analytical results and, respectively, from Eq. [1] 
established by Hilty and Eq. [3] based on the present 
work as shown below. 

A study of Table I shows that as the nickel content 
in the steel increases, the difference between 7,,, the 
measured temperature, and 7,, the temperature cal- 
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Table |. Summary of Chemical Analyses and Measured and 
Calculated Temperatures 


Temperature, °K 


Test Sample Alloy Analysis, Pct Tm Calc. by Calc. b 
No. No. C Cr Ni Measured Eq. (1) Eq. [3 
A-l 1 0.42 916 - 1863 1861 1861 
2 030 89 -— 1898 1895 1895 

B-l 1 0.33 8.95 4.13 1879 1883 1867 
2 0.23 848 418 1914 1919 1903 

3 016 8.06 4.22 1951 1955 1939 

B-3 1 0.24 9.86 8.36 1895 1933 1900 
2 0.22 9.14 8.42 1892 1933 1899 

0.21. 1894 1938 1905 

4 0.18 858 8.40 1928 1949 

5 017 8.45 8.42 1926 1954 1920 

6 0.17 842 8.47 1927 1953 1919 

7 013 7.73 8.68 1956 1975 1940 

8 0.11 7.61 8.61 1955 1994 1960 

B-4 1 0.18 9.50 12.25 1914 1961 1911 
2 018 9.16 12% 1916 1957 1906 

0.18 8.97 1919 1954 1906 

4 0.14 859 12.16 1939 1979 1930 

5 0.13 857 12.33 1946 1988 1938 

6 013 8.56 12.37 1947 1988 1938 

7 0.12 8.50 12.09 1952 1997 1948 

B-5 1 0.19 9.11 16.46 1877 1949 1881 
2 0.19 8.97 16.27 1882 1948 1881 

3 0.16 8.97 16.54 1882 1968 1900 

4 0.14 8.53 16.40 1907 1978 1911 

5 0.13 842 16.50 1910 1986 1918 

6 0.12 8.38 16.56 1909 1995 1927 

7 0.098 7.85 16.62 1955 1945 

8 0.095 7.75 16.63 1955 2015 1947 

9 0.090 7.58 16.52 1950 2019 1951 

B-6 1 0.18 9.32 20.29 1883 1987 
2 0.14 9.14 20.18 1885 1987 1904 

3 0.12 8.65 20.07 1921 1999 1916 

4 O11 8.55 20.02 1921 2009 1927 

5 O11 8.49 20.05 1923 1925 

6 0.082 7.83 20.27 1948 2035 1951 

7 0.078 7.69 20.21 1949 1957 

8 0.07% 7.73 20.11 1950 2044 1961 


culated by means of Eq. [1] increases. A least 


squares fit gave the following statistically significant 


equation describing that difference: 


Ty, T, = 1.79 4.21 [% Ni] 


Substituting the value of 7, from Eq. [2] into Eq. [1] 
gives a modified form of Hilty’s equation which now 


has the necessary correction for nickel: 


[2] 


2000 T T | T T T 
° 4 
4 
3 
+f ° 1 
° e a 
ty 
5 
1900 © Equation (3), 20% 
ge x (1) = O%Ni 
1850 1900 1950 2000 2050 


T, or T3— Calculated Temperature, °K 


Fig. 1—Measured temperature vs calculated temperatures. 
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log 13,800 
SC 7 % Ni] 


The constant 1.79 has been dropped as it represents 
a negligible change in Hilty’s original equation at 0 
pct Ni and in fact, is well within the limits of experi- 
mental error. 

Table I and Fig. 1 show that the temperatures T, 
calculated by Eq. [3] are in good agreement with the 
measured temperatures, particularly in view of the 
error in the calculations caused by small carbon 
analytical errors in the range of 0.10 pct C or less. 
Here a variation of 0.01 pct C in analysis results in 
a change of approximately 15 deg in the calculated 
temperature. 


+ 8.76 [3] 


1D. C. Hilty: AJME Trans., 1949, vol. 185, p. 91. 
2D. C Hilty, G. W. Healy, and W. C. Crafts: AJME Trans., 1953, vol. 197, 
p. 649, 
3D. C. Hilty, H. P. Rassbach, and W. C. Crafts: J. /ron Steel Inst., 1955, vol. 


vol. 180, p. 116. 
‘F. D. Richardson: J. Jron Steel Inst., 1953, vol. 175, p. 33. 
ST. Fuwa and J. Chipman: Trans. Met. Soc. AIME, 1959, vol. 215, p. 708. 


Surface Graphitization of a Hypereutectoid 
Iron-Carbon Alloy 


G. R. Speich 


Recent studies by Smith and Olney,”’* Olney,’ 
Greifer and Salli,* Rys etal.,° and Olney and Smith® 
have established that graphite is the first decompo- 
sition product to form at the surface of hypereutectoid 
plain-carbon steels when they are austenitized in a 
vacuum or inert atmosphere and slowly cooled. This 
graphite evidently forms directly from the austenite 
and only at the surface of the specimen. The interior 
of the specimen is found to be free of graphite. The 
graphite layer can almost completely cover the 
specimen surface and the rate of its formation is 
markedly sensitive to the orientation of the austenite. 
The present work was undertaken to study this phe- 
nomenon further, especially with regard to the effect 
of temperature and austenite orientation. 

The material studied in this work was a high-pur- 
ity iron-carbon alloy containing 0.88 pct C, 0.005 pct 
Mn, 0.016 pct Si, 0.005 pct S, and 0.002 pct P. Speci- 
mens were heat-treated in a commercial hot stage 
modified for rapid quenching.” This permitted direct 
observation of the formation of the surface graphite. 
A vacuum of 107* to 107° mm of Hg prevented oxida- 
tion or decarburization of the specimens. 

Specimens were austenitized for 30 min at 1100°C 
and quenched to a series of lower temperatures 
where they were isothermally transformed. Surface 
graphite was observed to form at 700°, 750°, and 
780°C but not at 825°, 900° or 1000°C. Since the 
maximum solubility of austenite for graphite is 0.88 
pet C at 800°C,°* surface graphite only forms at tem- 
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graphite formed in a 0.88 pet C iron-carbon alloy at 706°C 
(3 min). 


peratures below the austenite solubility limit for 
graphite. At 650°C the rate of formation of pearlite 
was so fast that the austenite was consumed before 
any surface graphite formed. Surface graphite was 
also formed in specimens cooled to room tempera- 
ture at rates slower than 100°C per sec. The for- 
mation of the surface graphite was found to be a re- 
versible process as it dissolved when the specimen 
was heated above the graphite solubility limit and 
reformed when cooled below it. 

Microscopic examination of the specimens at room 
temperature indicated that the rate of surface graph- 
itization was markedly sensitive to the orientation 
of the austenite as reported by earlier investi- 
gators.** The rates of graphitization on either side 
of a twin boundary were so different that in some 
cases the twinned area appeared completely graph- 
itized while the untwinned area was completely free 
of graphite. In some instances, where the bulk of 
the austenite grain was not graphitized, heavy graph- 
itization was observed at the thermal grooves of 
existing or former grain boundaries where the con- 
tour of the surface was altered. 

In order to investigate the reason for this orienta- 
tion dependence, the orientation of a number of aus- 
tenite grains from a specimen graphitized at 706°C 
was determined from the traces of two different an- 
nealing twins in two surfaces mutually perpendicular 


220 


Fig. 2—Electron diffraction pattern of surface graphite 
formed in a 0.88 pet C iron-carbon alloy at 706°C. 
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Fig. 1—Effect of surface orientation on the amount of surface 


2.452 


O IRON ATOMS, AUSTENITE (III) PROJECTION 

@ CARBON ATOMS, GRAPHITE BASAL PLANE PROJECTION 
Fig. 3— Lattice matching of austenite (111) plane and 
graphite basal plane for a 0.88 pet C iron-carbon alloy 
at 706°C. 


to each other. The amount of graphite on these sur- 
faces was then visually estimated from photomicro- 
graphs. The relationship between the austenite orien- 
tation and the amount of surface graphite is shown in 
Fig. 1. Surfaces whose orientation was near (111) 
were the most heavily graphitized. Surfaces which 
contain little or no graphite have an orientation near 
(100), the furthest from (111). A similar result has 
been reported by Olney and Smith. © 

The orientation of the graphite layer with respect 
to the free surface was determined by extracting the 
graphite from a specimen graphitized at 706°C by 
dissolving the iron with an iodine solution and using 
an evaporated amorphous carbon film to support the 
graphite. An electron diffraction pattern from this 
stripped graphite is shown in Fig. 2. The orientation 
of the graphite is such that the basal plane of the 
graphite layer is parallel to the free surface. This 
orientation of the graphite layer was found for all 
the specimens studied. 

The explanation of the marked orientation sensi- 
tivity of the surface graphitization rate evidently 
lies in the close matching that exists between the 
graphite basal plane and the austenite (111) plane as 
suggested by Olney and Smith.® The low energy of 
this interface leads to a high nucleation rate of sur- 
face graphite for this particular orientation. A (111) 
projection of the austenite (0.88 pct C, 700°C) with 
the basal plane of the graphite lattice superimposed 
on it in such a way as to obtain the best possible fit 
is shown in Fig. 3. The lattice parameter of aus- 
tenite containing 0.88 pct C at 700°C was estimated 
to be 3.64A from the work of Esser and Muller.” 
The lattice parameter of graphite was assumed to be 
the same as at room temperature since thermal ex- 
pansion of the graphite lattice normal to the hexa- 
gonal axis is negligible.’° The best fit between the 
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two lattices occurs when (111),!! (001)g and [101] 


[100]¢. With this orientation relationship, the carbon 


atoms of the basal plane layer of graphite fit into the 
positions which iron atoms would normally fill in the 
ABC stacking sequence except that both the B and C 
positions are filled by the first graphite layer. The 


separation of these positions is 1.48A onthe austenite 


(111) plane while the interatomic distance between : 
carbon atoms in the basal plane of graphite is 1.42A, 
only a 4 pct misfit. 

The orientation relationship suggested above is in 
agreement with the observation that the basal plane 
of the graphite layer is parallel to the free surface 
and that the (111) planes of the austenite are those 
most heavily graphitized. Unfortunately, the direc- 
tional parallelism suggested could not be directly 
verified since it was not possible to match the orien- 
tation of the graphite with the austenite immediately 
below it. However, this directional parallelism is 
the only one that leads to a good fit between the aus- 
tenite (111) and graphite basal planes. 

1G. C. Smith and M. J. Olney: Research, 1950, vol. 3, p. 194. 


2G. C. Smith and M. J. Olney: Research, 1951, vol. 4, p. 437. 
3M. J. Olney: Metal Treatment and Drop Forging, 1952, vol. 19, p. 347. 


‘E. Z. Greifer and J. V. Salli: Doklady Akad. Nauk SSSR, 1954, vol. 97, p. 633. 
5P, Rys, L. Bezdek, K. Ciha, D. Ruzicka, and J. Skarek: Acta Technica, 1958, 


vol. 1, p. 58. 
°M. J. Olney and G. C. Smith: J. /ron Steel Inst., 1959, vol. 193, p. 107. 
7G. R. Speich and R. L. Miller: Rev. of Sci. Inst., 1960, vol. 31, p. 658. 
®R. P. Smith: Trans. Met. Soc. AIME, 1959, vol. 215, p. 954. 
°H. Esser and G. M. Muller: Archiv. Eisenhuttenw., 1933, vol. 7, p. 265. 
J. B. Nelson and D. P. Riley: Proc. Phys. Soc., 1945, vol. 57, p. 477. 


Viscous Shear as an Agent for Grain 
Refinement in Cast Metal 


F, A. Crossley, R. D. Fisher, and A. G. Metcalfe 


An investigation of the application of magnetic 
stirring to the consumable arc melting of aluminum 
and nickel demonstrated that grain refinement could 
be obtained when there was sufficient stirring force. 
Also, it was found that grain refinement could be 
obtained in aluminum by alternately reversing the 
polarity of the current through the magnetic stirring 
coil. The effect of the latter was to periodically re- 
verse the direction of rotation of the molten metal.’ 
Because of their promise, these findings were ap- 
plied to conventionally cast aluminum. Shortly 
after this work was begun, Kondic’ reported experi- 
ments in which aluminum cast with 40°C (72° F) of 
Superheat exhibited a grain size of 10 to 20 grains 
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Fig. 1—Grain refinement of cast aluminum through the = te ee 
application of magnetic stirring. All ingots poured at ae 
1600°F. Left: normal casting; center: current of 200 
amp flowing during solidification; right: current of 

200 amp and 5000 amp-turns magnetic field applied 
during solidification. X1/2. Reduced approximately 

48 pet for reproduction. 

per cm’, When interrupted rotation was applied 
during solidification by mechanical means, a grain 
size of 800 to 1000 grains per cm’ was obtained. ae 

Magnetic Stirring Applied to Conventional Casting— 
The applicability of magnetic stirring to producing 
grain refinement in conventionally cast metal was 
evaluated in the following way. Three pounds of 
aluminum were cast into a clay-bonded graphite 
mold. The mold was surrounded by a magnetic Se 
stirring coil of 1000 turns. A direct current of aoe e : 
200 amp was passed through the casting by means cy es, 
of a graphite electrode which was immersed from 
the top. A current of 5 amp was passed through the 
stirring coil. The aluminum (1100 or 2S) was su- 
perheated to 1600° F (871°C) and fluxed by passing 
chlorine gas through the melt for 2 min prior to aie 
casting. Two additional castings were made for a 
comparison: 1) a conventional casting of metal 
superheated to 1600° F and 2) a similar casting 
through which 200-amp current was passed during eae 
solidification, but without current in the magnetic a 
coil. Macrosections of these three ingots are shown : 
in Fig. 1. Very remarkable grain refinement re- ae 
sulted in the magnetically stirred casting. It may 
be noted that the casting through which 200-amp 
current was passed has a coarser structure than 
the conventional casting. It would appear that this 
is due to the additional heat input generated by the 
current to the former casting. 

Mechanical Rotation Applied to Conventional 
Casting—A casting temperature of 1600° F was used be 
throughout. Some 17/2-lb castings rotated at 150 rpm 2 
were predominantly columnar with small areas of 2 
coarse, equiaxed grains close to the lower mold wall. 
Following these, a series of 3-lb castings was made. 
Macrosections of these ingots are shown in Fig. 2. 
The imposed rotational speed was 250 rpm. Tur- 
bulence or acceleration in the solidifying liquid was 
the significant factor. Fine grain size resulted in 
the material solidified during the period of ac- 
celeration of the liquid to the imposed rotational 
speed. When uniform rotational motion was 
achieved, the grain structure reverted to colum- 

The final casting shown in the lower right- 
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Fig. 2—Application of rotational motion to aluminum 
casting. Upper left: static casting; upper right: ro- 
tation started 4 sec after casting; lower left: rotation 
started 15 sec after casting; lower right: rotation 
stopped for 1 sec every 10 sec. X2/3. Reduced approx- 
imately 42 pct for reproduction. 


hand corner was produced by not permitting ro- 
tational equilibrium to be reached during the entire 
solidification; as a consequence, this casting was 
fine grained throughout. Other experiments showed 
that when solidification started after rotational speed 
had been reached, the grain structure was the same 
as for a static casting. 

The results suggested that viscous shear is im- 
portant to the nucleation mechanism. In order to 
estimate the magnitude of viscous shear, an anal- 
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Fig. 3—Viscous shear vs time at various radii for molten 
aluminum rotated in a cylindrical vessel of 8 cm diam. 
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ysis was made of what happens to a fluid at rest in 
a cylindrical container when the container is ro- 
tated.* The physical properties of molten high- 
purity aluminum at the freezing temperature, 
laminar flow, a container 8 cm in diam, and in- 
stantaneous change from rest to 250 rpm of the 
container were assumed. A value of 45 cp for 
viscosity was assumed. Yao and Kondic reported 
values of 29.5 and 25.7 cp for 99.35 purity aluminum 
at 662.5°C.* The results shown in Fig. 3 relate 
viscous shear to time at various radii. 

If it is assumed that the solidification front of 
the ingot shown in the upper right-hand corner of 
Fig. 2 progressed in a linear manner, then, based 
upon the total solidification time, the extent of the 
fine-grained zone (at 4-cm mold radius) corres- 
ponds to about 13 sec on the abscissa of Fig. 3. 
Assuming that the solidification front progresses 
in a parabolic manner, then the extent of the fine- 
grained zone corresponds to less than 3 sec. Since 
solidification progresses in a manner more like a 
parabolic than a linear relation with respect to time, 
it is evident that the grain-refined zone solidified 
under conditions of high viscous shear. Also, it is 
apparent that the viscous shear gradient never 
reaches high values beyond about 1 cm from the 
mold wall. 

The maximum viscous shear for the 3.6 cm ra- 
dius, 5 x 10°* g per cm’, corresponds to a velocity 
gradient of about 100A per sec per A. It is obvious 
that the relative motion of adjacent layers of molten 
atoms is significant. 

In magnetic stirring a high-velocity gradient is 
produced in the layers of rotating liquid at the solid- 
liquid interface since the solid is stationary. Sec- 
ondary effects are perhaps produced by a variable 
current density reacting with a relatively uniform 
magnetic field. The current flowing through the 
molten metal may be divided into two components— 
one radial, the other downward. The current den- 
sity of the radial component varies inversely with 
the radius. The downward component produces no 
force since it is parallel to the magnetic field. As 
a consequence, the force causing acceleration of 
the liquid varies from point to point along the radial 
direction. 

In summary, cast aluminum can be grain refined 
by solidifying under conditions of rotational accel- 
eration produced by magnetic stirring or mechan- 
ically. It is proposed that viscous shear in the 
liquid has a significant effect on the nucleation 
mechanism. 

The authors wish to thank Mr. W. Ross for his 
assistance in the experimental work. 
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